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eingereicht am: 17. Dezember 2003
Tag der mündlichen Prüfung: 1. Oktober 2004



Abstract

In this work the structure of (1100)M-plane GaN epitaxially grown on γ-LiAlO2(100) by using plasma-
assisted molecular beam epitaxy (PAMBE) is studied. The heteroepitaxial alignment and the microstruc-
ture of M-plane GaN as well as the defect formation in the layer are systematically investigated by using
transmission electron microscopy (TEM).

GaN is well known as optoelectronic material which contains all kinds of crystal defects in its epilayers.
Threading dislocations (TD) and planar defects are the common extended defect types which are detected
in epitaxially grown GaN layers in the [0001] orientation. These defects if crossing the active layer do
affect the optical or electrical properties in the GaN based semiconductor materials. An introduction of
the characteristic properties of these defects such as the Burgers vector for TD and displacement vectors
of planar defects is presented.

TEM is the most powerful technique used to investigate extended crystal defects because one can directly
observe the defects with a spacial resolution down to atomic scale. The kinematical theory of electron
diffraction contrast and the phase contrast approximation applied in high-resolution TEM (HRTEM) are
briefly outlined.

The γ-LiALO2 substrate reacts under irradiation of high-energy electrons in the TEM (200-300 keV).
The material looses its original crystalline structure during this process undergoing irradiation damage
followed by a phase transformation as it is verified by a series of selected area diffraction patterns taken
under constant electron dose. The result is a structural phase transformation from the tetragonal γ to
the trigonal α phase. The irradiation damage process is however not finished until a hole is finally
formed. The mechanical and chemical instability of the substrate material can not be avoided at our
experimental conditions. It will affect adversely the TEM study of the M-plane GaN layer and especially
limit the application of high-resolution TEM (HRTEM). However, we still get enough information for
characterizing the structural properties of M-plane GaN.

The atomic interface structure of epitaxially grown hexagonal α-GaN(1100) layers on tetragonal γ-
LiAlO2 (100) substrates is investigated by means of HRTEM. The novel epitaxial orientation relationship
verified by electron diffraction is given by (1100)GaN parallel to (100)γ-LiAlO2 and [1120]GaN parallel
to [001]γ-LiAlO2. The interface structure that controls the heteroepitaxial growth is studied by semi-
quantitative HRTEM. We propose a model for the interfacial atomic arrangement derived from HRTEM
images, in which strain and chemistry contributions are considered and we discuss it with respect to the
other epitaxial orientation found in the literature for this hetero-system. We study the strain state of M-
plane GaN films by using selected area diffraction pattern (SAD) and X-ray diffraction. The measured
lattice expansion out-of-plane is the result of almost complete in-plane coherent strain.

The defect structure of M-plane GaN epilayers grown on γ-LiAlO2(100) substrates is different to that
of C-plane GaN. Our detailed TEM studies reveal that the M-plane layers mainly contain intrinsic I1

and I2 and extrinsic E basal plane stacking faults. The dominant I2 stacking fault has no out-of-plane
displacement vector component and is thus not qualified for epitaxial strain relief along the [1120] axis.
Beyond this, a complex type of planar defect is detected in the (1010) prism plane which is inclined with
respect to the interface. This prism plane boundary is connected to stacking faults intersecting the whole
sample. Its displacement vector is determined to be placed in the prism plane along the c axis and is
thus also not responsible for strain relief along the c axis. Threading dislocations with Burgers vector a
are dissociated into Shockley partials. The origin of the defect microstructure is related to the substrate
surface morphology rather than the misfit strain induced.

The defects in M-plane GaN epilayers are generated during the initial deposition stage of heteroepitaxial
growth. The study of nucleation samples shows that the surface morphology is directly correlated to



the generation of the dominant planar defects. Atomic steps along the [001] direction in the γ-LiAlO2

substrate result in the formation of basal plane stacking faults I2. Two different wetting stages are found
in the M-plane GaN nuclei based on different interfacial atomic configurations. The coalescence of both
nuclei give rise to the formation of the prism plane boundaries. The intersecting network of faults located
in the prism plane and basal plane are generated during the last stage of islands coalescence.

Keywords: gallium nitride epitaxy, GaN, epitaxy, transmission electron microscope, transmission elec-
tron microscopy, threading dislocation, stacking fault, domain boundary, nucleation, Burgers vector,misfit
strain,displacement vector



Zusammenfassung

Die vorliegende Arbeit beschäftigt sich mit dem strukturellen Aufbau von (11̄00) M-plane GaN, das
mit plasmaunterstützter Molekularstrahlepitaxie auf γ-LiAlO2(100) Substraten gewachsen wurde. Die
heteroepitaktische Ausrichtung einerseits, sowie die Mikrostruktur und die Erzeugungsmechanismen
der Defekte andererseits, wurde mit der Transmissionselektronenemikroskopie (TEM) systematisch un-
tersucht. GaN ist bekannt als ein wichtiges Material für die Optoelektronik, das alle Arten von Kri-
stallbaufehlen in seinen epitaktischen Schichten enthält. Sogenannte Durchstoßversetzungen und planare
Domänengrenzen gehören zu den üblichen Typen von Baufehlern, die in den entlang [0001] Richtung
gewachsenen Epitaxieschichten gefunden werden. Falls diese Defekte die aktive Schicht durchdringen,
beeinträchtigen sie in erheblichem Masse die optischen und elektrischen Eigenschaften der auf GaN-
basierenden Halbleiterbauelemente. Wichtige charakteristische Eigenschaften dieser ausgedehnten De-
fekte werden vorgestellt, z.B. die Burgers-Vektoren der Versetzungen, und die Verschiebungsvektoren
der zwei-dimensionalen Baufehler.

TEM gehört zu den leistungsfähigsten Experimentiertechniken, um ausgedehnte Kristallbaufehler zu un-
tersuchen, da diese Defekte mit einer hohen räumlichen Auflösung auf atomarer Skala beobachtet und
analysiert werden können. Dazu werden die Grundlagen der Theorie der kinematischen Elektronenbeu-
gung und die Entstehung des Phasenkontrates bei der Hochauflösungs-(HR)TEM kurz vorgestellt.

Das γ-LiAlO2 Substrat reagiert heftig im Mikroskop unter Bestrahlung mit hochenergetischen Elektro-
nen (200-300 keV). Während dieser Strahlenschädigung verliert das Material seine ursprüngliche kristal-
line Struktur und vollzieht eine Phasentransformation, die anhand einer Serie von Feinbereichsbeugungs-
diagrammen nachgewiesen werden konnte. Das Resultat ist eine strukturelle Phasenumwandlung von der
tetragonalen γ zur trigonalen α Phase. Der Prozess der Strahlenschädigung ist erst abgeschlossen, wenn
sich ein Loch in der Probe gebildet hat. Die mechanische und chemische Instabiltät des Substratmaterials
unter Elektronenbestrahlung kann unter den gegebenen experimentellen Bedingungen nicht vermieden
werden. Trotzdem ist es gelungen, wichtige Beiträge zu den strukturellen Eigenschaften der M-plane
Schichten zu erhalten.

Die atomare Grenzflächenstruktur zwischen epitaktisch gewachsenem α-GaN(11̄00) und tetragonalem
γ-LiAlO2 Substrat ist mittels HRTEM untersucht worden. Die neuartige Epitaxiebeziehung ist mit Elek-
tronenbeugung bestätigt worden und lautet folgendermassen: (11̄00)GaN liegt parallel zu (100)γ-LiAlO2

und [112̄0]GaN ist parallel zu [001]γ-LiAlO2. Die Grenzflächenstruktur, die das heteroepitaktische Wachs-
tum beeinflusst, ist anhand von semi-quantitativer HRTEM bestimmt worden. Aus den HRTEM Aufnah-
men wird ein Model der Atomanordnung an der Grenzfläche vorgeschlagen, das sowohl die elastischen
Verspannungen als auch die chemischen Beiträge berücksichtigt. Diese Anordnung wird im Zusammen-
hang mit anderen epitaktischen Orientierungen diskutiert, die in der Literatur für dieses Heterosystem
auftauchen. Wir haben ausserdem den Dehnungszustand der M-plane GaN Schichten untersucht, wobei
hierfür die Feinbereichsbeugung im TEM als auch die Röntgenbeugung eingesetzt wurde. Die gemes-
sene Gitterdehnung senkrecht zur Grenzfläche, d.h. die tetragonale Verzerrung, ist das Ergebnis einer
nahezu komplett kohärenten Dehnung in der Ebene.

Die Realstruktur der M-plane GaN Schichten, die auf (100)γ-LiAlO2 gewachsen werden, unterscheidet
sich erheblich von der in C-plane Orientierung hergestellten Epischichten. Ausführliche TEM Unter-
suchungen zeigen, dass die M-plane Schichten vor allem intrinsische (I1 und I2) und extrinsische (E)
Stapelfehler in der Basalebene enthalten. Der vorherrschende I2 Stapelfehler besitzt keine Komponen-
te des Verschiebungsvektors senkrecht zur Ebene und ist damit nicht geeignet, epitaktische Dehnung
entlang der [112̄0] Richtung abzubauen. Darüberhinaus ist eine komplexe Grenze in der (101̄0) Prismen-
fläche entdeckt worden, die zur Grenzfläche geneigt verläuft. Diese Prismengrenze ist mit Stapelfehlern



derart verbunden, dass sie die ganze Probe durchschneidet. Der gemessene Verschiebungsvektor liegt
in der Prismenebene und verläuft entlang der c-Achse, ist damit ebenfalls nicht verantwortlich für den
epitaktischen Spannungsabau in dieser Richtung. Durchstoßversetzungen mit Burgers-Vektor a spalten
in Shockley Partialversetzungen auf. Der Ursprung der Realstruktur hängt eher mit der Morphologie der
Substratoberfläche zusammen als mit der Relaxation der Fehlanpassungsdehung.

Die Defekte in den M-plane GaN Epischichten werden während der anfänglichen Keimbildungsphase er-
zeugt. Proben, die das Stadium der Keimbildung wiedergeben, belegen, daß die Oberflächen-Morphologie
mit der Bildung der wichtigsten planaren Defekte direkt korreliert ist. Atomare Stufen entlang der [001]
Richtung auf dem LiAlO2 Substrat führen zur Bildung von Stapelfehlern vom Typ I2. Zwei unterschied-
liche Benetzungszustände der GaN Keime sind das Ergebnis verschiedener Grenzflächenanordnungen.
Beim Zusammenwachsen führt dies zu einer Domänengrenze in der Prismenebene. Die Verbindung der
beiden planaren Defekte, die in der Prismen- und der Basalfläche liegen, wird während der Schlussphase
der Insel-Koaleszenz erzeugt.

Keywords: Epitaxie von Galliumnitrid, GaN, Epitaxie, Transmissionselektronenmikroskop, Transmissi-
onselektronenmikroskopie, Schraubenversetzung, Stapelfehler, Domaenengrenze, Nukleation, Burgers-
Vektor,Verzerrung durch Gitterfehlanpassung,Verschiebungsvektor
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Selbständigkeitserklärung 82



Chapter 1

Introduction

General
Semiconductor based light-emitting devices including light-emitting diodes (LEDs) and laser
diodes (LDs) are used world-wide. The durability, long life and energy efficiency of LEDs
rather than that of incandescent light bulbs make them the ideal light source for the future. The
LDs have been used in many apparatuses such as the compact disc (CD) or digital versatile disc
(DVD) reader. However the market for the use of LEDs or LDs is only mature for comparably
long wavelengths (red light, λ =680 nm). The applications at shorter wavelengths (blue light,
λ =468 nm) are limited due to a lot of problems in the fabrication of blue light-emitting devices.
The group III-nitride based compound semiconductors have long been considered as ideal ma-
terials for light-emitting device application in the blue and ultra-violet wavelength range. The
alloys formed by wurtzite InN, GaN and AlN have direct band gaps which range from 0.8
eV[109, 46] of InN, via 3.39 eV[44] of GaN to 6.2 eV[113] of AlN at room temperature. The
range of this energy gap covers the whole visible light region which extends from 400 nm to 700
nm (wavelength) with corresponding energies of 3.1 to 1.8 eV. Therefore by using (Ga,Al,In)N
compound semiconductors, devices can be fabricated emitting from red to ultraviolet.
GaN based materials are well investigated optoelectronic materials which have giant densi-
ties of threading dislocations, from 108cm−2 to 1012cm−2[49, 51, 52]. Comparing with the
light emitting devices based on the conventional III-V semiconductor materials ((Al,Ga)As or
(Al,In,Ga)P) which are strongly limited by growth induced point defects or structural defects
in the active layers such as dislocations acting as nonradiative centers [34, 83], the GaN based
light-emitting devices are far less sensitive to threading dislocations[50, 54]. Nevertheless, a
number of studies about the influence of dislocations on the optical[66, 16, 77, 23, 9, 85, 2] or
electrical[105, 20, 31] properties confirms that threading dislocations do affect the performance
of GaN-based devices. Ponce et al. [66] used cathodoluminescence (CL) and transmission elec-
tron microscopy (TEM) studies to reveal that the spatially inhomogeneous distribution of the
luminescence in GaN thin films is correlated to the dislocations at low angle grain boundaries
or point defects which nucleate at the dislocations. Albrecht et al. [2] state further that screw
dislocations act as nonradiative recombination centers in the (Al,Ga)N active layer. In addition,
Hino et al. [23] concluded that screw and mixed dislocations, which have a c-component, were
acting as the nonradiative centers and edge dislocations were optically inactive. However, more
recently Cherns et al. [9] correlated CL and TEM data and concluded that both edge and screw
dislocations act as nonradiative centers in (In,Ga)N/GaN quantum wells.
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In order to improve the performance and reliability of LEDs and LDs, it is thus desirable to
reduce the number of dislocations and to minimize the residual lateral strain in the epilay-
ers [104, 45]. In this regard, more advanced fabrication methods are required, such as, e.g.,
the epitaxial lateral overgrowth (ELOG) technique used in hydride vapor-phase epitaxy [79]
or metal-organic chemical vapor deposition[53] or by growing multiple thin high temperature
AlN interlayers (HT-ALN-ILs) to annihilate the threading dislocations[69, 33]. However, there
still exist another promising route that consists in the development of more suitable substrate
materials with smaller lattice mismatch used for the heteroepitaxial growth.
Sapphire (Al2O3) or SiC are the commonly used substrates for the epitaxy of wurtzite GaN
based materials. By using these substrates, the natural growth direction of GaN is along the
[0001] axis. However, an electrostatic field is generated by the spontaneous and piezoelec-
tric polarization along the [0001] axis of wurtzite structures. Unfortunately, the presence of
this static electric field within the active layer will impair the luminous efficiency of light-
emitting devices. Tetragonal γ-LiAlO2 (100) is an attractive substrate for GaN epitaxy[21].
Although the unit cell structures are totally different for these two crystals, the γ-LiAlO2(100)
plane has a similar atomic arrangement as the GaN (1100) M-plane. In this case, the lat-
tice mismatch is comparably small but anisotropic. According to the in-plane orientation with
[001]LiAlO2 ‖ [1120]GaN, the lattice mismatch f[001] is about 1.7%, and with [010]LiAlO2 ‖
[0001]GaN, f[010] is only 0.3%. Besides, M-plane GaN-based materials exhibit an important ad-
vantage in their optical properties (quantum efficiency) compared to their C-plane(0001) coun-
terpart due to the absence of internal electrical fields along the non-polar growth direction [103].
The M-plane GaN on γ-LiAlO2 (100) has attracted so much attention since it was reported by
Waltereit et al. [102] in 2000.
TEM has become a powerful and versatile tool for microstructural characterization of crys-
talline materials because of its ability to observe extended crystal defects, such as dislocations,
stacking faults, twins or grain boundaries etc. and its power to determine the atomic structure of
interfaces with a resolution in the order of Angstrom. Therefore, by using TEM together with
AFM and high-resolution X-ray diffraction, the structural properties of M-plane GaN can be
fully studied.

Motivation and outline of this work
The structural properties such as the crystalline orientation of GaN related to the substrate, the
bonding structure of the interface and the extended defect structure are affecting the electrical or
optical properties of GaN directly. For instance, Sun et al. have reported that the stacking faults
in M-plane GaN acting as ultrathin vertical quantum wells can localize excitons and lead to a
peculiar photoluminescence line at 3.356 eV[92]. In addition, knowledge about the structure
relation between the substrate crystal and the epitaxial layer is important for understanding
many other aspects of the material. The aim of this work is to investigate the structure of M-
plane GaN grown on γ-LiAlO2 by using TEM. It includes the interfacial structure and the defect
structure of M-plane GaN epilayer on γ-LiAlO2(100) substrate.
The thesis is organized as following. For a detailed description of the defect structure of M-
plane GaN, chapter 2 gives a general introduction into crystal defects in hexagonal materials.
The line defects and planar defects including stacking faults and prism plane boundaries are
briefly introduced. In addition, the defect structure of C-plane GaN is outlined. Knowledge
about electron microscopy must be obtained for interpreting the images precisely and operating



the TEM efficiently. Chapter 3 presents the basic theory according to the different imaging
modes. The kinematical approximation is applied for describing diffraction contrast in the two-
beam mode and the phase contrast theory in the HRTEM mode. Chapter 4 mainly presents
the TEM sample preparation based of γ-LiAlO2 and the structural characterization of polymor-
phism of LiAlO2. The most interesting part of this chapter is the finding of the electron damage
and electron illumination induced phase transformation of γ-LiAlO2 by using TEM. The insta-
bility of γ-LiAlO2 under high energy electron beam irradiation affects the TEM study of GaN
seriously.
In chapter 5, in order to understand growth, strain state and strain relaxation of the heteroepi-
taxial layer, the three basic epitaxial growth modes are generally introduced and, moreover the
strain energy, the vertical out-of plane strain state and the critical thickness of the misfit dislo-
cation generation for anisotropic M-plane growth are deduced. From chapter 6 to chapter 8, the
structural properties of M-plane GaN investigated by TEM are disscussed step by step. In chap-
ter 6, the atomic structure of the interface between M-plane GaN(1100) and γ-LiAlO2(100) is
determined. Based on this TEM study, the atomic model for the interfacial atomic arrangement
and the chemical bond structure is illustrated. In chapter 7, the defect structure of M-plane GaN
films is reported. We find out that the defect structure is completely different to that of C-plane
GaN. In M-plane GaN films, the dominant defects throughout the whole film are the basal plane
stacking faults. The most interesting point is that they are not responsible for the strain relax-
ation. Motivated by the interest to understand the defect generation mechanism, the nucleation
of the film is investigated using a series of samples which were deposited on the substrate for 1
and 3 mins, respectively. The results are presented in the last chapter 8. Different to the C-plane
GaN where the large mismatch between the GaN layer and the substrate is the indirect driving
force for the threading dislocation formation, the surface morphology of the γ-LiAlO2 substrate
is directly related to the generation of different kinds of defects in M-plane GaN.



Chapter 2

Extended defects in hexagonal nitride
semiconductors

Dislocations are an important part of the microstructure of thin films and epitaxial layers. They
are not only responsible for the relaxation of epitaxial strain but also influence the electrical and
optical behavior. The following chapter gives an introduction into the topological properties
of dislocations and their applications to hexagonal crystals. Besides line defects, the second
section introduces planar defects like stacking faults and prism plane boundaries. Finally, a
short review is presented of extended defects existing in hexagonal GaN, which is epitaxially
grown with the (0001) plane parallel to the substrate surface.
Generally defects in crystalline structures can be classified as point, line, planar and volume
defects defined as imperfections or mistakes in the regular periodic arrangement of atoms. All
real crystals contain defects. Their presence even in a small amount can have a dramatic impact
on the properties of the material. For example group-III nitride based semiconductors, which
are the light materials for lasers or light emitting diodes in the blue or ultra-violet wavelength
range, contain a high density of grown-in dislocations. The same amount of defects in GaAs
related structures would result in the failure of the device.

2.1 Line defects

Dislocation geometry and definition
Line defects extend through the crystal along one-dimension, such as a curve or straight line.
These defects, called dislocations, are created when planes of atoms are distorted out of their
regular position.
The dislocation can be characterized by its Burgers vector and the direction of the line. Three
types of dislocations, including edge, screw and mixed, can be categorized according to the an-
gle between the directions of Burgers vector and line. Burgers vector b is constructed by the
Burgers circuit around the dislocation. Figure 2.1 (a) and (b) represent the geometry diagrams
and Burgers circuits construction of edge and screw dislocations, respectively[26]. The edge
dislocation DC is formed by inserting an extra half-plane ABCD [cf. Fig. 2.1 (a)]. The disloca-
tion is the boundary of the inserted extra half plane. The screw dislocation DC, shown in Fig.
2.1 (b), is formed by displacing the faces ABCD relative to each other in direction AB. The
atomic distortion around a screw dislocation can be regarded as displacing the atom positions

6



(a)
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Figure 2.1: (a) (b) The diagrams of an edge dislocation and a screw dislocation in a simple cubic crystal with
Burgers circuits round them, respectively[26].

on one side of plane ABCD in opposite direction to the atoms on the other side. The character
of Burgers vector of edge and screw dislocations obtained by the Burgers circuit constructions
shown in Fig. 2.1 can be summarized as:

Edge dislocation: The Burgers vector b is perpendicular to the dislocation line: b⊥l.

Screw dislocation: The Burgers vector b is parallel to the dislocation line: b ‖ l.

In the most general case, however, the arbitrary angle between the Burgers vector and the line
direction is neither 0o nor 90o and the dislocation line has a mixed edge and screw character.
The Burgers vector for a perfect threading dislocation is the translation vector in the real crystal
space. For the hexagonal crystal, the primitive translation vectors are three a which are orien-
tated 120o to each other and located in the basal plane and c which is normal to basal plane.
Therefore, the possible Burgers vector is a, c or a+c. The diagram of the Burgers vectors of
perfect threading dislocations in hexagonal crystal is shown in Fig. 2.2.
Slips are the most common phenomena of plastic deformation in a solid crystal. The existence
of dislocations determines the applied shear stress τ which is required for slip motion in a single
crystal. The glide motion of many dislocations results in slips and leads to the critical value of
the applied shear stress smaller than that in a perfect crystal. The slip system is characterized
by the slip plane and the slip direction. Normally the slip plane is the plane with the highest
density of atoms as well as the longest planar spacing and the slip direction is the close-packed
direction in the slip plane. In hexagonal crystal, the basal plane (0001) is the close-packed plane
and the [1120] direction is the close-packed direction. Therefore, the slip system in hexagonal
material is designated as {[1120],(0001)}.

Misfit dislocation
Misfit dislocations are referred to those that are introduced into or around the interface to re-
lieve the in-plane misfit strain between two crystals that have the same surface symmetry but
different lattice constants. They are common features for lattice mismatched heteroepitaxial
films. Geometrically, a misfit dislocation has its line direction to lie approximately parallel to
the epitaxial interface and its Burgers vector to contain a edge component that acts to relieve
the misfit strain.
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Figure 2.2: The diagram of the Burgers vector of the dislocation in hexagonal crystal.

The part of the strain δ which is relieved by the misfit dislocations is determined by :

δ =
be f f

< D >
, (2.1)

where < D > is the mean distance between the misfit dislocations. Here be f f is the component
of the Burgers vector b which is parallel to the interface, perpendicular to the line direction,
resolved in the direction of the spacing and thus responsible for the misfit strain relief[97].

Dislocation dissociation
In the proper slip plane, even without an external shear stress, perfect dislocation can dissociate
into two partial dislocations leaving behind a stacking fault in between. The energy per unit
length of a dislocation in the approximation of linear elasticity (neglecting the core energy) is
given by[48]:

E = αGb2 ln
R
r0

, (2.2)

where b is the amplitude of the Burgers vector, r0 is the core radius and G is the shear modulus
and α is constant, for a perfect edge dislocation α = 1/4π(1−ν) where ν is the Poisson ratio.
The line energy is thus proportional to the square of the amplitude of the Burgers vector of the
dislocation. Considering one perfect dislocation with Burgers vector b, this dislocation can split
up into two partial dislocations with Burgers vectors b1 and b2 according to the split reaction:

b = b1 +b2. (2.3)

Thus, this reaction is energetically favorable if b2
1 +b2

2 < b2 and the area energy of the stacking
fault bounded by the two partial dislocations is low.
In hexagonal crystals, slip can occurs in close-packed basal planes and the slip direction is
[1120]. The dislocation dissociation process is shown in Fig. 2.3. For a perfect edge dislocation
dissociating into two partial dislocations, which are called Shockley partials, the dissociate
reaction is:

1
3
[1120] =

1
3
[1010]+

1
3
[0110]. (2.4)
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Figure 2.3: A perfect edge dislocation with b=1/3[1120] is dissociated into two Schockley partial dislocations
with b1=1/3[1010] and b2=1/3[0110], respectively in basal plane where b = b1 +b2, the angle θ between b1 and
b2 is 60o.

Here, b2=a2 is greater than b2
1 +b2

2 = 2
3a2, where a is the lattice constant of GaN. The Burgers

vector of two Shockley partial dislocations b1 and b2 are oriented at 60o to each other. In
general, the gliding force for a dislocation in the stress field is

F = τb, (2.5)

where τ is the resolved shear stress in the direction of b in the glide plane. The elastic interaction
between dislocations can be assumed as the stress field induced by one dislocation acting on the
others. Considering two straight dislocations which are parallel to each other and lying in the
same slip plane. The interaction force per unit length between the dislocations can be vector
analyzed into their edge and screw components.

Fedge =
Gb2

edge

2π(1−ν)d
,Fscrew =

Gb2
screw

2πd
, (2.6)

where d is the splitting up distance between two Shockley partial dislocations. Because the edge
parts of Burgers vectors of the two partial dislocations show the same sign, they are repulsive
to each other, on the contrary they are attractive to each other due to the screw parts showing
opposite sign. Therefore the force per length between them is

F = Fedge−Fscrew =
Gb2

edge

2π(1−ν)d
− Gb2

screw
2πd

. (2.7)

Following a perfect edge dislocation splitting up into two Shockley partial dislocations, the
basal plane stacking fault I2 is generated between them. The energy per unit area γ of the stack-
ing fault provides a tensile force γ per unit length to attract two partial dislocations together.
As the attractive force equals to the repulsive force, an equilibrium distance between two par-
tial dislocations is established. The equilibrium distance is given by substituting γ to the line
tension F in equation 2.7,

d =
G

2πγ
(

b2
edge

1−ν
−b2

screw). (2.8)



Therefore, the splitting up distance, d, is inverse proportional to the energy of the stacking
fault. In the {1/3[1120], (0001)} slip system, the splitting up reaction is energetically favorable
because of the small value of formation energy of the basal plane stacking faults. However, in
the C-plane GaN growth, the threading dislocations are located in the prism plane. The area
energy of the prism plane boundary is one or two orders of magnitude higher than the energy of
the basal plane stacking fault (cf. table 2.1). So from the energy point of view, the dislocation
is stable in prism plane without splitting up.

2.2 Planar defects

Planar defects occur in crystalline materials wherever the periodic structure of the material is
interrupted across a unique plane. They are therefore characterized by the crystallographic
indices of the plane and a displacement vector R specifying the relative difference of both
crystal domains against each other. R is measured in sufficient distance from the strain field
of the defect. The displacement vector R is formed by the lattice translation T or, on the other
hand, a lattice inversion i is additionally involved. Basal plane stacking faults and prism plane
boundary are the most prevalent planar defects found in group III-nitride.

Basal plane stacking fault
The stacking fault is a local planar region in the crystal where the regular sequence is inter-
rupted. Basal plane stacking faults are best described by the stacking sequence of the close-
packed planes in the face-centred cubic or hexagonal structure. The stacking sequence of basal
plane in hexagonal structure is ABABABAB· · · . A slip of {1/3[1100]} of the basal plane can
lead to the stacking sequence A to B, B to C and C to A, and the local stacking sequence
is changed into that of an ideal face-centred cubic structure. Basal plane stacking fault I1 is
formed by removal of basal plane (1/2c) and followed by a slip of 1/3{[1100]} where R is
equal to 1/3[1100] + 1/2[0001] = 1/6[2203]:(The stacking fault is surrounded by Frank-type
partial dislocations.)

ABABABABA . . .−→ ABABBABA−→ AB ABC︸︷︷︸
Cubicphase

BCB . . . . (2.9)

Stacking fault I2 formed by slip of 1/3{[1100]} in a perfect crystal where R is equal to 1/3[1100]:

ABABABABA . . .−→ AB ABCA︸ ︷︷ ︸
Cubicphase

CA . . . . (2.10)

The extrinsic stacking fault E is the result by inserting an extra plane where R is 1/2[0001]:

ABABABABA . . .−→ AB ABCAB︸ ︷︷ ︸
Cubicphase

AB . . . . (2.11)

These stacking faults introduce a thin layer of face-centred cubic stacking (ABC) which shows
different formation energy to hexagonal symmetry and so have a characteristic stacking-fault
energy.

Prism plane boundary
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Figure 2.4: Schematic diagrams of two types of prism plane boundaries, (a) SMB (b) IDB[60].

The prism plane boundary is parallel to the [0001] axis, lying in one of the six {11̄00} planes.
This direction of wurtzite GaN is a spontaneously electrical polar axis, which is induced by the
sequence of occupation of the polarized Ga and N atoms. Therefore, the polar state across the
boundary is the crucial point for describing the behavior of the boundary. Two different types
of prism plane domain boundaries are introduced including inversion domain boundaries (IDB)
and stacking mismatch boundaries (SMB). The IDB is characterized just by an inversion of the
polarity, i, across the boundary. While at the SMB the Ga and N atoms are not interchanged but
the stacking sequence across the boundary is changed. Figure 2.4 (a) and (b) are the schematic
representation of SMB and IDB of wurtzite GaN which are given by Northrup et al.[60]. In
these figures the atomic positions are projected onto the (1210) plane. The filled and open
circles denote N and Ga atoms, respectively. The boundaries lie in the (1010) prism plane. The
SMB indicated by the enclosed dash line in Fig. 2.4 (a) is the boundary of basal plane stacking
faults. The boundary begins when a basal plane stacking fault occurs and ends when a second
stacking occurs that is of the same type as the previous one. The enclosed rectangular and the
insert triangular located the N atoms beside the SMB indicate that there is a R=c/2 translation
over across the SMB. The IDB is denoted by the dash line in Fig. 2.4 (b) where the Ga and N
atoms are interchanged as one across the (1010) plane. This boundary model is based on the
work developed by Holt[25].

2.3 Defects in C-plane GaN

At present, almost all hexagonal GaN epilayers are grown on Al2O3 and 6H-SiC (0001) sub-
strates with the C-plane(0001) parallel to the substrate surface. In both cases, there are large
mismatches in lattice constant and thermal expansion coefficient between the GaN layer and its
substrates. The microstructure of these C-plane GaN layers is well studied[35, 87, 71, 68, 110,
67, 79]. These studies show that threading dislocations are the predominant defect type with
a high density up to 108 to 1012 cm−2. Figure 2.5 shows the distribution of dislocations in a
C-plane GaN epilayer grown on 6H-SiC(0001) substrate. In this image, most of the dislocations
propagated in the [0001] epitaxial direction and cross the whole epilayer[38]. The majority of
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Figure 2.5: Cross-sectional dark-field TEM micrograph taken near the [1120] zone axis with g = 0002 shows a
typical image of the microstructure of C-plane GaN grown on 6H-SiC by MBE.

the threading dislocations have been observed to have pure edge character with Burgers vectors
either b = a = ±1/3[1120], ±1/3[1210], or ±1/3[2110]. The pure screw dislocations with
Burgers vector b = c = [0001] and the mixed dislocations with Burgers vector b = a + c are
also important in the GaN epilayer.
The possible origins of a large number of threading dislocations are still under discussion. Ning
and his coauthors had suggested that the coalescence of GaN islands, which are rotated about
the c axis would give rise to a type threading dislocations (TDs), and coalescence of GaN
islands rotated about an axis parallel to the interface would give rise to c type TDs[57]. Wu et
al. had proposed that a type TDs and a few c+a TDs are formed at GaN island-island junctions
during the initial stages of high-temperature (HT) deposition on low-temperature nucleation
layers[111]. However, Narayanan et al. believes that the TDs are formed from the faulted
regions located within nucleation islands, in special a type TDs are generated by the climb of
misfit dislocations present in the near interfacial region and c TDs may be formed as a result
of the coalescence of 1/2[0001] type Frank faults[55]. In any case, the highly mismatched
heteroepitaxial systems induced the spontaneous formation of strain-induced 3D islands on the
surface, or the misfit dislocation formation at the layer/substrate interface is the sticking point
for the generation of the extended threading dislocations. Therefore, in order to reduce their
density, a lattice matched substrate would still be the prime choice.
Besides threading dislocations, various types of planar defects are observed in GaN epilayer.

Table 2.1: The displacement vector and formation energy of the planar defects in wurtzite GaN.

Plane Name Displacement vector R Energy(meV/Å2)
Basal Intrinsic I1 {1/6[2023]} 1.1[89]
(0001) Intrinsic I2 {1/3[1010]} 2.7[89]

Extrinsic E 1/2[0001] 4.2[89]
Prism(first order) IDB 1/2[0001]+inversion 25[60]

{11̄00} SMB 1/2[0001] 105[60]
Prism(second order){1120} {1/2[1011]} 72[58],99[12]



The basal plane stacking faults[110, 71, 68] which are parallel to the interface were observed in
the region near the interface. Even more, planar defects normal to the interface are occasionally
found such as second order prism plane {1120} domain boundaries[112, 78] and first order
prism plane{1100} domain boundaries. Both inversion domain boundaries [110, 75, 70, 72, 76]
and stacking mismatch boundaries[96, 95, 112, 87] are found in GaN layer. Normally, these
prism plane boundaries start at the substrate and run through out the entire thickness of the
layer. The highly doped Mg incorporation in GaN inverts polarity and induces the construction
of inversion domain boundaries. The atomic steps in the substrate surface result in the formation
of the stacking mismatch boundaries[96]. The theoretical calculation by Northrup et al. [60]
shows that no electronic states in the band gap were induced by these defects and means that
they are less critical with respect to their optoelectronic behavior.
The displacement vector R can be concluded by the TEM experimental result and the energy
for generating such planar defects were theoretical calculated corresponding the used atomic
models. The energetic and electronic structure of stacking faults in AlN, GaN and InN were
investigated by Stampfl and Van de Walle[89]. The formation energies of the stacking faults
are in agreement with the experiment results measured by Suzuki et al.[94]. All types of pla-
nar defects and the corresponding displacement vectors and formation energies for GaN are
summarized in the table 2.1.



Chapter 3

Transmission electron microscopy

This chapter gives a brief introduction of transmission electron microscopy. More details can
be found in the text books[106, 74, 24]. The electron-specimen interaction is concisely outlined
that is fundamental for electron microscopy. Then, the kinematical theory about the electron
diffraction, bright-field or dark-field two-beam images are presented as well as its application
to interpret the contrast of threading dislocations, stacking faults and Morié patterns. At last,
the phase contrast theory for high resolution transmission electron microscopy (HRTEM) are
given including the mechanism of contrast transfer through electron microscope.

3.1 Electron-specimen interaction

Electron-specimen interaction can be categorized into types of electron scattering processes in
the material. It is the basic of electron microscopy. The electron nature can be figured as both the
particle and the wave characteristic. It is more straightforward to consider the particle character
of the electron for understanding the electron-specimen interaction. When the incident electron
beam reaches the thin specimen, they are either passing through without being affected or they
are reflected by the electron cloud and the positive nucleus. The electrons emerged from the
bottom of the foil contain structural and chemical information of the specimen. Everything
learned about the specimen investigated by the TEM can be attributed to the special form of
electron interaction process which can be filtered out by using restricting apertures or different
kind of detector systems[106].
The electron scattering process can be grouped into elastic scattering and inelastic scattering
according to energy and momentum conservation. The Coulomb interacting force between the
incident electrons and the electrostatic field of the atoms cause the elastic scattering. The elec-
trons which are elastic scattered are the major source for the image contrast in routine TEM
usage such as conventional bright-field, dark-field TEM or HRTEM. All these TEM measure-
ments are powerful for the characterization of the defects, and moreover, the HRTEM is a
powerful method for the structural analysis on the atomic scale.
During the inelastic scattering, the kinetic energy conservation is not satisfied. The inelastic
scattered electron transfers energy to the specimen by energy band excitation and inner-shell
ionization. When the excited electrons in the specimen return back to the original stable state,
Auger-electrons or x-rays will be generated. Because of the energy transfer, all these signals
contribute to the analytical modes of electron microscopy, including electron energy-loss spec-
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troscopy (EELS), x-ray microanalysis and cathodoluminescence analysis. Because the electron
beam can be focused with a diameter in the range of a few nanometer in the mode of analyti-
cal electron microscopy, we can obtain the useful information of the chemical composition and
electronic structure of the specimen on a local nano-scale.

Electron beam radiation damage
Unfortunately, inelastic scattering can also transfer energy to the specimen by the form of heat-
ing up. The heating-up can break the chemical bonds, lose the mass of the material and, at
last, a hole will be generated in the electron illuminated region. The damage speed of electron
irradiation is proportional to the electron density which is expressed by the electron dose. In
order to minimize the damage of thermal effect, two types of methods can be used. One is
an efficient heat dissipation by using the cooling holder filled by liquid nitrogen or coating the
specimen with conducting material. The other method is a reduction of the amount of heat by
using low-dose electron. Another major type of irradiation damage are knock-on collisions.
This process is directly related to the electron energy. As the electron energy exceed mate-
rial dependent threshold value, the direct displacement of atoms from the equilibrium position
in the crystalline lattice is happening and results in the generation of interstitial point defects.
The decrease of the accelerating voltage in the TEM is the essential way for eliminating the
knock-on damage. However, changing the functional working voltage goes with the decrease
of the point resolution as well. In any case, electron beam damage creates defects, destroys
the atomic structure or even loses the crystallinity in the specimen. Once the damage happened
the TEM results do not represent the original properties of the studied material, this will make
the interpretation of the TEM images, diffraction patterns and analytical electron microscopy,
difficult and even impossible. Therefore, electron beam damage represents a limitation of the
application of the TEM.

Electron wavelength
Based on the de Broglie relationship, the wavelength λ of the electron is related to its momen-
tum p through Planck’s constant h, thus:

λ =
h
p
. (3.1)

For electron microscopy, the relativistic effects cannot be ignored for accelerating voltage above
100 kV because the velocity of electrons is close to that of light. The momentum of electron is
given by

p = mv, (3.2)

where m = m0/
√

(1− v2/c2), mo is the rest mass and v is the velocity of the electron; the
kinetic energy of the electron is

Ekin = E−m0c2 = mc2−m0c2, (3.3)

where E = mc2 is the total energy of electron and c is the light speed. The electron has a kinetic
energy Ekin=eV after being accelerated through a potential V. Combining equations 3.1, 3.2 and
3.3, we get the de Broglie wavelength of high energy electrons:

λ =
h√

2moeV (1+ eV
2moc2 )

. (3.4)



For the TEM working at 300 kV, we calculate λ=0.0197 Åthat is a very small value compared
to the atomic distances in crystal.

3.2 Electron diffraction and defect imaging

If the electrons are elastically scattered as passing through the crystalline material, the amplitude
of the electron wave φ(k) along the scattered direction k is obtained from the Fourier transfor-
mation of the crystal lattice. The atomic scattering factor of the k-th atom (k=1,. . . ,n) inside
one unit cell is fk(θ) which can be calculated by using the Rutherford cross-section model. The
amplitude of the scattered electron wave is

φ(k) = ∑
m

n

∑
k=1

fk(θ)exp(−2πi(k−ko) · (rm + rk)), (3.5)

where rm is the position vector of the unit cell, rk is the position vector of the k-th atom in
the unit cell, ko is the wave vector of the incident electron and k is the wave vector of the
diffracted electron[74]. The summation over k, which is corresponding to the different atoms in
the primitive unit cell, can be extracted and equation 3.5 becomes

φ(k) =
n

∑
k=1

fk exp(−2πi(k−ko) · rk)︸ ︷︷ ︸
F

·∑
m

exp(−2πi(k−ko) · rm)︸ ︷︷ ︸
G

. (3.6)

The first factor F is called the structure amplitude which depends on atomic positions in the unit
cell. The second factor G is called the lattice amplitude which depends on the external shape of
the crystal. The amplitude φ(k) is different from zero and constructive interference taken place,
if the phase shift of the structure amplitude is 2π ·n, where n is a relative integer. This is written
by

(k−ko) · rm = n (3.7)

and is equivalent to impose that
k−ko = g, (3.8)

where g is a reciprocal lattice vector. This is the Laue law. Noting the Bragg angle θB, the semi-
angle between the incident electron wave ko and defect electron wave k which is indicated in
the Fig. 3.1 (a) , |g|= 1/dhkl , and |k|= |ko|= 1/λ , the Laue law gives the Bragg law

nλ = 2dhkl sinθB. (3.9)

where (hkl) are the Miller indices of the lattice plane and dhkl is the inter planar spacing of
the diffracting planes. Since the electron wave length is very small comparing with the spac-
ing of the lattice plane, λ=0.0197 Åat 300 keV , the Bragg angle is very small, ∼ 10−2 rad.
Substituting 3.8 into 3.6, we get

F =
n

∑
k=1

fk exp(−2πig · rk) =
n

∑
k=1

fk exp(−2πi(ukh+ vkk +wkl)) (3.10)

where (uk,vk,wk) are the fractional coordinates of k-th atom in the unit cell. The value of F is
calculated for the hexagonal close-packed structure. The unit cell contains the same atoms at
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Figure 3.1: Ewald sphere construction. (a) Bragg law reflection, (b) introduction of the deviation error vector s in
the needle like shaped reciprocal lattice.

(0,0,0), (1
3 , 1

3 , 1
2). Substituting into equation 3.10 and cancelling the sine terms out (virtual part),

the structure amplitude turns out to be

F = f (1+ cos2π(
1
3

h+
1
3

k +
1
2

l)). (3.11)

From this formula, we obtain

|F|2 = 0 if l odd, (h+2k)=3n
|F|2 = 4 f 2 if l even, (h+2k)=3n
|F|2 = 3 f 2 if l odd, (h+2k)=3n+1 or 3n+2
|F|2 = f 2 if l even, (h+2k)=3n+1 or 3n+2

Thus, for the hexagonal structures, the (0,0,l) spot is forbidden when l is odd.

A small deviation from the exact Bragg condition is allowed in TEM. This deviation is described
as the excitation error s. This deviation vector connects reciprocal lattice vector g by the Ewald
sphere construction as shown in Fig. 3.1 (b). The structure amplitude F will not be altered by
small deviations while the lattice amplitude G is strongly modified. Substituting k−ko = g+ s
and considering that g · rm = n (integer) and exp(−2πin) = 1, we find the lattice amplitude

G = ∑
m

exp(−2πi(g+ s) · rm) = ∑
m

exp(−2πis · rm) (3.12)

Since s is small and the phase angle (2πs · rm) varies slowly from one unit cell to another,
therefore the sum can be replaced by an integral over the crystal volume

G =
1
Vc

∫
crystal

exp(−2πis · rm)dv, (3.13)

where Vc is the volume of unit cell. Then we can write

G =
1
Vc

∫ A

0

∫ B

0

∫ C

0
exp(−2πi(sxx+ syy+ szz))dxdydz, (3.14)



where A, B, C are the length along the three axis corresponding parallelepiped crystal and
(sx,sy,sz) are the coordinates of the deviation parameter s in reciprocal lattice space. This
integral is straightforward. We get

G =
1
Vc

sinπAsx

πsx

sinπBsy

πsy

sinπCsz

πsz
. (3.15)

Therefore in the Bragg condition (cf. equation 3.8), the amplitude of the scattered electron wave
in reciprocal space is

φ(g) =
Fg

Vc

sinπAsx

πsx

sinπBsy

πsy

sinπCsz

πsz
, (3.16)

where Fg is the structure factor for the reflecting planes g. The intensity distribution of the
scattering electron Ig is given by φgφ∗g which is |φg|2. Considering the last factor of the equation
3.16, the value of this factor reaches maximum C when sz is zero and it first falls to zero when
sz is equal to ±1/(2C). If we construct a diagram for this factor, the central maximum has
a half-peak width 1/C. The same conclusion can be used for the other x and y axis either.
In common, the intensity distribution of the scattered electron is always extended along the
orientation parallel to the shortest direction of the crystal. The TEM sample is a thin crystal
foils (disc) with the incident electron beam normal to disc surface. Therefore, the intensity
distribution will be needle like shaped along the surface normal orientation.

Diffraction geometry
From the diffraction pattern we can get crystallographic information about the crystal. On the
contrary, If we know the crystallographic information of the crystal already, the select area
diffraction pattern can be easily indexed. Figure 3.2 represent a schematic diagram of the for-
mation mechanism of electron diffraction in TEM. The diffraction pattern is the magnified
pattern which is cut by the Ewald sphere through the reciprocal lattice, taken perpendicular to
the direction of the incident beam. Since the Bragg angle is very small θ ∼ 10−2 � 1, using
the geometry given in Fig. 3.2 we can get

2sinθ ∼= 2θ ∼=
|OD|

L
(3.17)

where |OD| is the distance between the diffraction spot to the transmitted spot and L is the
camera length of TEM system. Substituting the 2sinθ in the Bragg law (cf. equation 3.9), we
obtain

dhkl =
λL
|OD|

. (3.18)

with λL as the camera constant which is known for the used TEM. By measuring |OD| from
the diffraction pattern, the lattice plane spacing under study can be calculated and if knowing
the crystal symmetry and the zone axis of the pattern, the lattice parameters of the crystal can
be calculated. (cf. Fig. 3.2).

Image contrast of defects
The diffraction contrast is formed according to let either the transmitted beam (bight-field im-
age BF) or a diffracted beam (dark-field image DF) pass through the lens system by inserting
an objective aperture which is located in the back focal plane. The intensity distribution of ei-
ther the transmitted beam or the diffracted beam on the bottom surface of the crystal should be
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Figure 3.2: Schematic diagram of the electron diffraction in TEM.

calculated for understanding BF or DF diffraction contrast. The preferred condition for quanti-
tative imaging is the two-beam case with only one reflection excited, i.e., the Bragg condition
is only met for one point in the reciprocal lattice or one diffraction vector g by tilting the spec-
imen relative to the electron beam (diffraction pattern). In order to simplify the mathematical
complexity and to emphasize the physical principles involved in the analysis of the diffracted
beam, a number of assumptions and approximations were used. Splitting the crystal into layers
parallel to the surface, by using the column approximation and assuming the reflecting planes
to be normal to the surface, the unit amplitude of incident beam at the bottom of the column of
a perfect crystal is[24]

dφg =
iλFg

Vc cosθ
exp(−2πi(g+ s) · rm)exp(2πik · r)dz (3.19)

where the last exponent is the propagation factor which is constant and will be omitted in the
following treatment and z axis is taken along the column which is along the direction of the
diffracted beam. Since the deviation parameter s is closely parallel to z axis and by using
Bragg’s law, the exponent exp(−2πi(g + s) · rm) can be written as exp(−2πisz). As for the
dark-field image from imperfect crystals, the displacement vector R which is the displace-
ment of the unit cell from its proper position should be introduced. The position vector r′m
of the distorted unit cell is r′m = rm + R. Therefore, the phase factor of the unit amplitude is
exp(−2πi(g + s)(rm + R)). Neglecting the second order of small quantitative term s ·R the
phase factor becomes

exp(−2πig ·R)exp(−2πisz). (3.20)

Thus, the imperfection introduces an additional phase factor exp(−iα), where α = 2πg ·R.

Stacking faults
Stacking faults give rise to contrast in TEM because the stacking sequence will introduce a
phase change of 2πg ·R. Electrons scattered by the crystal below the planar defect will suffer
a phase change of 2πg ·R with respect to electrons scattered by the crystal above the stacking
fault. Considering the conditions g ·R = 0, g ·R = f raction and g ·R = n, where n is integer.



Figure 3.3: Imaging conditions for dislocations with maximum and minimum g ·b product.

The stacking fault will be out of contrast if the g ·R = 0 and g ·R = n, since these conditions
simply mean that the component of R along g is zero or an integral number of inter planar
spacings. While the stacking faults show contrast when g ·R = f raction. Contrast calculations
show that the contrast observed from inclined planar defects takes the form of alternative dark
and light fringes which are parallel to the trace of the defect in the foil surface[40].

Dislocation
The distortion and strain field induced around the dislocation will lead to contrast in TEM. The
magnitude of the scalar product of g ·b is used to identified the Burgers vector of dislocation.
If it is zero or very small, which means reciprocal lattice vector g is normal to the Burgers
vector, the contrast is weak, i.e., the dislocation is invisible. The dislocation will be in contrast
as the TEM imaging condition for g ·b is integer. Figure 3.3 illustrates two imaging conditions
for dislocations with maximum and minimum g · b product. More detail analysis of g · b is
summarized by Loretto[40].

Moiré patterns
A local change of orientation or spacing of the lattice plane can also give rise to the lattice
distortion and will show contrast in TEM. If g′ is now the local reciprocal lattice vector of the
distorted lattice where g′ = g + ∆g, the phase factor of unit amplitude (cf. equation 3.19) is
exp(−2πi(g′+ s) · rm). Considering the first order small quantities, the additional phase factor
is exp(−iα) where

α =−2π∆g · r. (3.21)

Selecting the objective aperture which is include the perfect reciprocal lattice vector g and the
distorted g′, a Moiré pattern will be shown in the TEM. The spacing Dm of the Moiré pattern is
the inverse ratio of ∆g. For two crystals which differ only in spacing from each other, a series
parallel fringes will be in contrast. The Moiré fringes are normal to reciprocal lattice vector g
and the spacing is

Dm =
1

∆g
=

1
1
d1
− 1

d2

. (3.22)

For two crystals with the same lattice spacing while differ in orientation by an angle β . The



Moiré fringes are parallel to the reciprocal lattice vector g and the spacing is

Dm =
1

∆g
=

1
gβ

=
d
β

. (3.23)

3.3 High-resolution transmission electron microscopy

The high-resolution electron microscopy (HRTEM) is capable of providing image information
on the level of atomic dimensions and nowadays the point-to-point resolution is already down
to 1 Å. Due to the atomic resolution, the HRTEM has achieved to be a powerful technique for
investigating grain boundaries, heterostructure interface and all kinds of extended defects etc. in
solid state materials. However, the interpretation of HRTEM images is not straightforward and
the significant advances of HRTEM technique are also depending on the progress of the image
interpretation[8]. Besides the diffraction contrast technique successfully used for understand-
ing the defect structure in the two beam conventional TEM images, the phase contrast will be
introduced here for understanding the HRTEM images.
The image of lattice planes of the crystal is given by the interference between waves of the
direct beam and corresponding Bragg-reflected beams selected by the objective aperture. The
electron wave function which goes through the specimen is complex with an amplitude and a
phase component. It is given by:

f (x,y) = A(x,y)exp(iσV (x,y)). (3.24)

In this formula, A(x,y) is the amplitude, V(x,y) is the projected electrostatic potential of the
specimen, which depends on the structure and the thickness of the crystal, and σ is interaction
constant[98]. Because the electron wave function f (x,y) contains the projected structural infor-
mation of the specimen, it is reasonable to be named as specimen transmission function. The
phase-object approximation is used by setting A(x,y)=1 for simplifying the model. In addition,
in the case of the light atoms and thin crystals, the weak phase-object approximation (WPOA)
can be used where V(x,y) and σ are small and equation 3.24 can be Taylor expanded as:

f (x,y) = 1+ iσV (x,y) (3.25)

For a very thin specimen, the amplitude of the transmitted wave function is linearly related to
the projected potential of the specimen.
In order to interpret the final lattice image, it is important to understand the relationship between
electron wave function at the bottom surface of the crystal and the final image. The electron
wavelength transmitted through the image lens systems (including the objective, intermediate
and projected lens) can be represented by a contrast transfer function T (u) where u is the recip-
rocal space vector. The contrast transfer function (CTF) times the Fourier transform function of
f (x,y) will give the final image in reciprocal space mode. The transformation is given by

G(u) = T (u)F(u) (3.26)

where F(u) is the specimen transmission function in the reciprocal space and G(u) is the final
image function. The back Fourier transform of G(u) gives the wave function in the image plane.
In the approximation of coherent illumination, the CTF T(u) is given by

T (u) = A(u)E(u)exp(iχ(u)), (3.27)
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Figure 3.4: A series of CTF curves calculated for different values of defocus. There is the phase shift of π by
exchanging the defocus of 20 nm step at the position where is marked by arrows in the series of curves.

where A(u) is the aperture function which can be expressed as a step function and represents
the information cutoff by objective aperture, E(u) is the envelope function which attenuates the
higher spacial frequencies and exp(iχ(u)) is the aberration function which represents the phase
distortion induced by the spherical aberration Cs and defocus ∆. In the aberration function, χ is
given by

χ = π∆λu2 +
1
2

πCsλ
3u4. (3.28)

Normally for a TEM system, Cs and the electron wavelength λ are fixed. The JEOL 3010
used in our lab works at 300 kV corresponding to an electron wavelength λ=0.0197 Å, a value
of spherical aberration of Cs=0.6 mm. Figure 3.4 (a)- (d) which are simulated by using EMS
package[88] show the phase transfer functions according to different values of defocus. The
curve of T (u) versus u depends only on the transmission electron microscope and the image
condition. The series of curves shown in Fig. 3.4 illustrate the effect of varying defocus ∆. For
the Jeol 3010 instrument, when the defocus ∆ is about 40 nm, the CTF has the optimum broad
passband corresponding the largest spacial frequency scale, from 1.5 nm−1 to 5.5 nm−1 shown
in Fig. 3.4 (b). The diffracted beam in this range of spacial frequency can overpass the lens
system, induce a phase shift of π/2 with respecting to the primary beam and show almost the
same contrast. If the diffraction beam lies in between the first and second zero in the CTF curve
of Fig. 3.4 (c), changing the defocus from 40 nm−1 to 60 nm−1, there is a phase shift of π . This
means there will be a contrast reversal, the white dots along atom rows will transform into dark
dots for a weak-phase object approximation.
A through-focal series of HRTEM images were taken in order to understand the dependence
of interference pattern on sample thickness and defocus. Figure 3.5 (a) and (b) are two images
among five HRTEM images of hexagonal GaN taken along the [0001] zone axis with defocus
steps of 10 nm. These two images have 20 nm difference of the defocus and show a contrast
reversal. This is in agreement with the CTF prediction. Figure 3.5 (c) is the ball-and-stick
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Figure 3.5: A through-focal series of HRTEM images of GaN along the [0001] zone axis with defocus steps of 10
nm and its simulation by using the EMS program. Image (a) and (b) have 20 nm difference defocus. (c) Ball-and-
stick model of GaN along the [0001] projection, the hexagonal frame shows the unit cell with the lattice constance
a. (d) The simulated HRTEM image of GaN along the [0001] zone axis with 5 nm - 8 nm thickness form bottom
to top and 30 nm - 60 nm defocus from left to right.

model of GaN along the [0001] axis. The N and Ga atomic position and the atomic columns are
indicated, respectively. The simulated HRTEM images of GaN along the [0001] axis by using
Stadelmann’s EMS program[88] are shown in Fig. 3.5 (d). From left to right of the images the
defocus is changed from 30 nm to 60 nm with the defocus step of 10 nm, from bottom to top the
thickness is changed from 5 nm to 8 nm with thickness step of 1 nm. The marked image with
the imaging condition of 6 nm thickness and 60 nm defocus illustrates the relationship between
the tunnel and atomic position with their HRTEM image contrast. Actually, the Ga or N atoms
sit in the positions where they show bright contrast and the tunnel positions show dark contrast
in HRTEM as the GaN specimen is 6 nm thick and the defocus is 60 nm, while with the same
thickness at 40 nm defocus, the atomic position shows dark contrast and the center of the tunnel
shows bright contrast. For the imaging condition of a defocus of 40 nm or 60 nm, in a range of
3 nm to 8 nm thickness and, the simulated HRTEM images are almost the same which are in
good match to the TEM images shown in Fig. 3.5 (a) and (b).
In general, in order to interpret HRTEM images correctly, the experimental and simulated im-
ages must be compared and brought match over a large scale of thicknesses and defocus values.



Chapter 4

Electron irradiation and phase
transformation of γ-LiAlO2

In this chapter, an overview is given about the material properties such as the crystal structure,
some physical properties and the chemical stability of γ-LiAlO2 and its related polymorphic
α-LiAlO2. The TEM sample preparation of the γ-LiAlO2 material is introduced in detail. We
investigate the structural stability of γ-LiAlO2 under the irradiation with high energy electron.
The results of irradiation damage and phase transformation happened in the substrate material
are presented at last.

4.1 Crystal structure and polymorphism in LiAlO2

γ-LiAlO2 as substrate material for GaN heteroepitaxy
GaN and its related alloys are the outstanding candidates for optoelectronic devices with short
wavelength such as blue or even violet laser diodes. In spite of the rapid successful development
made in GaN-based laser diodes in these years, some problems remain to be solved. The most
important problem is related to the substrate selection. In heteroepitaxial growth, it is useful to
select a substrate with the same surface geometry as the deposit material, with small lattice and
thermal expansion mismatches, smooth and clean surfaces as well as high chemical and ther-
mal stabilities for growing perfect films with low densities of extended defects. Al2O3(0001)
and SiC(0001) are the most world-wide used substrates for GaN growth and the fabrications of
GaN-related light-emitting diodes or laser diodes. Unfortunately the large lattice and thermal
expansion mismatch lead to epilayers containing high densities of extended defects. In addi-
tion, the presence of the internal electrostatic fields within the active layer limit the luminous
efficiency of GaN related materials [7, 6, 13]. These fields are generated by the spontaneous and
piezoelectric polarization along the [0001] growth direction of hexagonal group-III nitrides.
γ-LiAlO2 seems to be a promising substrate for GaN-based laser diodes fabrication. The suc-
cessful epitaxial growth of M-plane GaN, (Al,Ga)N and (In,Ga)N multi-quantum well structures
on tetragonal γ-LiAlO2 in a non-polar [11̄00] direction allows the fabrication of structures free
of electrostatic fields, resulting in an improved quantum efficiency[103]. Table 4.1 lists some
critical properties of various single crystal substrates for GaN epitaxy[32]. Among the five sub-
strates, γ-LiAlO2 has the smallest lattice constant mismatch and also a smaller difference in
the thermal expansion coefficient compared to Al2O3. In addition, unlike to Al2O3 or SiC, γ-
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Table 4.1: Properties of various single crystal substrate.

Material Crystal structure Lattice Thermal expansion Cleavage Thermal
mismatch(%) mismatch (%) plane stability

Si Diamond 20.1 -2.0 (111) Good
GaAs Zinc blende 25.3 0.4 (110) Fair
SiC Wurtzite -3.4 -1.4 (1100) Good

Al2O3 Corundum -13.8 1.9 (1102) Good
γ-LiAlO2 Tetragonal 1.7 [001], 0.3 [010] 1.7 (001) Fair

LiAlO2 can be selectively etched with respect to GaN. By using the selective etching technique,
free-standing GaN epitaxial structures can be obtained. This process enables the production of
on-chip LEDs.
However, the limited knowledge about the physical and chemical properties of γ-LiAlO2 causes
a lot of problems of the TEM sample preparation and TEM micrograph. In the course of the
present work, the properties of γ-LiAlO2 that affect the TEM sample preparation and the TEM
measurements under the ambient condition of the electrons with high energy were studied.

Crystal structure and polymorphism of LiAlO2

It has been reported that LiAlO2 has three different types of crystal structures, the trigonal α-
LiAlO2, the orthorhombic β -LiAlO2 and the tetragonal γ-LiAlO2 phase [63]. In the present
study only the α and γ phases are of interests (in the later study, we will show that the β phase
is not involved in the phase transformation of γ-LiAlO2). The crystal structures of both phases
are summarized in the following.
The tetragonal structure γ-LiAlO2 contains four molecules in a unit cell. The lattice constants
of the unit cell are a=b=5.1687±0.0005 Åand c=6.2679±0.0006 Å, respectively [42] and the
calculated density is 2.615 g.cm−3. The space group of this crystal is P412121 containing one
4-fold and two 2-fold symmetry axis. The ball-and-stick model of the primitive unit cell of
γ-LiAlO2 is shown in Fig. 4.1. As can be seen from this figure, the unit cell consists tetrahedral
structure, with Al and Li atoms in the centers and O atoms at the vertices and vice versa.
Therefore, each atoms is tetrahedrally coordinated in this structure.
The trigonal α phase of LiAlO2 is the metastable low temperature form, which is irreversibly
converted to γ phase at the temperature above 600oC[36]. The lattice parameter of α-LiAlO2
are a=2.801 Åand c=14.214 Å[37]. The space group symmetry of this crystal is R3m. The
unit cell of this structure and its projection along [001] axis are shown in Fig. 4.2 (a) and (b),
respectively. The (001) plane is occupied with atoms of the same type [cf. Fig. 4.2 (a)]. The
metal Al and Li layers are separated by inserting O layers in between and the repeating sequence
is -Al-O-Li-O- along c [001] axis. Figure 4.2 (b) shows that α-LiAlO2 has the hexagonal closed
packed structure with 3̄m symmetry as viewed along the c projection. In each monolayer of α-
LiAlO2, every atom shares bonds with its surrounding six opposite polar atoms located in its
adjacent two layers, the coordination for close-packing.
The main difference between the α and γ phase of LiAlO2 is that in the α phase the cations have
octahedral coordination while in the γ phase, they have tetrahedral coordination. Therefore, the
α phase is denser and should be stable at high pressure[43]. Indeed, the calculated density of
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Figure 4.1: Ball-and-stick model of the γ-LiAlO2 primitive unit cell.

the α phase is dα=3.401 g/cm3 which is larger than the density of γ phase dγ=2.615 g/cm3.
Marezio[43] have found that the γ-LiAlO2 will transform to the α phase under the condition of
high pressure. In fact, by applying a pressure of 35 kbar at 850oC on γ-LiAlO2, and quenching
to room temperature under pressure, a new α phase is obtained which is metastable[43].

4.2 TEM sample preparation

The sample preparation is an important prerequisite for transmission electron microscopy. To
be transparent for an electron beam, a sample must be made extremely thin. In addition, the
specimen surface should be smooth, flat and clean. This requires sophisticated techniques and
instruments and a great deal of skill and patience. There are a wide range of different preparation
procedures for transmission electron microscopy (TEM). Before going to detail about sample
preparation, the useful specimen thickness is discussed first.

Useful specimen thickness
The maximum useful thickness of a specimen depends on the type of electron-specimen in-
teraction used to form the image contrast and the accelerating voltage of the electron. In the
conventional TEM by using the direct beam in bright-field or the Bragg-reflection in dark-field
diffraction contrast mode, the specimen thickness is only limited by the intensity of the beams.
Normally, the useful thickness should be in the range of a few hundred nanometers. However,
in the case of HRTEM, working in the phase-contrast mode, the thickness of the specimen is
far more critical (cf. chapter 3.3). In the phase-object approximation the wave amplitude is con-
stant and the specimen should be thin enough that dynamic theory can be neglected. In order to
resolve a periodicity d in the specimen containing light atoms, the thickness should not exceed
the following value[39]

t ≤ d2

2λ
. (4.1)

Thus, under this approximation, for achieving the atomic resolution d=1.7 Åand λ=0.0197 Åof
the Jeol 3010 microscope (accelerating voltage is 300 kV), the thickness t is less than 7.5 nm.
It demonstrate how thin the specimen should be for HRTEM. Therefore the edge of specimen
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is used for HRTEM that should be in the range of several nanometer.

TEM specimen disc preparation
We are using established procedures, including cutting, grinding, polishing and ion-sputtering.
For cross-sectional sample preparation the “Two in One” cross-sectional TEM specimen prepa-
ration technique is applied[41]. The equipment of the specimen preparation at the facility allows
samples to be prepared for microscopy from a wide variety of materials. In this section only the
critical technique with respect to γ-LiAlO2 material will be discussed.
The procedure of specimen preparation is divided into three main steps including 1) disc prepa-
ration 2) disc grinding and polishing and 3) ion-sputtering.
The preparation procedure of the disc is illustrated in Fig. 4.3. The 1× 1 cm2 square wafer of
sample is cut along two perpendicular directions by using a diamond saw in order to obtain two
2×6 mm2 rectangular pieces. The sample surface is cleaned by using acetone solvent. Then a
layer of G1 epoxy is smeared out on the surface of the epitaxial film of each piece and put the
two pieces together with the surface with G1 epoxy facing to each other. This geometry is for
protecting the film surface during the mechanical grinding and subsequent ion-sputtering. The
cross-sectional pair is tightly packed together and heat-treated at 100oC for at least 1 hour on
the heating plate. Actually the piece of specimen has a slightly arch shape due to the coherent
strain state (as will be discussed in chapter 5). Therefore, not too much force should be applied
when packing the two pieces together, otherwise, it will induce cracks in the specimen. The 2
mm wide strip pair is inserted into the copper cylinder (diameter around 3 mm) accompanied
by two or more pieces of dummy materials for fixing together. Normally the dummy material
is selected to be the same material as the substrate for having the same ion-sputtering rate. The
free space is filled with G1 epoxy and the assembled specimen is cured for another one hour on
the heat plate. At last, the assembly is cut into slices with a thickness of about 450 µm, which
are ready for disc grinding and polishing.
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Disc grinding and polishing
The general steps of our TEM specimen preparation is shown in Fig. 4.4. The specimen disc
is mechanically ground down to 100 µm from both sides by using the diamond grinding plate.
The size of the diamond grain embedded in the plates are subsequently changed from coarse
(15 µm) to fine (6 µm). One side of the specimen is carefully polished by using diamond
paste. The size of diamond grain of the sprayer for polishing are changed sequently from (6
µm) to (1 µm), respectively. For the qualified specimen after polishing, no stripe line crossing
the surface should be observed in the optical microscope. Because the (001) plane of γ-LiAlO2
is a cleavage plane and this material is quite fragile, cracks can be easily induced during the
grinding procedure. When the thickness is reduced to around 150 µm, the grinding process
should be performed slowly and carefully with extreme patient. The other non-polished side is
ground and polished by a commercial dimple machine (Gatan: Precision Dimple Grinder and
Polisher). It was ground down to 30 µm in the center by using 6 or 3 µm diamond grain and
sufficiently polished with 1 µm diamond grain. For avoiding cracks the pressure was set to be
smallest (the mass of the poise is about 3 or 4 mg). The copper grinding ring which contains
diamond grains should be always full of water. The water is not only helpful for lubricating
that could avoid the easily induced crack accidents but also gives advantage for the grinding
velocity because γ-LiAlO2 can be slowly etched by water.

Ion milling
The TEM samples are ion milled for several hours which is strongly depending on the thickness.
In order to reduce the working time of ion milling procedure, it is better to abate the thickness
only in the center of the specimen as thin as possible, while the specimen is still stable enough
for handling and not penetrating a hole during dimpling. The thickness of around 20 µm to 30
µm in the center and 100 µm of the outer part are suitable parameters for ion milling.
The specimen is removed from the holder by soaking it into the acetone for about 1-2 hours.
Then it is transferred into the ion milling machine (Gatan: Precision Ion Polishing System).
This ion milling system is equipped with two ion milling guns, which generate inert (Ar+)
ionic beams under high voltage (1-6 kV usually) to thin the specimens from both sides until
perforation. The tilt angle of the guns varies from 0o to 10o. In our ion milling precess, the
accelerating voltage of the Ar+ beam is 3-4 kV and the maximal beam current is around 10
to 20 µA. Because of the difference in hardness of the glue, epilayer and substrate materials
in the cross-sectional TEM specimen, the sputter rate will be faster for the softer materials.
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Figure 4.4: General steps of TEM specimen preparation.

The argon gun works in the ion-beam modulation mode for reducing the preferential thinning
effectiveness.

4.3 Specimen damage and instability under electron irradia-
tion

In our TEM studies, we reveal that the γ-LiAlO2 crystal is unstable under the high energy
electron beam. An irradiation damage and phase transformation happen during electron beam
irradiation. This experimental result was obtained by analysing the Bragg-reflections in selected
area electron diffraction (SAD pattern) and in TEM images of lower magnification.
In chapter 3.1, we have already mentioned that a thin specimen can be damaged during electron-
specimen interaction by heating up or by point defect generation induced by knock-on collision
processes. The γ-LiAlO2 crystal reacts extremely sensitive to the high energy electron beam
in the TEM as it is evidenced by the fact that the irradiation damage is performed very fast.
This is proved by the following experimental result. Figure 4.5 (a) shows a bright-field TEM
micrograph of the γ-LiAlO2 specimen taken along its [010] zone axis. The image is taken
near the ion-sputtered hole. The experimental conditions are such that we first have aligned the
sample somewhere else, then, shifted it to a “fresh” and unexposed area to start the irradiation
examination. The observations are carried out whit a constant current (fixed filament current,
condenser aperture and spot size) but varying current density, i.e., converging the beam from
about 200 nm in diameter to about 30 nm. The irradiation time for both cases was 10 sec and,
finally, the beam was completely spread over the whole screen to take the photo (exposure time :
2 sec). In this figure, two irradiated areas of circular shape are clearly seen compared to the dark
background of the non-irradiated material. The circular shaped area which shows bright contrast
is the result of the damage of electron irradiation. The inside circular area with 30 nm diameter
is a damage hole. Figure 4.5 (b) is the intensity profile along the areas marked by the straight
line in Fig. 4.5 (a). Obviously, the hole shows the strongest contrast in the bright-field image.
Since the beam current is constant, the current density of the electron beam for generating the
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Figure 4.5: (a) TEM photo shows irradiation damage under the electron beam of 300 kV, a hole generated after
10 seconds of radiation under converged electron beam. (b) The intensity profile corresponding to the area marked
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hole is about 50 times to the density for irradiating the outside circular area. (j=I/A where j
is the current density, I is the current and A is the area where the current pass through. The
area, A, is proportional to the square of the diameter.) The damage goes comparable faster with
higher current density. Due to the fact that, at last, a hole is generated by the electron irradiation,
the damage process must accompany with the reduction of material. The damage in γ-LiAlO2
induced by electron irradiation like the damage induced by heating up during electron-specimen
interaction. However, the cooling holder filled in by liquid nitrogen is not helpful for lowering
the irradiation damage during the TEM experiment. In addition, the α phase is stable at low
temperature and will transform into γ phase in the high temperature (above 600oC). Therefore,
the damage of γ-LiAlO2 by heating up is not for sure.
Summarizing the results, the electron irradiation process decomposes the γ-LiAlO2 crystalline
structure and results in the continuous damage. The damage velocity is proportional to the beam
current density. The mechanism of the electron irradiated damage is not clear and still under
discussion. Reduction of the accelerating voltage shows qualitatively the same results and also
cooling of the specimen during TEM dose not change the radiation damage in a measurable
way.

4.4 Electron irradiation-induced phase transformation

As a mater of fact, the electron-specimen interaction results not only in the decompositions of
the crystalline material, but additionally we observe an intermediate stage of phase transforma-
tion. Within this study, the SAD patterns were used to identify this new phase.
Figures 4.6 (a)-(d) are a series of SAD patterns along the [010] zone axis of γ-LiAlO2 which are
taken by selecting the same electron irradiated area in the specimen. We aligned the specimen
elsewhere, then insert the field limiting aperture with smallest diameter. We shift the specimen
to a “fresh” area and then spread out the electron beam to produce the parallel illumination to
take a SAD micrograph. The image is shown in Fig. 4.6 (a) which records the initial stage of
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Figure 4.6: (a)-(d) Series of SAD patterns of γ-LiAlO2 which were taken at the same area by using different
electron irradiation time; the electron beam is along the [010] axis of γ-LiAlO2: (a) SAD pattern records the initial
stage. The overall irradiation time for (b), (c) and (d) are 4, 8 and 16 min, respectively. The diffractions spots in
(d) shows hexagonal symmetry. They are grouped by circular rings and are numbered from 1 to 6. The hexagon
that is located on the diffraction spots marked by No. 3 ring is the duplication of the hexagon shown in (f). (e)
Calculated diffraction pattern along the [010] zone axis of γ-LiAlO2. (f) Calculated diffraction pattern along the
[001] zone axis of α-LiAlO2 which is showing a good match to the diffraction pattern in (d). α and γ denote the
α and γ phase LiAlO2 in (a), (d), (e) and (f).

the specimen. This is defined as the starting point of the electron irradiation. The experimental
conditions in the subsequent figures are that the electron beam that was converged to the same
selected area for strong electron irradiation. The overall irradiation time for Figs. 4.6 (b), (c)
and (d) are 4, 8 and 16 mins, respectively. Except the irradiation time all other conditions are
the same for this series of micrographs, including photo exposure time with 8 seconds, camera
length (L) and the electron energy (300 keV). Figure 4.6 (e) and (f) are the diffraction patterns
of γ-LiAlO2 along the [010] axis and as we will see α-LiAlO2 along the [001] axis, both are
simulated by using the kinematical theory (Stadelmann’s EMS program [88]).
The diffraction pattern shown in Fig. 4.6 (a) is in good match to the simulated diffraction pattern
shown in Fig. 4.6 (e). Some additional diffraction spots such as (001) and (010) marked in Fig.
4.6 (a), which are also forbidden in dynamical simulation, are due to double diffraction. The
(003) spot shows strong reflection intensities. This unusual strong intensity is the results of the
misalignment from the [010] zone axis. Although Fig. 4.6 (a) reflects the initial stage of irradi-
ation damage, weak extra sports marked as “trace” exist already. After electron irradiation for 4
min (cf. Fig. 4.6 (b)) the extra diffraction spots become stronger and show hexagonal symmetry.
In Fig. 4.6 (d), the diffraction spots of γ-LiAlO2 along the [010] zone axis are almost vanished
and the extra spots with hexagonal symmetry come up. This means, the γ-LiAlO2 phase is
disappearing and another new phase is generated due to high energy electron irradiation under
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Figure 4.7: (a)-(c) Series of SAD patterns which were taken at the same area by using different electron irradiation
time, the electron beam is along the [001] zone axis of γ-LiAlO2. (a) The SAD pattern records the initial stage. The
overall irradiation time for taking SAD patterns (b) and (c) are 8 and 16 mins , respectively. The extra diffraction
spots in figure (b) are marked by arrows. The polycrystalline rings in figure (c) are marked by circular rings which
are numbered from 1 to 6.

high vacuum conditions (column vacuum is about 2× 10−5 Pa). The diffuse background is
observed in this series SAD patterns and it comes stronger and stronger from Fig. 4.6 (a) to (d).
This diffuse halo is corresponding to the diffraction of the amorphous material that is resulted
of the electron irradiation damage. In addition, the transmitted electron beam becomes stronger
during the irradiation process. This observation indicates that the phase transformation pro-
cess is accompanied by a material reduction of the specimen due to the electron beam induced
irradiation damage.
The γ-LiAlO2 layer is sensitive to the electron irradiation not only along the [010] axis but also
along the [001] direction. The damage and phase transformation process were recorded in the
SAD patterns shown in Fig. 4.7. Fig. 4.7 (a) is the diffraction pattern for the initial stage showing
a diffraction pattern of the [001] zone of γ-LiAlO2. Figure 4.7 (b)-(c) are taken from the same
irradiated area as in (a) and the overall irradiation time is 8 and 16 min, respectively. The extra
weak diffraction spots marked by arrows in Fig. 4.7 (b) are observed. These extra diffraction
spots are corresponding to the other material which is induced by phase transformation of γ-
LiAlO2. After 16 min irradiation, in contrary to the irradiation process observed along the [010]
axis of γ-LiAlO2, there is no additionally symmetric pattern in this series of SAD patterns.
However, diffraction spots arranged on circular rings are finally found in Fig. 4.7 (c). The rings
formed by diffraction spots are the reflections of the polycrystalline material. The following
calculated results of planar spacings show that the polycrystalline material is according to an
other material but not γ-LiALO2.
In order to quantitatively identify the phase that is transformed under the electron beam, the
diffraction patterns were evaluated using equation 3.18. We use the same lens condition for
taking this series of SAD pattern, therefore, the camera constant λL=dhkl|OD| is not changed.
By taking the diffraction pattern of γ-LiAlO2 in Fig. 4.6 (a) as reference, the lattice plane
spacing d can be calculated and the equation 3.18 transform into

d =
dγ

hkl|OD|γ

|OD|ring , (4.2)

where dγ

hkl is the lattice plane spacing of (hkl) planes of γ-LiALO2, |OD|γ is the distance of the
corresponding γ-LiALO2(hkl) diffraction spot and |OD|ring is the mean distance of the diffrac-
tion spots marked by circular ring. The lattice plane spacings of the extra spots marked by



Table 4.2: Measured lattice plane spacings of corresponding diffraction spots marked in the Fig. 4.6 (d) and Fig.
4.7 (c).

No. Fig. 4.6 (d) Fig. 4.7 (c)
d (Å) d (Å)

1 2.82± 0.02 2.80 ± 0.05
2 2.39± 0.04 2.35 ± 0.03
3 1.40± 0.02 1.95 ± 0.01
4 1.20± 0.02 1.39 ± 0.01
5 0.81± 0.02 1.18 ± 0.02
6 0.69± 0.01 0.79 ± 0.02

circular rings in Fig. 4.6 (d) and Fig. 4.7 (c) are calculated by using this equation. The results
are listed in table 4.2.
Carefully comparing the SAD patterns shown in Fig. 4.6 (a) and (d), we find that the diffraction
spots arranged on the rings marked as No. 2 and No. 4 in (d) belong to γ-LiAlO2 {200} {102}
{102} and {105} {402} {402} planes, respectively. The others rings are made up from the
diffraction spots of another phase of LiAlO2 or other generated materials.
γ-LiAlO2 can dissociate into Li2O and Al2O3 at a temperature as high as 1670 K[61]. The
dissociation reaction is[61]

2γ−LiAlO2(s) = Li2O(g) +α−Al2O3(s), (4.3)

where s and g denote the solid and vapor phase, respectively. Other dissociation process would
occur at even higher temperature. The electron irradiation could damage the specimen by heat-
ing it up. But such a high temperature is not accessible under the condition in the TEM experi-
ment. If the dissociation happened, the solid state α-Al2O3 would be deposited on the specimen
and could be detected in the SAD pattern. However, although the diffraction pattern of α-Al2O3
along c [0001] zone axis shows hexagonal symmetry, the calculated planar spacings of No. 1,
3, 5 or 6 in Fig. 4.6 (d) listed in the table. 4.2 are not in agreement with the spacing of the lattice
planes along zero order c zone axis of Al2O3 (a=4.76 Å). Therefore the dissociation reaction of
γ-LiAlO2 and α-Al2O3 generation can be excluded. The orthorhombic β -LiAlO2 doesn’t have
hexagonal symmetry along any zone axis, so β -phase can be excluded either.
α-LiAlO2 has 3 symmetry along the [001] axis. Since the SAD pattern is not sensitive to the
inversion symmetry, it shows hexagonal symmetry. The diffraction pattern along the [001] axis
of trigonal α-LiAlO2 was simulated (cf. Fig. 4.6 (f)). This simulated diffraction pattern is in
good agreement with the diffraction spots marked by No. 3, 5, 6 circular rings in Fig. 4.6 (d).
The {110} and {120} diffraction spots which show hexagonal symmetry in Fig. 4.6 (f) are
connected by a bold line forming a hexagon. The duplication of this hexagon is placed on the
diffraction spots marked by No. 3. The perfect matching between the vertexes of the hexagon
with the diffraction spots proves that the diffraction spots are generated due to the α of phase
LiAlO2. In addition, the planar spacings of the zero order lattice planes along the [001] zone
axis of α-LiAlO2 listed in table 4.3 are exactly the same as the results deduced from reflections
marked as No. 3, No. 5 and No. 6 in Fig. 4.6 (d). This confirms that the γ phase LiAlO2 will
transform to the α phase under the condition of electron irradiation. The orientation relationship
is that the [001] axis of α phase is parallel to the [010] axis of the γ phase with (004)γ ‖ (210)α ,



Table 4.3: The lattice plane spacings of the lattice planes (hkl) of the zero order [001] zone axis and planes normal
to the [001] axis of α-LiAlO2.

(hkl) of α-LiAlO2 d(hkl) (Å)
planes of (120),(110),(210) 1.40
zero order (300),(030),(330) 0.81
[001] zone (240),(220),(420) 0.70

planes (0 0 6) 2.37
normal to (0 0 12) 1.18
[001] axis (0 0 18) 0.79

(302)γ ‖ (110)α and (302)γ ‖ (120)α , i.e.,
[001]α‖[010]γ and (210)α‖(004)γ , (110)α‖302)γ , (120)α‖(302)γ .
The same phase transformation process is observed when the electron beam is along the [100]
axis. This is because there is no difference between [100] and [010] axis as expected from the
tetragonal symmetry of γ-LiAlO2.
When the electron beam is parallel to the [001] axis of γ-LiAlO2, the measured lattice plane
spacings deduced from the rings marked as No. 2, No. 5 and No. 6 in Fig. 4.7 (c) are consistent
with the distance of the [001] axis normal planes (0 0 6), (0 0 12) and (0 0 18) of α-LiAlO2, re-
spectively (cf. table 4.2 and 4.3). The diffraction spots along the ring of No. 4 are the reflections
of (120) (210) (110) planes which are along the [001] zone axis of α-LiAlO2. In this SAD pat-
tern, the diffraction spots group together and form circular rings, therefore, the polycrystalline
α phase is formed under the electron beam irradiation.
If the specimen is exposed to the converged electron beam for longer time or converged the
beam with even stronger current density, all the crystallized information will be disappear, the
irradiated material will transforms to the amorphous state and the specimen-electron interaction
ends up with a damage hole. The phase transformation is only an intermediate state during the
process.

Phase transformation morphology along the [010] orientation of γ-LiAlO2

In the previous section, we have found that γ-LiAlO2 will transform into α phase of LiAlO2
when the electron beam irradiates the γ-LiAlO2 crystal. In the following, the electron irradiation
process along the [010] orientation will be carefully studied by using conventional TEM for
understanding the morphology of phase transformation.
As long as the electron beam is irradiated on the γ-LiAlO2 layer, the phase transformation and
irradiation damage will occur. Figure 4.8 (a) and (b) show dark-field images which were used
to record the morphology of phase transformation. The images were taken near along the [010]
zone axis of γ-LiALO2 and the diffracted beam, which is selected for imaging, is marked as a
circle in the inserted SAD pattern in Fig. 4.8 (a) and (b). Before the image was taken, the beam
was converged for 10 sec with the diameter of about 0.5 µm. Then the electron beam was spread
out and the Fig. 4.8 (a) was taken in lower magnification. Figure 4.8 (b) is the image at higher
magnification, and the area which was recorded is marked in Fig. 4.8 (a) by a rectangle (cf. Fig.
4.8). The inserted SAD pattern in Fig. 4.8 (a) shows clearly hexagonal symmetry. The selected
reflection for this two images is (1̄1̄0)α , one of the six diffracted beams from the α phase. In
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Figure 4.8: Dark field images of γ-LiAlO2 along the [010] zone axis, the diffracted beam selected for imaging (a)
and (b) is marked in the inserted SAD images. (b) The magnified dark field image of the selected area marked in (a)
by rectangular. The diagram the generation of the Moiré fringes pattern is inserted in (b). α represent α-LiAlO2.

Fig. 4.8 (a), the region that has been illuminated by the converged electron beam and the region
outside are clearly distinguished. The contrast difference is according to the difference of the
phase transformation stage. In the region, where the electron beam has been converged for a
few minutes, the intensity of the electron beam is considerably stronger and the irradiation time
is quite long compared to the other areas. Thereby, the γ-LiAlO2 is almost fully transformed
to the α phase and a clear boundary exists to the surrounding area. In the dark-field image, the
α phase LiAlO2 should be in contrast because the diffracted beam of the α phase is selected.
In the phase transformed region, a lot of small clusters are in contrast. These clusters are the
nucleated islands of the α phase LiAlO2 with diameter of about 20 nm.
Moiré fringes are observed in the nucleated islands in Fig. 4.8 (b). The fringe distance is about
2.7 nm. The diffraction spot, which is selected for imaging, is not of round shape but elongated
along the radius-normal direction. The radius is given by from the primary spot to the diffrac-
tion spot. This elongation of the diffraction spots means that at least two α-LiAlO2 nucleation
islands overlap and are misorientated a few degree along the c axis. Therefore the Moiré pattern
is a rotation Moiré pattern[24]. The inserted diagram illustrates the generation of rotation Moiré
fringes. Actually, the Moiré fringes are perpendicular to the elongation direction of the diffrac-
tion spots and this fact just accounts for the rotation Moiré fringes. The measured lattice plane
spacing of the diffracted planes is 1.40 Å(No. 3 of Fig. 4.6 (d) in table 4.2). The misorientation
angle is about 0.045 radian. By using equation 3.23, the fringes distance is about 3.1 nm which
is consistent with the measured distance of 2.7 nm from Fig. 4.8 (b).
In conclusion, as the electron beam irradiate γ-LiAlO2 along its [100] zone axis, small nucleated
islands of the α phase LiAlO2 are formed during the phase transformation. These nucleated
islands spread out gradually and are slightly misorientated along the c axis of the trigonal α-
LiAlO2. In the following paragraph, an basic idea of the phase transformation mechanism is
presented.
Figure 4.9 (a) and (b) show the γ-LiAlO2 crystal along its [100] axis and α-LiAlO2 crystal along
its [001] axis, respectively. The γ-LiAlO2(100) and α-LiAlO2(001) surface morphologies are
represented in these two images. In Fig. 4.9 (b), the oxygen atoms in α-LiAlO2(001) plane
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Figure 4.9: Ball-and-stick models of the (a) γ-LiAlO2(100) surface and (b) α-LiAlO2(001) surface, respectively.
The dash line with vertexes located in the oxygen atoms indicates the quasi-hexagonal symmetry, the dash-dot line
is the duplication hexagon which is shown in (b). The angle α between the edge of the two hexagons is formed by
putting the adjacent edge and public vertex superimposed to each other. The dash-dot line located in the oxygen
atoms shows hexagonal symmetry.

show perfect hexagonal symmetry. The dash-dot line forms a hexagon with its six vertexes
at the positions of the oxygen atoms. The distance between the oxygen atoms is the lattice
constant aα (2.801 Å) of α-LiAlO2. In the case of the γ-LiAlO2, the oxygen atoms marked
by the dash line in γ-LiAlO2(100) plane show quasi-hexagonal symmetry due to the distorted
tetrahedra structure [cf. Fig. 4.9 (a)][42]. The dash-dot line is the duplication of the one that is
shown in Fig. 4.9 (b). These two hexagons show the mismatch of the oxygen atoms between
the two phases of LiAlO2. The distance dγ between the oxygen atoms of γ-LiAlO2 varies from
2.875 to 3.301 Å[42]. Thereby, the local mismatch varies from 2.6% to 17.8% calculated by the
equation (dγ −aα)/aα ×100%. The mismatch is not only in the case of the bond distance but
also in the case of the direction. The angle α shown in Fig. 4.9 (a) illustrates the misorientation
between the quasi-hexagonal symmetry and the hexagonal symmetry in local edge.
Based on the similar surface morphology according to the oxygen atoms in γ-LiAlO2 (100)
plane and α-LiAlO2(001) plane, the phase transformation mechanism from γ phase to α phase
under the high-vacuum condition is made up. It can be: first, the electron irradiation breaks
the Al-O or Li-O bonds. This process decompose the crystalline structure of γ-LiAlO2. The
dissociative Al, Li and O atoms are still adsorbed on the (100) surface of γ-LiAlO2. Under
the electron beam, the new α-phase will nucleate in the epitaxial orientation because of the
low interfacial energy. This interface energy is small because of the small lattice parameter
mismatch as mentioned before and because of the rebuilt of stable Al—O and Ga—O bonds
across the interface. Next, the critical nuclei of α phase LiAlO2 can grow up gradually. In the
further stage of growth, the α phase LiAlO2 is fully relaxed as characterized by SAD pattern (cf.
splitting of spots in Fig. 4.6). Before relaxation, the α-LiAlO2 nuclei are tensile strained and,
additionally, there is a shear stress to accommodate the rotational misorientation with respect to
the γ-LiAlO2 surface as denoted in Fig. 4.9 (a) by the angle α . The coalescence of misoriented
islands are responsible for the measured Moiré pattern that is observed in Fig. 4.8. The nuclei
will then rotate for a few degree along its c axis during the strain relaxation process.
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Figure 4.10: Dark-field image of γ-LiAlO2 along the [001] zone axis showing phase transformation morphology
and irradiation damage.

Phase transformation morphology along the [001] orientation of γ-LiAlO2

The morphology of phase transformation of γ-LiAlO2 depends on the direction of the electron
beam irradiation. There are no differences between the morphology of the (010) and (100)
planes for electron beam irradiation. However, when the electron beam is along the [001]
axis of γ-LiAlO2, the morphology of the phase transformation shows totally different features
compared to the case when the electron beam is parallel to the [010] or [100] axis.
Figure 4.10 is a dark-field image of γ-LiAlO2 along the [001] zone axis. The SAD pattern is
inserted in this image. No isolated nuclei are found in this figure. However, fringes that spread
out over the whole irradiation area are observed along the two perpendicular directions [110]
and [110]. These directions of the fringes are identified by the inserted diffraction pattern. The
mean distance between the fringes is about 15 nm. The mechanism of the fringe construction
is unclear at present. Nevertheless, it reveals that the morphology of phase transformation is
direction dependent. Furthermore, holes are generated by converging the electron beam within
less than 10 sec.
Summarizing the results, we observe that γ-LiAlO2 is extremely sensitive to the electron irra-
diation. The speed of the damage of γ-LiAlO2 is proportional to the current density and is very
fast for the given experimental conditions. The electron irradiation damage decompose the crys-
talline structure of the material, transform it into amorphous structure and end up a damage hole.
Accompanying with the irradiation damage, the γ phase LiAlO2 will temporarily transformed
into the metastable α phase. The morphology of phase transformation is orientation-dependent.
As the electron beam is parallel to γ-LiAlO2 [100] or [010] zone axis, small nuclei of α phase
will be generated. These nuclei are misorientated by a few degrees along its c axis. In the [001]
projection, the morphology of the α phase is still under discussion.



Chapter 5

General aspects of heteroepitaxy

This chapter gives an introduction to the heteroepitaxial growth mode including the three basic
types. In order to understand the anisotropic strain state in the heteroepitaxial layer, the equa-
tions of elastic energy and out-of-plane strain for M-plane growth are derived. Finally from an
energy point of view, the critical thickness for misfit dislocation generation is calculated and
discussed with respect to the dislocation glide processes.

5.1 Heteroepitaxial growth mode

Heteroepitaxial growth is an important component in the development of new materials. In
the last 10 years, heterostructures combining dissimilar materials have induced much interest
because a variety of novel properties has been realized, such as in the case of wide band gap M-
plane GaN grown on γ-LiAlO2[103]. Because the microstructure strongly affects the physical
properties of the system, it is important to understand the epitaxial growth and the related defect
generation mechanism from a basic as well as scientific point of view.
The initial step of epitaxial growth is the deposition of the atoms on the substrate surface and
the formation of small oriented cluster that can grow and coalesce together to form a continuous
film. Considering thermodynamics equilibrium, the growth mode is determined by the relative
free energies of substrate surface γs, deposit surface γd and the film/substrate interface γi[4, 99].

1 layer mode
F-M

2 island mode
V-W

3layer-island mode
S-K

Figure 5.1: Schematic diagram of three basic growth modes: layer mode (Frank-van der Merwe), island mode
(Volmer-Weber) and layer-island mode (Stranski-Krastinov).
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Figure 5.2: Schematic diagram of the hexagonal unit cell with the primitive translation vectors ai and the set of
Cartesian unit vectors(ex, ey, ez). a0 and c0 denote the lattice constants. The plane filled in by dark shade is the
(11̄00) M-plane. The lattice constants given in this figure refer to GaN.

Figure 5.1 schematically illustrates the three basic modes: 2D layer-by-layer growth, which was
first described by Frank and Van der Merwe (F-W)[15], 3D island growth identified by Volmer
and Weber (V-W)[100] and the layer-island growth , an intermediate case, which was found
by Stranski and Krastanov (S-K). Here, 2D initial growth is followed by the formation of 3D
nuclei[90]. If the total free energy is lowered by the deposition of the epilayer, i.e.,

γd + γi < γs, (5.1)

the 2D growth mode is adopted. The deposited atoms are strongly bonded to the substrate
surface atoms resulting in a complete wetting behavior. On the contrary, the interface energy is
high and the substrate surface energy is low, i.e., if the sign in equation 5.1, a transition from
2D to 3D is favored reflecting the non-wetting behavior of the epilayer-substrate system. In the
lattice-mismatched case, the growth mode is additionally affected by the elastic strain in the
epilayer.

5.2 Strain and misfit dislocations of hexagonal epitaxial thin
films

Unit cell of hexagonal geometry
The crystal structure of group-III nitrides is wurtzite. The unit cell of the wurtzite structure is
shown in Fig. 5.2. It is constructed by the hexagonal basal plane with the edge length of lattice
constant a0 and the six rectangular prism planes with the height of lattice constant c0. The
primitive translation vectors a1, a2 and a3 are readily expressed by

a1 = a0ex, a2 =−a0

2
ex +

√
3a0

2
ey, a3 = c0ez (5.2)

within the set of orthonormal basis vectors (ex, ey, ez) in a three-dimensional Cartesian coor-
dinate system. The first two vectors a1 and a2 are located in the basal plane (x-y plane in the
Cartesian reference frame). The angle between them is 120o. The third vector a3 is normal to
the basal plane and stacks the close-packed planes above one another in a distance c0/2.



Stress and strain tensor
The stress is the force per unit area that is acting on an oriented surface of the solid. In static
equilibrium state there are no net forces or torques acting on the crystal. The stress therefore is
symmetric and has a total number of six elements which is represented in a second-rank tensor,
with three normal components σxx, σyy and σzz and three shear components σyz, σzx and σxy.
The strain is the measure of the deformation of the crystal due to external stress. The deforma-
tion involves in stretching or compressing bonds within the crystal, and results in a change in
a potential energy of the crystal (strain energy). Since the rigid body rotation dose not induce
any solid structure deformation, the strain tensor is symmetric and consists of normal strain
components εxx, εyy and εzz as well as shear strain components εyz, εzx and εxy.
For small amount of stresses, the stress and strain tensors are related via the linear elastic prop-
erties of the crystal in the generalization of Hooke’s Law. In general, this relationship can be
expressed as

σi j = Ci jklεkl, (5.3)

with the elastic stiffness coefficients Ci jkl(Einstein sum convention). Consistently, this general-
ization can be written as εi j = Si jklσkl with the elastic compliance coefficients Si jkl . The elastic
compliance coefficients Si jkl is the mutually inverted tensor of elastic stiffness coefficients Ci jkl .
The stress and strain are conveniently written as first rank vectors with six elements according
to the Voigt’s notation. Consequently, the Ci j and Si j are of second-rank instead of the original
fourth-rank form Ci jkl and Si jkl , respectively. Furthermore, taken into account the symmetry of
the hexagonal structure, the strain-stress tensor and the Hooke’s Law are expressed as[62]

εxx
εyy
εzz
εyz
εzx
εxy

 =


S11 S12 S13 0 0 0
S12 S11 S13 0 0 0
S13 S13 S33 0 0 0
0 0 0 S44 0 0
0 0 0 0 S44 0
0 0 0 0 0 2(S11−S12)




σxx
σyy
σzz
σyz
σzx
σxy

 , (5.4)

with S independent matrix elements S11 to S44.

Strain energy and out-of-plane strain of M-plane GaN epitaxial film
In the following, we will apply Hooke’s Law to calculate the elastic strain energy and the out-
of-plane strain of the M-plane GaN films grown along the [1100] direction. In this direction, the
shear stresses and shear strains are absent since the angles between the primitive translational
vectors (cf. Eq. 5.2) are conserved by stress along one of the unit vectors ex, ey and ez. A useful
boundary condition is the fact that the epitaxial films are free of stress along the growth direction
ey as they are free to expand or contract along this direction, i.e., σyy = 0. As for growing along
the [1100] direction, the growth plane is corresponding to the xz-plane as shown in Fig. 5.2. The
in-plane strain induced by the mismatch to the substrate is generally anisotropic, i.e., εxx 6= εzz,
in contrary to the well known C-plane growth where εxx = εyy.
Considering the conditions which are discussed in the previous paragraph, only the in-plane
(xz-plane) normal strains and stresses in two perpendicular directions (ex and ez directions) are
considered to be produced as a result of lattice mismatch in the epitaxial growth. Thereby,
Hooke’s Law (Eq. 5.4) can be simplified as

εxx = S11σxx +S13σzz, (5.5)



εyy = S12σxx +S13σzz, (5.6)

εzz = S13σxx +S33σzz. (5.7)

Resolving the linear equation array 5.5 to 5.7, we get the normal stresses σxx and σzz as a linear
expression of the two orthogonal in-plane strains εxx and εzz.

σxx =
S33εxx−S13εzz

S11S33−S2
13

, (5.8)

σzz =
S11εzz−S13εxx

S11S33−S2
13

. (5.9)

Simply inserting the result of σxx and σzz into the Equation 5.6, we obtain the out-of-plane strain
εyy as a function of two in-plane strains which is expressed as

εyy =
(S12S33−S2

13)εxx +(S13S11−S12S13)εzz

S11S33−S2
13

. (5.10)

Because the matrix of Si j and Ci j are mutually inverted, the relationship between Si j and Ci j can
be obtained by linear transformation[84]. Using the elastic stiffness coefficients Ci j instead of
elastic compliance coefficients Si j, the out-of-plane strain εyy is simplified to be:

εyy =−C12εxx +C13εzz

C11
. (5.11)

From this equation, we conclude an epilayer under the compressive in-plane strain will expand
along the growth direction and vice versa.
The work done by the stress components σi j acting on an elastic body is dw = σi jdεi j. Inter-
preting this equation, we find that the work necessary to produce the strain ε that is called strain
energy per unit volume of the crystal is given by:

U =
1
2
(σxxεxx +σyyεyy +σzzεzz +σyzεyz +σzxεzx +σxyεxy). (5.12)

In our case only the in-plane normal strains and stresses are corresponding to build up the elastic
energy. Substituting the normal stress in Eq. 5.12 by the normal strain expressed stress in Eq.
5.8 and Eq. 5.9, thus, we obtain the strain energy U per unit volume is:

U =
1
2
(εxxσxx + εzzσzz) =

S33ε2
xx +S11ε2

zz−2S13εxxεzz

2(S11S33−S2
13)

. (5.13)

Equation 5.13 is a general form that can be used for all the other epitaxially grown films with
prism plane parallel to the substrate.

Critical thickness for misfit dislocation generation
In the case of low lattice mismatch, and if the condition described in equation 5.1 is satisfied,
the initially epitaxial growth is assumed to be layer-by-layer. The thin film remains coherent
and is totally elastically strained to match the substrate lattice. In such a case, the elastic strain
energy per unit area Eε is given by:

Eε = U ·h, (5.14)



Table 5.1: Elastic stiffness coefficients Ci j and compliance coefficients Si j of wurtize GaN[65, 108].

Ci j C11 C12 C13 C33 C44
GPa 390±15 145±20 106±20 398±20 105±20
Si j S11 S12 S13 S33 S44

1/GPa 0.00309 -0.00099 -0.00056 0.00281 0.00952

where h is the layer thickness. Note that Eε is linear proportional to h. As the thickness of the
epitaxial film increases, the strain energy is accumulated due to the lattice misfit. When the film
thickness exceeds a certain threshold called the critical thickness [47, 64, 115, 14, 29, 80], the
film becomes metastable and favorable for the formation of misfit dislocations in the interface.
Assuming that the substrate is rigid, the elastic strain is thus only stored in the thin epilayer.
In the case of M-plane GaN grown on γ-LiAlO2, the anisotropic lattice mismatch fx=1.7% and
fz=0.3% defined as fx = (a0− cs/2)/(cs/2)× 100% and fz = (c0− as)/as× 100% where the
as, cs and a0, c0 are the stress free lattice parameters of the substrate and overgrowth M-plane
GaN layer, respectively. The relationship between residual elastic strain (ε ), the mismatch
accommodated by misfit dislocations (δ ) and the total lattice mismatch is given by

f = ε +δ . (5.15)

The part of the strain relaxed by misfit dislocations is determined by equation 2.1. As for the M-
plane GaN, the misfit dislocation generated in the interface can be a prism edge dislocation, i.e.,
a dislocation located in the prism plane (1100) along the [0001] direction with Burgers vector
1
3 [1120] = a0ex. The Burgers vector b of the prism edge dislocation completely contribute to
the strain relaxation along ex axis, i.e., |b|= be f f .
The derivation of the critical thickness for misfit dislocation generation is based on the energy
balance point of view[64]. It assumes that there is no pre-existing threading dislocation in the
initial stage of the deposition. The misfit dislocation is generated solely due to the fact that the
accumulated elastic misfit energy per unit area exceeds the self-energy of an isolated dislocation
of a given type. In the present case, the prism edge dislocation is considered.
Based on the paper of People and Bean, the areal energy density of the isolated dislocation at a
distance h from the free surface is approximately[64],

Earea =
Gb2

4π(1−ν)
1

< A >
ln

h
rc

. (5.16)

Here, it is assumed that the effective interfacial width < A > of an isolated dislocation lay
somewhere between one and ten atom spacings. We use the average value of four atom spacings
as the effective width, i.e., 4a for prism edge dislocation where a is the lattice constant of
hexagonal GaN. Therefore, the areal energy density of an isolated prism edge dislocation is
approximately,

Eedge '
Gb2

16aπ(1−ν)
ln

h
rc

, (5.17)

The value of the core radius, rc, is 6.7 Åand the result of the pre-logarithmic factor, Gb2/4π(1−
ν), is 0.86 (eV/Å)[5].
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Figure 5.3: Schematic of slip systems in wurtzite structure. The (11̄00) prism plane is parallel to the heteroepitaxial
interface. (a) 1/3[112̄0],(0001), (b) [0001], (101̄0), (c) 1/3[112̄0] , (11̄01).

Assuming Eε equal to Eedge and setting h = hcrit where hcrit is the critical thickness for a misfit
dislocation generation, the critical thickness is obtain as:

hcrit '
Gb2

16aπ(1−ν)U
ln

hcrit

rc
. (5.18)

Before a misfit dislocation is introduced in the interface, the thin layer is fully strained, there-
fore, εxx is equal to fx and εzz is equal to fz. Substituting equation 5.13 into equation 5.18,
equation 5.18 becomes

hcrit '
S11S33−S2

13
S33 f 2

x +S11 f 2
z −2S13 fx fz

Gb2

8aπ(1−ν)
ln

hcrit

rc
. (5.19)

The elastic stiffness coefficients Ci j and compliance coefficients Si j that of GaN are listed in the
table 5.1. Substituting all the parameters in the equation 5.19 we obtain the critical thickness
for M-plane GaN grown on γ-LiAlO2 is hcrit=42.2 nm.
Experimental studies on the strain relaxation have shown that M-plane GaN layers are still
completely strained if their thickness is in the range of hcrit . Even, if the film thickness is
reaching several hundred nanometer, no plastic relaxation could be observed. Therefore, we
conclude that the consideration of the critical thickness including only energetic factors is not
adequate and the process of dislocation nucleation and glide must be taken into account as well.
If we neglect the problems of dislocation formation, the introduction of misfit dislocation at the
interface is defined by the activation of an appropriate glide system. The dislocation glide itself
is determined by the resolved shear stress that is caused by the epitaxial in-plane stress state.
Possible glide systems in the wurtizte structure are shown in Fig. 5.3. Favorable system are
characterized in general by a small magnitude of Burgers vector |b| and a large spacing d of the
slip plane.
Some glide systems can directly be ruled out as sources for the generation of misfit dislocations
because of the lack of a dislocation edge component, i.e., prism screw dislocation l‖b=c. Some
other systems are not active because there is no resolved shear stress applied, i.e., planes with
90o to the interface. This is the case for the basal plane, [slip system is 1/3[112̄0],(0001)], which
is actually the primary glide system. Therefore, plastic relaxation in M-plane GaN epilayers
requires glide systems which are characterized by high activation barriers resulting in critical
thickness hcrit larger than calculated.



Chapter 6

Heteroepitaxy of M-plane GaN films on
γ-LiAlO2(100)

In this chapter, the atomic interface structure of epitaxially grown hexagonal GaN(1100) layers
on tetragonal γ-LiAlO2(100) substrates studied by means of TEM are reported. The novel
epitaxial orientation relationship is verified by selected area electron diffraction. The interface
structure that controls the heteroepitaxial growth is studied by HRTEM. We propose a simple
model for the interfacial atomic arrangement, in which strain and chemistry contributions are
considered. At last, the strain state in M-plane GaN layers is presented.

6.1 Sample growth and TEM specimen preparation

The epitaxial GaN films were deposited by plasma-assisted molecular beam epitaxy (MBE)
system. The substrates used here are 200 µm thick [100]-oriented γ-LiAlO2 wafers grown at
the Institut für Kristallzüchtung, Berlin, Germany [102]. The surfaces of the wafers are carefully
polished by applying a combined mechanical-chemical procedure and then cleaned in acetone
before transferring them into the MBE chamber. Nucleation and growth take place under Ga-
stable conditions at temperatures of about 570oC and 700oC, respectively. The growth rate is
about 0.5 µm/h and the final thickness of the film is in the range of 500 nm[102].
The cross-sectional samples for the TEM study are prepared by using conventional mechanical
procedure which is already presented in chapter 4.2. Additionally, some tips must be presented
for successful sample preparation. For instant, the sufficiently compressive strain along the
[1120] direction will be elastically relaxed to some extend by bending the wafer along the
[0001] axis and produce a slight arch shape. This kind of wafers will easily break if two wafers
are pressed tightly together for preparing a sandwich like structure. The residual strain also
affects the plan-view sample preparation. As long as the sample is ion-sputtered until a hole
is generated, the residual strain will be relaxed by elastic expansion of the epilayer along the
[1120] direction. The expansion will eventually results in some cracks and bending the thin
layer at the edge of a hole. The cracks and sample bending can not be avoided in the plan-view
sample preparation and make it difficulty. However, the bending is helpful for investigating the
sample in a large range of angles during the TEM study. As Young’s interference rings appear
in the thinnest region of the TEM specimen in the PIPS, employing only one Argon gun to
sputter and lowering the accelerating voltage of the Argon gun to 3 kV are helpful to get a good
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Figure 6.1: (a) Ball-and-stick model of γ-LiAlO2 in [100] projection, insets: coincidence site lattices for the
hexagonal C-plane and the prismatic M-plane orientation. (b) SAD pattern along [0001]GaN ‖ [010]γ-LiLlO2. (c)
SAD pattern along [1120 ]GaN ‖ [001]γ-LiAlO2.

quality of the plan-view TEM specimen.
The γ-LiAlO2(001) plane is the cleavage plane[32]. The TEM specimen is difficult to be pre-
pared because the cracks can be easily formed during the grinding procedure. On the other
hand, the (001) cleavage plane is helpful for characterizing the substrate orientation without
doing any X-ray or Raman scattering measurement. Checking the side faces of the rectangular
flat wafer by using an optical microscope, the rough surface corresponds to the (010) plane and
the smooth one represents the (001) plane.

6.2 Interface structure and epitaxial alignment

Figure 6.1 (a) is the ball-and-stick model of the γ-LiAlO2(100) surface. The dashed line and the
light shaded areas indicate nucleation sites for hexagonal C-plane and prismatic M-plane GaN,
respectively. The commonly observed growth of GaN(0001) is believed to be the consequence
of the quasi-hexagonal symmetry[21]. However as pointed out by Hellman et al.[21], the C-
plane GaN (cf. dashed line areas in Fig. 6.1 (a)) is not the orientation with best match (as large
as 10% in the local mismatch). Instead, the M-plane GaN(1100) and the in-plane orientation
[010]γ-LiAlO2 ‖ [0001]GaN offers a more perfect match indicated by the light shaded areas in
Fig. 6.1 (a) ( f[010] = 0.3% and f[001] = 1.7%). Therefore the prismatic M-plane GaN is possibly
favorable for molecular beam epitaxial growth on γ-LiAlO2(100) surface.
Figure 6.1 (b) and (c) are SAD patterns taken from cross-sectional samples along the two per-
pendicular directions of the γ-LiAlO2 substrate: (b) a cross-sectional view parallel to the [010]γ-
LiAlO2 and (c) a cross-sectional view parallel to the [001]γ-LiAlO2 projection. In both patterns
the GaN layer and the γ-LiAlO2 substrate are denoted as α and γ , respectively. According to
these electron diffraction results, the GaN film grows epitaxially with the following orientation
relationship:
(1100)GaN ‖ (100)γ-LiAlO2 and [1120 ]GaN ‖ [001]γ-LiAlO2

The schematic diagram shown in Fig.6.2 illustrates the epitaxial orientation relationship and
the notations of the corresponding crystallographic directions of the M-plane GaN grown on
γ-LiAlO2. The plane marked by light gray is the (0001) basal plane of GaN. This orientation
relationship is consistent with in-situ reflection high-energy electron diffraction and ex-situ x-
ray diffraction results [103]. Although the symmetry of both materials is very dissimilar, as
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Figure 6.2: Schematic diagram of the epitaxial M-plane GaN orientation relationship on γ-LiAlO2(100).

Figure 6.3: (a) Cross-sectional HRTEM image of the GaN/γ-LiAlO2 interface along [1120]GaN ‖ [001]γ-LiAlO2
and (b) corresponding atomic structure model (SF: stacking fault).

indicated by the corresponding unit meshes inserted in the SAD pattern, the perfect epitaxial
alignment and the single-phase nature of the epitaxial layer are obviously. The elongated shape
of the GaN diffraction spots in Fig. 6.1 (c) along the [0001] direction is due to stacking disorder
induced by the high density of planar defects (e.g. stacking faults) lying in the basal plane of
GaN. This will be discussed in detail in the next chapter.
Figure 6.3 (a) is HRTEM micrograph of the interface obtained in the [1120]GaN ‖ [001]γ-
LiAlO2 direction. It reveals a chemical abrupt hetero-phase boundary. Atomic steps along the
interface can act as starting points for the generation of stacking faults. In this HRTEM micro-
graph, the (0002) basal plane of the GaN is perpendicular to the interface and parallel to the
(020) plane of the γ-LiAlO2 substrate. Along the interface, no misfit dislocations are detected:
the interface is coherent as expected for hetero-systems with very low lattice misfit and thin
epilayers, respectively. Image simulations of bulk γ-LiAlO2 and GaN for the present thickness
range of the TEM sample demonstrate that the white dots in the interference pattern correspond
to the atomic “tunnel” positions of both the structures. For this reason, we find a perfect atomic
plane matching across the interface. According to these results, a model of the GaN/γ-LiAlO2
heterostructure is derived for displaying the atom positions and bonding configurations [cf. Fig.
6.3 (b)]. The resultant nature of the bonding across the interface corresponds to a very stable



Figure 6.4: (a) Cross-sectional HRTEM image of the GaN/γ-LiAlO2 interface along [0001]GaN ‖ [010]γ-LiAlO2
and (b) corresponding atomic structure model.

configuration consisting of bonds between Ga and O and Al and N atoms, respectively. Al-
though there is apparently a break in symmetry from the tetragonal to the hexagonal lattice, this
transition does not seem to be very critical. On a local scale, the tetrahedral coordination is
preserved and only the bond angles and lengths are changed in the first nitride layer next to the
interface.
This favorable structural transition is better recognized in the perpendicular direction, i.e., along
[0001]GaN ‖ [010]γ-LiAlO2. In this projection, the structure of the (200) layering of the tetrag-
onal aluminate is equivalent to the (1100) stacking in the nitride if the Al and Li atoms are re-
placed by Ga atoms (cf. Fig. 6.4 (b)). The corresponding HRTEM image in Fig. 6.4 (a) confirms
the developed structure model and reveals the perfect matching of the (1120) and (002) planes
in the coherent parts of the interfacial regions. Although the lattice misfit amounts to 1.7%
in this direction, no indications for localized misfit dislocations are observed in the HRTEM
image. Probably, this is a result of the low degree of plastic relaxation or of the fact that the
interface is structurally not abrupt.
In summary, the epitaxial growth of M-plane GaN on γ-LiAlO2(100) is explained by an inter-
face structure that is described by a quasi-coincidence lattice model, i.e., a one-to-one corre-
spondence of adjacent lattice planes. Additionally, for this interface model, the epitaxial strain
is minimized and the bonding configurations across the interface are optimized.

6.3 M-plane versus C-plane growth

In contrast to the M-plane oriented GaN, as shown in this work, Hellman et al. [21] have re-
ported C-plane oriented GaN epitaxially grown on γ-LiAlO2(100) substrate surfaces. Thus, an
important question is which are the essential factors controlling the different epitaxial behavior.
Looking for arguments to explain the hetero-epitaxy for both orientations, energy criteria and
kinetic effects must basically be taken into account. Possible epitaxial relationships are given by
local minima in the total free energy of the system versus epilayer orientation. Thus, favoring
the M-plane orientation compared to the C-plane should be based on the following inequality:



γsur f (M)+ γint(M) < γsur f (C)+ γint(C) (6.1)

Here, the total energy is given by the sum of the surface free energy γsur f and the interfacial free
energy γint of M-plane (M) and C-plane (C), respectively. As the surface free energies of the
GaN (1100) and (0001) planes are rather similar[59], the interfacial energy will dominate. Fur-
ther on, the interfacial energy itself can be subdivided into a structural and a chemical (bonding)
contribution. In a first approximation, the chemical part is negligible because Ga — O bonds
are formed in C-plane orientation similar to the M-plane case, as discussed above. The result is
then:

γstrain(M) < γstrain(C) (6.2)

Due to the huge difference in the lattice misfit values for both epitaxial orientations, the M-
plane epitaxy is preferred energetically. However, if the difference in the configuration energies
(minima) is not too large, kinetic restrictions will be more decisive and the epitaxial behav-
ior will be strongly influenced by the growth conditions. For this case, the C-plane as a fast
growing plane will dominate the growth resulting in C-plane epitaxy. For an extend, growth
experiment on poor surface quality γ-LiAlO2(001) always results in the formation of C-plane
GaN(0001)[101]

6.4 Epitaxial strain and misfit accommodation

The strain and stress state affects the optical, electrical and interfacial properties of wurtzite
GaN[27, 56]. In addition, to know the strain status is helpful for understanding the generation
mechanism of extended defects. The misfit strain is generated due to the lattice or thermal ex-
pansion mismatch between the epilayer and substrate. It can be plastically relaxed by extended
defects such as misfit dislocations. In the M-plane GaN epitaxially grown on γ-LiAlO2, the
misfit dislocations are not observed in the interface and the basal plane stacking faults observed
in the HRTEM can not release any mismatch strain along [1120] direction which has 1.7%
mismatch as discussed in the next chapter. In the following, we will investigate the strain of
M-plane GaN layer by using the high resolution X-ray rocking curve and select area electron
diffraction pattern.
Symmetric x-ray ω-2θ scans are taken with a Bede D3 high resolution triple-crystal diffraction
meter with a wavelength of 0.1540562 nm. The high resolution x-ray rocking curve shown
in Fig. 6.5 presents the ω-2θ triple crystal scan across the GaN(1100) reflection. The peaks
located at 2θ=34.682o and 32.254o are refered to (200) and (1100) reflections of γ-LiAlO2 and
GaN, respectively. By using the Bragg’s law (cf. equation 3.9), we got the d̀(1100) is 2.774 Å.
For the fully relaxed wurtzite GaN, d(1100)=

√
3/2 · a is 2.760 Å, whereby the lattice constant

a=3.189 Å[86, 3] is used. Therefore the lattice expansion, calculated by equation (d̀(1100) -
d(1100))/d(1100))×100%, is 0.51% along the [1100] direction. The expansion is a consequence
of the the lattice and/or thermal mismatch between GaN and γ-LiAlO2, both of which result in
compressive in-plane strain.
Due to the limitation of the power of the x-ray illuminance and insufficient square area of the
planes along the zone axis of growth direction, the X-ray method can not be used to measure
the reflection of these planes. Thereby, the more interesting in-plane strain can not be mea-
sured by the X-ray reflection method. However, by applying the TEM, the select area electron



Figure 6.5: ω-2θ triple crystal scans across the GaN(1100) reflection.
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Figure 6.6: Selected area diffraction pattern along [0001]GaN‖[010]γ-LiAlO2. GaN and γ-LiAlO2 are denoted as
α and γ , respectively.

diffraction pattern can be used to characterize the in-plane strain. In the electron diffraction
pattern, the in-plane orientations can be excited if the right zone axis is selected, i.e., the in-
plane diffraction spots are present in the SAD pattern if the electron beam is projected along
the γ-LiAlO2 [100] direction. In the M-plane GaN growth, the [1120] orientation is of inter-
est owing to the comparable large lattice mismatch. Figure 6.6 shows the SAD pattern along
[0001]GaN‖[010]γ-LiAlO2 zone axis. The GaN(1120) spot superimposes to the γ-LiAlO2(004)
spot. Within the resolution of this electron diffraction pattern, there is no splitting up between
these two spots. Therefore, the M-plane GaN layer is almost fully strained along the [1120]
direction.
The lattice expansion of the out-of-plane can be calculated by equation 5.11. Assuming the M-
plane GaN epilayer is fully compressively strained, the in-plane strain are εxx=1.7% εzz=0.3%,
the calculated value of the out-of-plane εyy is 0.7% via equation 5.11. This is slightly larger than
the value of 0.51% found from the X-ray measurement indicating a small fraction of plastic
relaxation. This GaN film is about 500 nm thick, in some other M-plane GaN sample with
thickness below this value, the lattice expansion is down to 0.7%, i.e., completely strained.



Therefore, we can conclude that the M-plane GaN layer grown on γ-LiAlO2 with thickness
lower than 500 nm are almost fully strained to the substrate.



Chapter 7

Microstructure of M-plane GaN grown on
γ-LiAlO2

In this chapter, we report on the microstructure of M-plane GaN(1100) epilayers grown on γ-
LiAlO2(100) substrates by plasma-assisted molecular beam epitaxy. The TEM studies reveal
that the M-plane GaN layers mainly contain intrinsic and extrinsic basal plane stacking faults.
Beyond this, a complex type of planar defect is detected in the (1010) prism plane which is
inclined with respect to the interface. The prism plane boundaries are connected to the basal
plane boundaries and intersect across the epilayer. Its displacement vector is determined to be
placed along the c axis and is thus not qualified for epitaxial strain relief. Threading dislocation
are dissociated into two Shockley partial dislocations with a short length intrinsic I2 stacking
fault generated in between. At last, the origin of the defect microstructure is discussed.

7.1 Defect structure of M-plane GaN

The defect structure has a dramatic impact on the physical properties of semiconductor materi-
als and plays a vital rule on the application. It has been reported that extended defects, mainly
threading dislocations in the C-plane GaN-based materials directly affect their electrical and
optical properties[66, 77, 23, 9, 85]. The growers are still seeking for the best growth con-
dition and developing proper growth methods for reducing the defect density in the epilayer.
The M-plane GaN was successfully grown in our group[103]. It shows some outstanding and
special properties for the future light emitting device applications comparing to the C-plane
GaN[92, 73, 18, 19, 17]. The microstructure of M-plane GaN is necessary to be characterized
for understanding the optical and electrical properties in detail. Indeed, it turns out to be com-
pletely different from that of C-plane oriented epilayers. The various defects are characterized
by TEM in detail in this chapter.
The TEM specimens that are investigated for characterizing the microstructure are the same
series of specimens that was studied in previous chapter. The cross-sectional TEM image in
Fig. 7.1 (a) is showing an overview of the typical microstructure of a M-plane GaN epilayer.
The micrograph is taken with g = 1100 near the [1120] zone axis. The interface and surface in
this image are smooth over a large area. The dark bands near the interface in the substrate are
strain related contrast. In spite of the small lattice mismatch, a high density of extended defects
is visible in the TEM image. These defects are not, as we could expect, threading dislocations.
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The lines crossing the entire epilayer are basal plane stacking faults. This result is in agreement
with the selected area electron diffraction pattern showing streaks along the [0001] direction
according to the basal plane stacking faults induced stacking disorder in this direction [cf. Fig.
7.1 (b)]. The broadening of the lines is the the splitting up fringe contrast expected from an
projection of the inclined planar defect in the two-beam dark-field or bright-field images.
In order to identify the type of stacking faults as well as further structural defects, plan-view
samples are studied using the diffraction contrast. The plan-view micrographs in Fig. 7.2 (a),
(b) and (c) are taken along the [1210] projection which is inclined to the [1100] growth direction
by 30o [cf. Fig. 7.2 (d)]. Figure 7.2 (d) is a schematic drawing which shows the orientation of
the incident electron beam. The planes marked by diagonal lines are (0001) basal plane and
(1010) prism plane, respectively. In this projection, the basal plane can be observed end-on
together with the (1010) prism plane, which contains extended planar defects, too. Figures 7.2
(a) to (c) show a series of dark-field TEM plan-view micrographs displaying the same sample
area, but which are taken with different imaging vectors g: 1011, 1010 and 0002, respectively.
In Fig. 7.2 (a), all the defects are in contrast. Planar defects are appearing as straight lines
along the [0001] and [1010] directions, respectively. Considering most of the planar defects go
through the whole epilayer, the density which is defined as the planar area (s) per unit volume
(V) of the planar defects can be simplified as ρ = s/V ≈ l/S (the length (l) per unit area (S) in
the projected plane). The density calculated from Fig. 7.2 (a) are ρbasal = 1.2×105 cm−1 and
ρprism = 1.3×104 cm−1 respectively. The extended defects are summarized as:

i Basal plane stacking faults with two different morphologies. Most of them are isolated and
bound by partial dislocations (cf. No. 1), while others are terminated by (1010) prism
plane boundaries at least on one side. (cf. No. 2)

ii (1010) prism plane boundaries. They are connected to basal plane domain boundaries and
intersecting the whole epilayer. (cf. No. 3)

iii Threading dislocations. Compared with the number of basal plane stacking faults, only few
threading dislocations are detected. Dissociation into partial dislocations is observed with
I2 stacking faults in between (cf. No. 4).

In the following, the three different types of defects are characterized in details.
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LiAlO2200nm

g=1100 0002
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0
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Figure 7.1: (a)Cross-sectional bright field TEM micrograph for M-plane GaN grown on γ-LiAlO2 taken near
along [1120] zone axis with g=1100.(b) The SAD pattern of GaN in (a).
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Figure 7.2: Plan-view dark-field micrographs are taken near the [1210] zone axis: (a) g = 1011, all defects are in
contrast; (b) g = 1010, basal plane stacking faults (marked as No. 1, 2) and threading dislocations (No. 4) are in
contrast; (c) g = 0002, basal plane and prism plane boundaries (No. 3) are in contrast (black areas indicate holes in
the TEM foil). (d) Schematic diagram shows the orientation of the incident electron beam and the interest (0001)
basal and (011̄0) prism planes.

(i) Basal plane stacking faults

The displacement vector R of the stacking faults is determined by using the g ·R criterion for
three noncoplanar reflections (cf. section 3.2). All basal plane stacking faults are visible in Fig.
7.2 (a) and (b), but they are out of contrast in Fig. 7.2 (c). Taking into account the well-known
displacement character of the various stacking faults in nitride materials (cf. table 7.1), the faults
in the layers are of intrinsic I1 and I2 types. The additional HRTEM results prove that the I2
type of stacking fault is bound by Shockley partial dislocations (cf. No. 1), whereas I1 type is
terminated by prism plane boundaries at least on one side (cf. No. 2).
Various types of basal plane stacking faults can also be clearly characterized by using HRTEM
technique, due to the representative stacking sequence of the specifically stacking faults. The
isolated and long stacking faults are of the intrinsic type I2. However, when we are checking
along the prism plane boundary, we mainly detect intrinsic I1 stacking faults and accidently
observe extrinsic E type. Figure 7.3 are HRTEM images taken along the [1210] zone axis in
correspondence to the plan-view micrographs shown in Fig. 7.2. Figure 7.3 (a) is the HRTEM
image of an intrinsic I1 stacking fault. The folded line that locate in the white spots and across
the I1 stacking fault shows the cubic phase with a stacking sequence of ABC. The stacking



Table 7.1: Properties of basal plane stacking faults in GaN and the related g ·R result.

Type Partial R 1011 1010 0002
Intrinsic I1 Frank 1

6 [2023] 7
6

2
3 1

I2 Shockley 1
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Extrinsic E Frank 1
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Figure 7.3: HRTEM images of the various types of basal plane stacking faults. The electron beam is parallel to
the [1210] zone axis. The intrinsic I1 (a) and extrinsic E stacking faults are bounded by prism plane boundaries.
The stacking sequence of the basal planes · · ·ABAB · · · is directly observed in the HRTEM images, the specific
characters of the faults I1 and E are directly identified as marked in the figure.

sequence across the stacking fault is marked by solid line at the edge of the image. The I1
stacking fault is ended up by the prism plane boundary (PPB) as indicated by the arrow in this
figure. The HRTEM image of extrinsic E stacking fault was shown in Fig. 7.3 (b). Extrinsic
faults E are rarely detected and are only present in combination with the prism plane boundary.
The face centred-cubic phase with the stacking sequence of (ABCAB) and the PPB are marked
by the fold line and the arrow, respectively. This result of rarely existence of type E stacking
faults is consistent with the theoretically calculated formation energies reflecting the highest
value for type E (cf. table 2.1).
It is remarkable that the faults I1 and E always end at the kinks of the prism plane boundary
as demonstrated in the HRTEM image shown in Fig. 7.3. A possible explanation could be that
these kinks act as preferred nucleation sites for generating the I1 and E stacking faults. Although
the lattice mismatch is only 0.3% along the [0001] direction, the formation process is driven by
strain relief because the displacement vector R of I1 or E stacking faults has a component 1/2
c which is perpendicular to the basal plane and is responsible for a strain relaxation along the
[0001] direction. In agreement with the small value of the lattice mismatch, we can only detect
few of these basal plane stacking faults.
Most of the stacking faults are widely lengthened, the mean length of the I2 stacking faults is
larger than 300 nm, but their distance can not be driven by strain relief along the [1120] orienta-
tion. Although the lattice mismatch along this direction is about 1.7%, the dominant basal plane
stacking faults are not able to relieve epitaxial strain because the displacement vector along the
[1120] orientation is located inside the basal plane (only an edge component of the displacement
can relieve strain). Therefore, the prevalently occurring stacking faults must be growth-induced
defects and their origin should be rather related to the substrate surface morphology.
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Figure 7.4: HRTEM of the prism plane boundary showing that the displacement vector R is about c/2.

(ii) Prism plane stacking mismatch boundary

In the following, we will characterize the prism plane boundaries (cf. No. 3). Their displace-
ment vector is quite complex in M-plane GaN due to their interaction with basal plane stacking
faults I1 and E (cf. No. 2). According to Fig. 7.2 (b) the prism plane boundaries are out of
contrast if g = 1010, just as if g = 1120 near the [1100] zone axis. Consequently, the displace-
ment vector R can be described as x[1010]+y1

3 [1210]+ z[0001], where x, y and z are fractional
numbers. Applying the g ·R criterion, we conclude that x and y are either all equal to 0 or to
±1/2, while z is still undefined. Considering x and y to be equal to ±1/2, the sum of the first
two vectors is then equal to ±1/3[1120] or ±1/3[2110] resulting in a perfect lattice translation
vector a which is not possible for the displacement vector of domain boundaries. With that, x
and y must be zero and the displacement vector has only a component along the [0001] axis.
This result is inconsistent with the HRTEM study on cross-section specimen. Because no prism
plane boundary is detected at all as looking along the [0001] zone axis which means if the prism
plane boundary exists in the M-plane GaN layer, the direction of the displacement vector must
be exactly along the [0001] axis. Figure 7.4 is the plan-view HRTEM image of a prism plane
boundary along the [1210] zone axis. It shows no out-of-plane displacement which is in agree-
ment with the displacement vector characterization study. The in-plane displacement vector R
is about c/2. Considering the crystal structure, we can assume that a reasonable displacement
vector of the prism plane boundary is about 1/2±1/8c.
Northrup et al. [60] have calculated two energetically favorable atom configurations for prism
plane boundaries called inversion domain and stacking mismatch boundary. In both models, the
displacement vector has a c/2 component. In our case, however, the prism plane boundary is
in contrast with g = 0002, i.e., the displacement vector cannot be c/2. Beyond this, multiple
beam dark-field imaging[70] using g= 0002 and 0002 shows no contrast reversal across the
prism plane boundary indicating that there is no polarity inversion and thus no inversion domain
boundary. Summarizing all results, the prism plane boundary can be described by a stacking
mismatch boundary with a displacement vector R=z[0001] and z is about 1/2±1/8.

(iii) Threading dislocation dissociation
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typical fringe contrast for the stacking faults. The arrows indicate the short segments of I2 stacking faults formed by
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The plan-view dark-field image in Fig. 7.5 (a) is taken by tilting the sample with respect to the
basal plane at about 10o-20o degree. Therefore, the stacking faults appear with their characteris-
tic fringe contrast. Besides extended stacking faults with lengths of several hundred nanometers,
some short segments are detected as well (see arrows). It is assumed that these stacking faults
are generated by dislocation dissociation. Because the threading dislocations are invisible in
Fig. 7.2 (c), they must be of a type, i.e., with a Burgers vector b = 1/3[1120]. Moreover, it
is energetically favorable for perfect edge dislocations to dissociate into two Shockley partial
dislocations with I2 stacking faults generated in between in the [1120](0001) slip system. The
schematic diagram shown in Fig. 7.5 (b) illustrates the formation mechanism of the short length
I2 stacking faults. It assumes that there are misfit dislocation arms (MDs) in the interface be-
cause of the beginning of plastic relaxation. These MDs will cross slip into the basal plane
due to the interfacial steps. Then the MDs will split up in the basal plane. By using equation

2.8 (d = G
2πγ

(
b2

edge
1−ν

− b2
screw)), the dissociation distance can be calculated. In this slip system,

the shear modulus G is 0.45 (eV/Å3)[1, 5], the Poisson ratio ν is 0.37 for GaN [81] and the
surface energy of I2 stacking fault is 2.7 (meV/Å2)[89]. Therefore, based on this equation, the
calculated dissociation distance for the perfect edge dislocation in GaN is about 18.5 nm that is
approximately in agreement with the mean values 15±5 nm measured in Fig. 7.5 (a).

7.2 Influence of the substrate surface morphology

The density and the distribution of basal plane stacking faults in M-plane GaN are directly af-
fected by the surface morphology of the substrate. In order to find out the relation ship between
them, the modulated γ-LiAlO2 substrate which shows a periodic trench pattern on the (100)
surface is used for growing M-plane GaN layer. The growth conditions for the M-plane GaN
layers under investigation in this section are such that both nucleation and growth temperature
are kept at 760oC.
Figure 7.6 (a) shows the typical periodic trench pattern like surface morphology of the γ-LiAlO2
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Figure 7.6: (a) and (b) are 10×10 µm2 AFM micrographs. (a) the surface of the γ-LiAlO2(100) substrate showing
a periodic trench pattern, (b) M-plane GaN surface grown on γ-LiAlO2 with a periodic trench pattern morphology
replicating the surface morphology of the substrate, (c) cross-sectional TEM image.

substrate. Nevertheless, the surface is quite smooth as indicated by the peak-to-valley (P/V)
roughness of 5 nm and a root-mean-square (rms) roughness of 0.6 nm. Figure 7.6 (b) shows the
surface morphology of M-plane GaN grown on this typical γ-LiAlO2. In this micrograph, the
surface exhibits a highly periodic trench-like pattern that is similar to Fig. 7.6 (a). The smooth
elongated plateau with a P/V roughness of ∼ 3 nm and a rms roughness of ∼ 0.4 nm is sepa-
rated by significantly rougher trenches. This roughening of the trenches is related to the highly
nucleation temperature[92, 93]. The orientation of these stripes is investigated by Raman scat-
tering and is found to be along the [1120], i.e., perpendicular to the c axis of GaN. Since the
orientation relationship of M-plane GaN and γ-LiAlO2 is [1120]GaN‖[001]LiAlO2 , the trenches
run along the same direction as those observed in the substrate. It thus appears that the GaN
morphology basically replicates that of the substrate. Figure 7.6 (c) is the low magnification
cross-sectional TEM image of M-plane GaN on γ-LiAlO2. As along the [1120] projection, the
M-plane GaN surface shows the same wavy modulation as the surface morphology of γ-LiAlO2.
The difference between these wavy typed surface modulations is the epilayer’s enlarged sub-
strate’s. Along the [0001] projection, both the surface of the epilayer and the interface appear
smooth. These results additionally prove that the surface morphology of the epilayer replicates
the surface morphology of the substrate.
By using routinely TEM study, we found the same type of defect structure to that of the M-
plane GaN which is grown on γ-LiAlO2 substrate without the trench pattern. Figure 7.7 is
a cross-sectional bright-field TEM micrograph of M-plane GaN grown on γ-LiAlO2 with the
periodic trench patten. The image is taken near along the [1120] zone axis with g=1100 and is
showing an overview of the typical microstructure of M-plane GaN. The dark lines crossing the
entire epilayer are I1 or I2 stacking faults, as characterized by the g ·R criteria. The dominant
defects are basal plane stacking faults. However a remarkable difference between Fig. 7.7 and
Fig. 7.1 is that there are bundles of stacking faults existed in the trenchs of the substrate (cf.
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Figure 7.7: Cross-sectional bright-field TEM micrograph of M-plane GaN taken near the [1120] zone axis with
g = 1100.

arrows in Fig. 7.7), where strong undulations along the interface are present, while less of them
exist in the flat regions of the interface. This reveals an interplay between the stacking fault
distribution and the undulation of the interface. This is a indirect indication that the stacking
fault must be a growth-induced defect and its origin should be rather related to the substrate
surface morphology. From this result we can conclude that the improvement of the surface of
γ-LiAlO2 substrate with atomic smoothness and perfect cleanness, the density of the stacking
faults in M-plane GaN will be dramatically reduced and the quality of the GaN layer is far more
improved.



Chapter 8

Defect formation in M-plane GaN

In this chapter, we present the mechanisms for the formation of extended defects which exist
in M-plane GaN grown on γ-LiAlO2. The planar defects, i.e., basal plane stacking faults and
prism plane boundaries, are generated during the early stage of growth. Therefore, we first
investigate the morphology and microstructure of the 3D nucleation and island coalescence by
AFM, scanning electron microscopy (SEM) and TEM techniques, before the specific generation
mechanisms are discussed.

8.1 Surface morphology

Extended defects are generated in a number of ways during the initial 3D island nucleation stage
of heteroepitaxial growth. In general, they are generated for accommodating the epitaxial strain
built up in the epilayer. The surface morphology of the substrate is another crucial point for the
generation of defects, such as atomic steps on the substrate surface, contamination by impurities
or various atomic surface configurations. In order to develop a comprehensive understanding
of the formation mechanism of the basal plane stacking faults and the prism plane boundaries
in M-plane GaN epitaxial layers, we have carried out a detailed investigation of two different
nucleation stages of GaN. For this study, the M-plane GaN nucleation layers are grown on
γ-LiAlO2 substrates by using plasma-assisted MBE. The ambient conditions are the same as
that for the bulk M-plane GaN growth by using the constant N2 flux during the whole growth
run. The growth temperature is approximate 660oC. The growth time is 1 min and 3 mins,
respectively, in order to have the cases of isolated islands and islands coalescence in turn. We
select γ-LiAlO2 substrates which have surfaces with highly periodic trench patterns because
these surface undulations affects the distribution of basal plane stacking faults and are thus
helpful for the understanding of the lateral growth of the nuclei. In addition, the orientation of
M-plane GaN nuclei on the surface can be easily confirmed by its trench patterns.
The initial nucleation of M-plane GaN on γ-LiAlO2 were examined by using AFM. Figure 8.1
is the AFM image of the sample with GaN deposition time of 1 min. From the direction of the
valley stripes, we can conclude the orientations of the substrate and the M-plane GaN islands.
The small dots spreading out all-over the surface correspond to the 3D nuclei of GaN. The shape
of the nuclei is elongated along the [0001] axis with a length of about 35 nm, while shorter along
the [1120] axis with a length of about 25 nm. The difference in the lengths corresponds to the
fact that the lateral growth velocity of GaN along the [0001] axis is faster. This is understandable
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Figure 8.1: AFM image of the nucleation layer grown for 1 min at 680o.
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Figure 8.2: Nucleation layer for 3 mins at 680oC, (a) AFM image, (b) SEM image. The dash lines in (a) and (b)
show the extended zigzag structure.

because of the anisotropic strain distribution in the M-plane GaN island. The mismatch along
the [1120] direction is about 1.7%, which is much larger than the 0.3% mismatch along the
[0001] axis, and the islands are fully strained in the initial stage of the growth (cf. chapter 6.4).
Compared to the [0001] direction the adsorption of the deposited atoms to the 3D nuclei along
the [1120] direction will need more strain energy, why a lateral growth in this direction is more
difficult. This is consistent with the formation of circular shaped 3D islands according to their
isotropic strain state in the initial stage of C-plane GaN epitaxial growth.
In the flat area of the substrate, the island density is higher compared to the region of the
trenches. The surface roughness in the trenches is much higher combined with a higher density
of atomic steps or step bunches compared to the flat surface areas as it is studied by cross-
sectional TEM (cf. chapter 7.2). We can thus assume that the atomic steps will inhibit the
M-plane GaN islands to extend laterally. Therefore, larger nuclei and higher island density will
be generally observed in the flat areas.
Figure 8.2 (a) and (b) are AFM and SEM images, respectively, of the sample that was grown for
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Figure 8.3: Cross-sectional TEM image reflecting the 3D nucleation. M-plane GaN was grown for 1 min at 680oC,
the electron beam is parallel to the [010] axis of γ-LiAlO2.

about 3 mins. In Fig. 8.2 (a), the islands cover the substrate everywhere. Most of the islands are
coalesced and only few isolated islands exist in the stripe valley (not seen in this figure). The
dark features in the AFM image correspond to the boundaries between the coalesced islands.
The SEM image in Fig. 8.2 (b) shows the same kind of feature that is a network of boundaries
with segments parallel to the [0001] and [112̄0] axis, respectively. It forms a zigzag-like struc-
ture and intersects the whole sample. This is in agreement with the TEM result shown in Fig. 7.2
(a) demonstrating that the (1010) prism plane boundaries are connected to basal plane domain
boundaries. This extended network of planar defects intersects the whole epilayer and builds
up the same zigzag microstructure. The consistency of the zigzag microstructure shown in these
figures indicates that the prism plane boundary and basal plane boundary are formed during
the coalescence of isolated islands. Additional TEM studies will gives more details about the
microstructure of the nucleated islands.

8.2 Morphology of nucleated islands

The investigation of the M-plane GaN/γ-LiAlO2 heterostructure in the TEM turned out to be
extremely difficult. Due to the phase transformation and the strong electron irradiation damage
of the γ-LiAlO2 substrate material (cf. chapter 4.3), inhomogeneous strain is locally introduced
into the thin TEM specimen. The strain and even the process of strain relaxation of γ-LiAlO2
result in a continuous specimen movement and bending. The facts are in particularly important
in the case of high-resolution TEM, where the sample must be stable at least in the range of the
atomic dimensions. Thereby, the HRTEM study of the nucleated islands is extremely difficult
and the contrast in the HRTEM image can blur to some extent. In order to reduce the irradiation
damage effect, all the TEM micrographs are taken in a fast imaging process to decrease the time
of electron irradiation on the substrate and to minimize the radiation damage.
Figure 8.3 is an example for a low magnified cross-sectional bright-field TEM image of a speci-
men with nucleated islands. The electron beam is aligned along the [010] axis of the γ-LiAlO2.
The relatively bright area in the γ-LiAlO2 substrate, which is near to the interface and limited
by a bend contour to the dark region, reflects the strong electron irradiation damage. The dark
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Figure 8.4: Schematic model of a GaN crystallite with wurtzite structure.

spots, which are randomly distributed on the substrate surface, are belonging to the small iso-
lated 3D GaN islands. This overview image confirms the initial 3D nucleation of M-plane GaN
mentioned in the previous chapter.
In the following, we will investigate and discuss the shape of the 3D nuclei, which show defi-
nite crystallographic facets in the cross-sectional TEM. If we argue that the islands are formed
under the conditions of near thermodynamic equilibrium, their crystal shape will depend on the
anisotropy of the surface energies. This fact is described by the Wulff constructuion[10, 22].
The schematic model of the shape of wurtzite crystals is illustrated in Fig. 8.4. In this model, the
prism planes {1100} and the pyramidal planes {1101} are favored to be formed. And in fact,
it has been already observed that wurtzite GaN shows strong faceting behavior. For instance,
a hexagonal pyramid structure (with six {1101} facets) are formed on the surface of a C-plane
GaN layer grown on Al2O3 if applying the lateral epitaxy overgrowth method[30, 114]. This
proves that the atoms are easily adsorbed on the {1101} planes, and these {1101} facets of GaN
are energetically favorable to be formed during growth. Because the number of bonds which
are cut by the {1101} face is small, this facet is energetically stable[28, 30]. So a crystallite
of GaN should have the hexagonal pyramid planes in two opposite poles. The connection
between the two pyramides can be arranged by six prism planes, which are of low energy as
well. Therefore, the equilibrium shape of a GaN crystal is built up by two hexagonal pyramids
at both ends combined with six prism planes in between as schematically shown in Fig. 8.4.
The following TEM study will reveal the appearance of well-defined and atomically smooth
facets in the present case of 3D GaN nuclei in agreement to the predictions due to the Wulff
construction.
Figure 8.5 is displaying the typical cross-sectional HRTEM images of nucleated islands to-
gether with corresponding schematic diagrams. The GaN deposition took place for 1 min. The
HRTEM micrograph in Fig. 8.5 (a) is taken along the [1120] zone axis of GaN. An isolated
M-plane GaN island with a thickness of about 7.4 nm was observed in this image. This island
shows a very smooth facet in the side-surface. The top-surface of atomic flatness is the (1100)
plane. Careful examination of the island shape reveals that the side-surface is a smooth (1101)
facet. The angle between the interface and the side-surface along the [1120] is about 28±1o,
which is equal to the calculated angle between the (1101) and (1100) planes of bulk GaN (
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Figure 8.5: Cross-sectional HRTEM images and the corresponding schematic diagrams of nucleated islands which
are grown for 1 min. (a) HRTEM image is taken along the [1120] axis, (b) schematic model of M-plane GaN islands
along the [1120] axis showing the (1100) prism plane and the (1101) and (1101) pyramidal plane as facets. (c)
HRTEM image is taken along the [0001] axis, (d) schematic model of M-plane GaN islands along the [0001] axis
showing the (1100), (1010) and (0110) prism plane facets.

α=28.04o). Figure 8.5 (b) is the schematic illustration of M-plane GaN islands projected along
the [1120] axis. The diagram shows that the top-surface is prism plane (1100) and the two side
surfaces are (1101) and (1101) pyramidal planes in conformity with the model derived by the
Wulff construction.
Along the [0001] direction, it is expected that the facets of the prism planes are energetically
favored to be formed. Figure 8.5 (c) is the HRTEM image along the [0001] zone axis. Indeed,
besides the (1100) facet of the top-surface, another prism plane facet on the side-surface is
observed, which is determined as the (0110) plane with a measured angle of 120±3o with
respect to the (1100) plane. Because the surface free energy of six prism planes is the same,
the edge of corresponding prism plane facets could be slightly curved as it is seen in the cross-
sectional TEM image in Fig. 8.5 (c). Figure 8.5 (d) is a schematic diagram of the M-plane GaN
island viewed along the [0001] axis with the three prism planes (1100), (1010) and (0110),
respectively.
In summary, the general shape of the 3D GaN islands, which are found in the nucleation stage
of M-plane epitaxy, is in agreement with the equilibrium crystal shape yielded by the Wulff
construction.

8.3 Formation of basal plane stacking faults

Figure 8.6 is the HRTEM image of the sample which was grown for 1 minute. The image is
taken along the [1120] direction of the GaN island. In this micrograph, two different types of
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Figure 8.6: HRTEM image of GaN nucleation islands taken along 1120 zone axis. 3D islands with (0001) and
(1101) facets are observed. The corresponding schematic models are illustrated as type A and B, respectively.

side-facets are found in the nucleated islands. Some of the islands have (1101) facets on both
sides, these islands are marked as type A. Some other islands have a (1101) facet on one side
and a (0001) facet on the opposite side, these islands are marked as type B. No islands with
(0001) facets on both sides were detected in this series of samples. Normally, islands of type
B are higher along the [1100] epitaxial direction and shorter along the lateral [0001] direction
compared to the islands of type A. This results can be explained based on the assumption that
atomic steps will block the lateral and enhance the vertical growth: first, the initial epitaxial nu-
clei have (1101) facets on both sides and the subsequent island growth is mainly done laterally.
However, the lateral expansion will stop when the islands meet atomic steps on the substrate
surface, because of the high activation energy for overcoming an edge or kink (cf. Schwoebel
barrier)[82, 11]. After this growth limitation by atomic steps, the islands are mainly growing
along the epitaxial direction finally leading to a transformation of the (1101) facet into a (0001)
facet at the step site.
The coalescence between the 3D GaN islands can be classified into two groups: the coalescence
of islands with only (1101) facets and the coalescence of islands with (1101) facet on the one
side and a (0001) facet on the other side. Figure 8.7 (a) and (b) present HRTEM images which
are taken along the [1120] projection. Figure 8.7 (a) shows two small islands coalesced together
with the generation of a basal plane stacking fault. This stacking fault is observed in a region
where atomic steps exist, although these steps could not be directly identified in the HRTEM
image (cf. damage problems). The difference in the height between the left and the right side of
the basal plane stacking fault implies that the island of the left side has had a (0001) facet before
coalescence due to the presence of a surface step. Therefore, it can be concluded that the basal
plane stacking faults are generated during coalescence in the area where atomic steps exist. On
the other hand, in Fig. 8.7 (b), two islands are coalesced with (1101) and (1101) side-facets.
Both islands are grown on the same substrate surface terrace. Therefore, in contrast to the
previous situation, no basal plane stacking fault is needed to be generated during coalescence.
This result additionally proves that atomic steps will lead to the (0001) facet formation, and the
coalescence between islands at the surface step is correlated with the formation of basal plane
stacking faults.
Indeed, the atomic steps along the interface act as the starting point of the formation of the
stacking faults. As schematically shown in Fig. 8.8. A surface step height Tstep of half the
lattice constant (a) of the γ-LiAlO2 must introduce a stacking disorder in the GaN basal plane,
if we assume that the translation vector of the interface on both side of the steps is retained. Such
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a surface step is characterized by translation operation Tstep which is not a lattice invariant of
GaN. Therefore, the disorder in the basal plane is must balanced by a slip R creating a stacking
fault of I2.

8.4 Formation of prism plane boundaries

In the microstructure study of M-plane GaN, we found (101̄0) prism plane boundaries. The
displacement vector of the prism plane boundaries has no out-of-plane component and is ap-
proximately equal to c/2, i.e., it is not exactly equal to c/2. Since the prism plane boundaries
are not responsible for the strain relief, they must be growth-induced defects. The AFM and
SEM study have already revealed that they might be the result of the island coalesce according
to the different atomic configurations on the substrate surface. Before going to the details of the
cross-sectional and plan-view TEM studies, an overview of the correlation between the wetting
stage of the nucleated islands and atomic configurations is given. In addition an assumption of
the formation of the prism plane boundaries is proposed.
As the crystal is deposited on the substrate, neglecting the misfit strain in the epilayer, the equi-
librium shape of the crystal nuclei will obviously depend on the adhesion, β , which represents
the work that must be applied to separate the epilayer from the substrate

β = γd + γs− γi, (8.1)

where γd , γs and γi are the surface energy of the deposit layer, the substrate and the interface,
respectively. The nucleus is truncated at the interface in a hight ∆h. This is depending on its
wetting behavior to the substrate and it is described by the Wulff-Kaichew equation:

β

γd
=

∆h
h

, (8.2)

where h is the distance from the surface to the center of the nucleus[107]. Eliminating the work
of adhesion β by substituting equation 8.1 into 8.2, we get the interfacial energy γi as

γi = γs + γd
h−∆h

h
. (8.3)

Thus, ∆h is a direct measure of the interface energy for a given deposit/substrate material com-
bination. The illustration of the Wulff-Kaichew construction along the [0001] axis for a GaN
nucleus is shown in Fig. 8.9. The two diagrams are corresponding to a low and high interface
energy reflecting good and poor wetting behavior, respectively. For the case of low interface
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Figure 8.10: γ-LiAlO2(100) surface. The rectangular frames show the unit cells of M-plane GaN. The light
and dark shaded rectangles are corresponding to the oxygen and metal (Al or Li) sublattice, respectively. The
translation vector between these sublattices is denoted by T.

energy, the crystal nucleus is truncated over its center, i.e., ∆h > h, and vice versa for the case
high interface energy. The interface energy depends on the chemical bonding built up between
the deposited layer and the substrate surface as already discussed in chapter 6.3. Therefore, the
surface configuration of the substrate is a crucial point for film deposition. For the same strain
state of the deposited nuclei but different atomic configurations at the interface, the adhesion
energy and consequently the wetting behavior will be different.(cf. Fig. 8.9).
Figure 8.10 is the ball-and-stick model of the γ-LiAlO2(100) surface. The rectangle frames
corresponding to the unit cells of the growing M-plane GaN films. There are two types of
atomic configurations for the position of the unit cell. One is based on the oxygen sublattice
(cf. light shaded rectangle), the other is corresponding to the metal sublattice occupied by the
Al and Li atoms (cf. dark shaded rectangle). The translation vector T between these two unit
cells are illustrated in this figure. Regarding the oxygen sublattice orientation, the O bonds to
Ga and Al or Li bond to N according to a stable bonding configuration which is illustrated n
Fig. 6.3 (b). The M-plane GaN nucleus based on this stable bonding configuration will have
a low interfacial energy and therefore a good wetting behavior to the substrate surface. In the
other unit cell, contrary to the strong bonding configuration, the O—N and (Al or Li)—Ga
bonds will appear. The M-plane GaN nucleus grown in this bonding configuration will result
in poor wetting stage. When these two nuclei coalesce, a domain boundary must be formed.
The displacement vector R of the boundary has to accommodate the translation T which is
in the range of the bond length between Al—O (1.76 Å) or Li—O (1.98 Å) and thus, along
[010] axis of γ-LiAlO2, which is parallel the c axis of M-plane GaN. In the hexagonal GaN,
the prism plane is energetically favorable for the formation of domain boundaries. Therefore,
the prism plane boundaries with displacement vector R of 1.76 or 1.98 c/c Å which is about
3c/8=1.94 Å can be induced in the M-plane GaN according to the two different types of the
atomic configuration of the substrate surface.
Figure 8.11 is a HRTEM image along the [1120] zone axis. Two different types of wetting stages
between the (1101) facet and the substrate surface of two adjacent islands are observed. The
(1101) facet in the left island corresponds to good wetting on the substrate surface. However,
the (1101) facet in the right island corresponds to poor wetting stage. The island for poor
wetting is also thicker than the island for good wetting. Since the growth conditions and strain
of the nucleation islands are the same, the interfacial energy must be different for these two
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Figure 8.12: Plan-view TEM micrograph of a M-plane GaN layer with coalesced islands, taken near [1100] zone
axis with g = 0002.

adjacent islands. This apparent discrepancy according the wetting stages of GaN nuclei can be
explained by the variety of the atomic configuration of the substrate surface. This is consistent
with the previous discussion that we find two different atomic configurations corresponding to
strong and weak bonding conditions across the interface between M-plane GaN and γ-LiAlO2,
respectively.
Combining the additional results of the AFM and SEM study, we conclude that the coalescence
of these two types of islands with locally different wetting behaviors will lead to the formation
of the prism plane boundaries. These prism plane boundaries are connected to the basal plane
boundaries and built up the zigzag structure in the epilayer. This is also proved by the plan-view
TEM study. Figure 8.12 is the plan-view dark-field image of nucleated islands grown for 3
mins. This image is taken along the [1100] projection. As the thickness of the M-plane GaN
layer is about 10 nm, the projection of the (1010) prism plane boundary is in the range of a few
nm. Since the mean spacing between prism plane boundaries is about 30 nm, there is no overlap
between them (the overlapping of the boundary shows complication in the TEM image). The



image shows contrast in the region which is located in the prism plane and the basal plane under
the selected two beam condition with g = 0002, which is the same experimental condition to
identify only prism plane boundaries and basal plane boundaries in a bulk M-plane GaN sample
(cf. 7.1). The continuous zigzag pattern in the TEM image is similar to that in the AFM and
SEM images, shown in Fig. 8.2. In Fig. 8.12, we observe a opposite contrast (bright to dark)
of the coalesced islands beside the domain boundaries. This is an indirect evidence for the
existence of the two types of islands due to different wetting conditions.
In conclusion, the morphology of the substrate surface is the driving force for the defect for-
mation. The atomic steps with half height of the lattice constant (a) along the [100] direction
in the γ-LiAlO2 substrate result in the generation of basal plane stacking faults I2. Two differ-
ent wetting states are found for the M-plane GaN nucleated islands. The intersecting domain
boundaries that is located in prism and basal planes are generated during the coalescence of
these islands.



Chapter 9

Summary and outlook

The aim of this work was the structural study of epitaxial M-plane GaN on γ-LiAlO2(100)
substrates. In contrast to the well investigated C-plane GaN epilayers on substrates like Al2O3
or SiC (0001), the M-plane layers reveal a completely different structural behavior. The in-
terface between these dissimilar materials determines the epitaxial alignment. The resulting
specific orientation relationship is responsible for the anisotropic strain state and more complex
microstructure. In this thesis several experimental results around this issue have been presented.
As investigated by TEM, this substrate is sensitive to high energy electron beam irradiation
under high vacuum conditions. During the electron-γ-LiAlO2 interaction, the damage of the
substrate is extremely fast. During this process, the substrate looses its original crystalline
structure by decomposition and transforms into an intermediate state, its polymorphic α-LiAlO2
phase. The α phase is not the final state, it will further transform into the amorphous state and
is then totally damaged by generating a hole in the electron irradiated region. The sensibility of
the substrate to the electron beam is problematic for the TEM study of M-plane GaN epilayers
and even worse for the HRTEM of the interface. Nevertheless, we got meaningful and valuable
results about the structural properties of M-plane GaN.
The electron diffraction results reveal that the GaN film grows epitaxially with the following
orientation relationship: (1100)GaN ‖ (100)LiAlO2 and [1120 ]GaN ‖ [001]LiAlO2. The epi-
taxial growth of M-plane GaN on γ-LiAlO2(100) is explained by an interface structure that is
described by a quasi-coincidence lattice model, i.e., a one-to-one correspondence of adjacent
lattice planes. Additionally, for this interface model, the epitaxial strain is minimized and the
bonding configurations across the interface are optimized. The strain state of M-plane GaN
films is studied by X-ray diffraction and SAD. We can conclude that the M-plane GaN lay-
ers with thickness up to 0.5 µm are almost fully strained and the dominant extended defects
generated in M-plane GaN are not caused by a strain relaxation process.
In the microstructure study of M-plane GaN epilayers, we observe that GaN films mainly con-
tain basal plane stacking faults, in contrast to the case of conventional C-plane GaN growth.
Three types of stacking faults, including intrinsic I1, I2 and extrinsic E type, were identified by
using diffraction contrast in the TEM and HRTEM techniques. The stacking fault I2 is bounded
by Shockley partial dislocations while the I1 and E stacking faults are bounded by the prism
plane boundary. The intrinsic I2 stacking faults are caused by the morphology of the LiAlO2
substrate rather than by misfit stress. In the opposite direction, a complex type of prism plane
boundary is detected which exhibits an unexpected displacement vector. In addition, the ab-
sence of pure threading edge dislocations with b=1/3[1120] is explained by its energetically
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favored dissociation into Shockley partial dislocations that is found in GaN materials for the
first time.
The initial stage of the epitaxial growth reveals the formation mechanism of extended defects.
Basal plane stacking faults as well as prism plane boundaries are generated during the island
coalescence. The heteroepitaxial growth mode of M-plane GaN deposited on γ-LiAlO2 is the
3D island nucleation mode. The GaN nuclei show clear crystallographic facets on the smooth
substrate surface. A (0001) facet along the [1120] direction is formed where atomic steps
exist on the substrate surface. Basal plane stacking faults I2 are generated exactly at the place
where the (0001) facet exists in the nucleation islands during their coalescence. Prism plane
boundaries are formed between the islands of different interface configurations resulting in two
different domains. The displacement between them corresponds to the measured displacement
vector of the boundary.
One of the most important results on the structural properties of M-plane GaN epilayers is the
clarification of their defect structure. Based on these results, some other attractive topics can be
developed. Further work should mainly concentrate on the following issues.
I1, I2 and E basal plane stacking faults are found in the M-plane GaN layer. The dominant I2
stacking faults are generated due to the coalescence of (0001) and (11̄01) facets at the position
where a surface step height of a/2 of γ-LiAlO2. However, the origin of I1 and E stacking faults
is still unclear; they can contribute to the strain relaxation along [0001] axis of M-plane GaN,
although there is only 0.3% percent mismatch along this direction to the γ-LiAlO2 substrate.
This fact is proved by studying the strain state of the M-plane AlN layer, which is heteroepitax-
ially deposited on the M-plane GaN. The mismatch between the M-plane AlN and GaN layers
along [0001] axis is 4.8%. Such amount of mismatch should be fully relaxed by the generation
of I1 or E stacking faults in M-plane AlN epilayer. The studies of the relaxation mechanism
in M-plane AlN/GaN heterostructure or superlattice is also important for realizing crack-free
Bragg reflectors.
The irradiation damage and phase transformation of γ-LiAlO2 induced by electron beam irradi-
ation was observed in TEM. However, the mechanism and the driving force of the phase trans-
formation are still unclear. A further study should focus on how the current density, the working
energy of the electrons and the temperature play their roles during the electron-specimen inter-
action.
A thin and highly strained (In,Ga)N or (Al,Ga)N layer in the ((In,Ga)N/GaN or (Al,Ga)N/GaN)
multi-quantum well (MQW) structures will block the threading dislocations propagation, re-
sulting in reduction of the density of defects in the active layers. The M-plane (In,Ga)N/GaN
MQW structure has been successfully achieved on γ-LiAlO2 substrate. It shows some attrac-
tive optical electrical properties in the active MQW layers[91]. The TEM study on the stacking
faults can reveal how they interact with the MQW in detail. Whether the stacking faults are
blocked by the compressive strained InGaN layers as threading dislocations does is still not
clarified.
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Ich habe mich anderwärts nicht um einen Doktorgrad beworben und besitze einen entsprechen-
den Doktorgrad nicht.
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