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Abstract

Compound semiconductors are used in a wide range of technological applications, from
microelectronics to solar cell absorber layers. The properties determining the device’s
operational efficiency regularly depend on the specific local elemental composition of the
semiconductor and as such on the spatial distribution of the contained elements. To opti-
mize the opto-electronic properties of such devices, a detailed understanding and control
of compositional gradients that form during their synthesis is crucial. A large class of
industrially important devices are thin-film solar cell absorber layers which deliver high
photo-conversion efficiencies in combination with a low demand of material and high elas-
tic flexibility. Different specific materials are on the stage of this rapidly developing field
of research - such as chalcopyrites, kesterites, and perovskites - all of which use local
variations in composition to tune their opto-electronic properties. A common fabrica-
tion process for thin-film solar cell absorbers involves annealing at high temperatures to
achieve specific compositional gradients, which – contrary to what could be expected from
simple Fickian diffusion processes – regularly results in the formation of steep and sta-
ble compositional gradients, often deviating from the optimal profiles for high-efficiency
absorbers. The compositional distribution of the thin-film in equilibrium is determined
by the thermodynamic forces acting on the diffusion-couples which themselves depend on
the physical and chemical properties of the system. In this work attention is focused espe-
cially on mechanical stresses developing inside thin-films and on their effects on diffusion
processes and on the material’s micro-structural evolution. It is shown that the formation
of elastic stresses inside the material during interdiffusion can strongly influence the final
elemental distributions, even leading to the formation of strong and stable final compo-
sitional gradients. However, this thesis also argues that their exact effect on equilibrium
composition profiles may depend on the detailed micro-structural properties of the ma-
terial, especially on the presence or absence of vacancy sources and sinks. A comparison
of numerical diffusion- and stress-formation calculations with real-time synchroton-based
energy-dispersive X-ray diffraction data acquired in-situ during thin-film synthesis will
help to demonstrate that the such developed interdiffusion models can, at least partly,
reproduce the experimentally observed diffraction spectra and, especially, the stagnation
of interdiffusion - under certain conditions - before total intermixing is achieved. A de-
tailed understanding of the interplay between stress and diffusion processes in thin-films is
especially useful since it may establish new fabrication strategies for generating optimized
stable compositional gradients and thereby improving the opto-electronic properties of
the wide class of compound semiconductor materials in use today such as chalcopyrite,
kesterite, and perovskite solar cell absorbers.



Kurzzusammenfassung

Verbindungshalbleiter werden in einer Vielzahl von technologischen Anwendungen einge-
setzt: Von der Mikroelektronik bis hin zu Absorberschichten für Solarzellen. Die Eigen-
schaften, die die Betriebseffizienz des Bauelements bestimmen, hängen oft von der lokalen
Zusammensetzung des Halbleiters und damit von der räumlichen Verteilung der enthalte-
nen Elemente ab. Um die opto-elektronischen Eigenschaften solcher Bauelemente zu opti-
mieren, ist ein detailliertes Verständnis und eine umfangreiche Kontrolle der sich während
ihrer Synthese bildenden Zusammensetzungsgradienten von entscheidender Bedeutung.
Eine große Klasse industriell wichtiger Bauelemente sind Dünnschicht-Absorberschichten
für Solarzellen, die hohe Effizienz in Kombination mit einem geringen Materialbedarf und
elastischer Flexibilität bieten. In diesem sich rasch entwickelnden Forschungsbereich ste-
hen eine Reihe vielversprechender Materialien wie Chalkopyrite, Kesterite und Perowskite
im Mittelpunkt. Für all diese Materialien werden lokale Variationen der Zusammenset-
zung genutzt um die opto-elektronische Eigenschaften zu optimieren. Ein gängiger Her-
stellungsprozess für Dünnschicht-Solarzellenabsorber beinhaltet beispielsweise das Tem-
pern bei hohen Temperaturen was - anders als bei einfachen Fick’schen Diffusionsprozessen
zu erwarten wäre - regelmäßig zur Bildung steiler und stabiler Zusammensetzungsgradien-
ten führt. Diese Gradienten weichen häufig von den optimalen Profilen für hocheffiziente
Absorber ab. Die Zusammensetzung und Materialverteilung innerhalb des Dünnfilms
im Gleichgewicht wird durch die thermodynamischen Kräfte bestimmt, welche auf die
Diffusionspartner wirken und die ihrerseits von den physikalischen und chemischen Eigen-
schaften des Systems abhängen. In dieser Arbeit wird nun das Augenmerk insbesondere
auf die sich im Inneren von Dünnschichten entwickelnden mechanischen Spannungen und
deren Auswirkungen auf die Diffusionsprozesse und die mikrostrukturelle Entwicklung
des Materials gerichtet. Diese Arbeit zeigt, dass die Bildung von elastischen Spannun-
gen im Inneren des Materials während der Interdiffusion die Gleichgewichtsverteilun-
gen stark beeinflussen und sogar zur Bildung von stabilen Zusammensetzungsgradien-
ten führen kann. Wie jedoch in dieser Arbeit außerdem deutlich werden wird, hängen
die genauen Auswirkung auf die Zusammensetzungsprofile im Gleichgewicht stark von
den spezifischen mikrostrukturellen Eigenschaften des Materials ab, insbesondere vom
Vorhandensein oder Fehlen von Quellen und Senken für Kirstallleerstellen. Die nu-
merischen Simulationen werden mit Synchroton-basierten energiedispersiven Röntgen-
diffraktionsdaten, die während der Dünnschichtsynthese in-situ aufgenommen wurden,
verglichen. Dies wird zeigen, dass die hier entwickelten Interdiffusionsmodelle die exper-
imentell beobachteten Beugungsspektren und insbesondere die Stagnation der Interdif-
fusion vor dem Erreichen einer vollständigen Durchmischung zumindest teilweise repro-
duzieren können. Ein detailliertes Verständnis des Zusammenspiels von Spannungsaufbau
und Diffusionsprozessen in Dünnschichten kann dazu beitragen neue Herstellungsstrate-
gien zur Erzeugung optimierter, stabiler Zusammensetzungsgradienten zu finden. Dies
könnte zur Verbesserung der opto-elektronischen Eigenschaften von Verbindungshalbleit-
ern wie Chalkopyrit, Kesterit und Perowskit-Absorbern für Solarzellen führen.
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Chapter 1

Introduction

1.1 Motivation and Problem Setting

A Personal Motivation

Today, humanity as a whole faces many global problems1,2,3 that need to be approached
mutually in order to guarantee adequate living conditions for people, plants and animals
on the face of this earth for the generations to come. Humanity, society, industry and
pollution have grown at a tearing pace during the age of industrialization and particularly
in the last 75 years since the second world war.4,5 This has pushed the planet and all of
its inhabitants into a position in which we face mounting pressure from diverse directions
to change the very basics on which our societies are build.

A vast body of ever broader collections of meteorological- and climate data6 that cover
finer grids of the world7 and that span long periods of time8,9 exists today. There exists
also a sophisticated theoretical understanding10,11,12 of the global climate system and it’s
adequate numerical representation and prediction.13,14 Furthermore, huge advancements
in supercomputing15 have been achieved that allow fast and efficient calculations of com-
plex climate and earth-system scenarios. All those developments allow humanity to see
the profound changes that a carbon- and, more generally, a combustion-based industrial
energy production induces on this planet.16,17,2

Problems, however, do not stop there. In addition to the effects inflicted onto the
climate by combustion, also the escalating pollution and destruction of habitats is, to
some extent, caused by the current energy regime.18 This includes directly considered
and accepted contamination and destruction of habitats due to the extraction of energy
carriers like coal, oil and uranium. It also includes the effects due to the exploitation
of farmland for the cultivation of bio-energy plants18,19 and unintended effects such as
destructive consequences from oil-spill events or the uncontrollable consequences of nuclear
disasters.20,21 Additionally, the secure disposal of nuclear waste poses to this date, and
probably will for a long time to come, an unsolved problem of unappreciated extent.22

This destruction of the very foundations of survival are beginning to come more and more
into focus while humanity probably23 already has caused the beginning of the 6th big
extinction event in the history of the planet, on land as well as in the seas.24,25

The need to speed up the transition of human society’s energy production and ex-
ploitation regime from a combustion-based and fossil-fuel dependent system to a regime
based on renewable sources such as wind, sun and water is thus one of the many pressing
challenges faced in the decades ahead. Because of the diverse needs of energy-dependent
applications, the emergence of a single technological solution to replace the current energy
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system is, however, highly unlikely.26 Many different technological solutions will need to
be advanced and quickly incorporated to successfully achieve the desired transition on all
levels of society.27 It is clear, however, that the transition to a clean energy production
can not wait and does not have to wait for new technological advancements.28 It is, at this
stage in time, largely a political and social problem while many concrete ideas and plans
for an immediate transition exist that could draw on already existing technologies and
ideas.29,30 This does, of course, not imply that further research on clean energy production
will be carried out in vain. On the contrary, while current technologies may already be
highly suited to solve today’s most pressing problems and mitigate the most dire con-
sequences of global climate change and habitat annihilation, there are still myriads of
details to be thought of, advancements to be made and revolutions to be planned.31

The production of energy from solar-radiation, that is the conversion of solar radiation
to deployable electric energy, has been and chances are that it will continue to be one
of the main pillars on which an alternative energy regime will rest.32 This is also clear
from the fact that the vast majority, that is around 75%, of humanity today lives within
earth’s sun-belt, that is within the region between the latitudes 35◦ N and 35◦ S, which
also receives the most irradiation from the sun.33 Then, research into improved solar cell
technologies today is more important than ever in order to facilitate and to optimize the
needed large-scale deployment of solar energy production. The author hopes that this
work will contribute a little to those overwhelming aspirations.

A Professional Motivation

The theoretical foundations for modern solar cells were laid with Einstein’s groundbreak-
ing work on the photoelectric effect which investigates photons impinging onto a metallic
surface.34 If the photons have a certain high enough energy, meaning higher then the
surface work function of the material they are impacting onto, their impact will lead to
the emission of free electrons, i.e. electrons that are not bound to the atomic nuclei of the
solid. This “liberation” of electric charges is the foundation for producing electricity by
light. The invention of semiconductors and the need of providing energy sources for space
applications then led to the first industrial production of solar cells made of crystalline
silicon in the 1950s.35 Starting as a proof of concept with efficiencies lower than 1 percent,
solar cells have since their invention constantly raised their efficiency, today approach-
ing the theoretical limit for single-junction cells, and a modern energy production is not
imaginable without them.36

In the 1970s a new class of light absorbing materials began to come into focus: Thin-
film solar cells.37 Because silicon is an indirect band-gap semiconductor, meaning that
absorption of a photon is a 3 particle interaction additionally involving an electron and a
phonon, the cross-section for the absorption of photons by the material is rather low. This
means that the light-path has to be long to ensure that most of the light is absorbed.38

However, thin-film solar cell absorbers as e.g. CIGSe are direct band-gap materials which
means photons can be absorbed without requiring an interaction with a phonon to take
place. That is why the light-path through the material can be significantly shorter than
for Si based cells while still providing high absorptions.37 This reduces the amount of
material required for the absorber and thus its weight and allows for the deposition onto
flexible substrates. Furthermore, whereas Si is the most abundant element on the surface
of the earth, some constituents of thin-film absorbers belong to the rare earths and are
thus especially laborious to find and extract. This reinforces the case for extensive research
into new ways to increase the efficiency of thin-film absorber devices, since this will not
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only result in a reduction of the amount of rare earths needed per Watt provided but
possibly also in a reduced transition time to a clean energy regime.

Especially compound semiconductors containing isovalent atomic pairs are interesting
materials for thin-film solar cell absorbers.39,40,41,42 Because their band gap is strongly
influenced by their local composition, varying this composition directly leads to a variation
in their band gap. The opto-electronic properties of such devices can then be adjusted to
match specific needs by intentionally varying the composition, e.g. during synthesis. An
important physical process influencing elemental distributions is diffusion, which can be
exploited to design specific gradings inside thin-films.

To produce efficient CIGSe thin-film absorbers, the Ga and In distributions have to be
carefully tuned throughout the layer to achieve optimal device parameters.43,44,45,46 In the
so called sequential production process this is done by bringing into contact and heating
two almost pure phases of CuInSe2 (CISe) and CuGaSe2 (CGSe)∗. In and Ga can then
be expected to interdiffuse because they share the same lattice sites in the CIGSe crystal
structure and because they are isovalent pairs of atoms which means they share the same
number of electrons in the outermost occupied electronic shell.47 Actually, at low tem-
peratures an In-Ga segregation would be expected in equilibrium due to a positive In-Ga
mixing enthalpy.48 However, at typical CIGSe fabrication temperatures between 500 and
600 ◦C the mixing entropy overcompensates the positive mixing enthalpy and hence a
mixing of In- and Ga-rich layers is observed. Still, the resulting interdiffusion process
does not lead to a homogeneous In and Ga distribution throughout the thin-film46,49,50

which had to be expected if only the entropy- and enthalpy of mixing were driving the
diffusion process. Experimental observations suggest that, on the contrary, a strong gra-
dient remains after interdiffusion throughout the thin-film.51,49 The such forming gradient
is found to lead to sub-optimal band-gap profiles and thus to low device efficiencies.46

These kind of compositional gradients are encountered frequently in compound-
semiconductor absorbers. E.g. Se-S gradients in Cu(In,Ga)(S,Se)2 (CIGSSe)52,53 and in
kesterites,
Cu2ZnSn(S,Se)4 (CZTSSe),54,55,56 and also in other light absorbing structures, e.g. per-
ovskites.57,58 Thus, understanding these gradient’s formation, their interaction with fur-
ther material properties and their persistence is crucial to open up new pathways for more
efficient devices. To this date, most descriptions of the diffusion process in CIGSe and
other thin-film materials assume a Fickian diffusion process and are thus not suited to
describe the observed effects.51,59,60,61,62,63 The explanation of the formation and stability
of these gradings is the subject of this work.

A deeper understanding of the gradient’s formation may start with the observation
that a thin-film absorber is not used in isolation as a free-standing film, but is part of a
working solar module. A solar module itself consists of different thin or thick functional
layers arranged one on top of each other.64,37 This sandwich like arrangement of different
layers is usually mounted on top of a substrate (e.g. soda-lime glass (SLG)) which is up to
2 orders of magnitude thicker than the thin-films. This relatively thick substrate can then
be expected to impose rigid boundary conditions on the mechanical deformations that the
thin-film layers can undergo. During the formation and operation of the thin-films they
can thus not expand freely, but are restrained. Specifically, the substrate will inhibit
deformations of the thin-film in directions parallel to the surface of the substrate.65,66

These directions are also called in-plane directions. Free elastic deformations are only

∗In this particular case the pure phases are actually forming as the end-products of the formation
process and need not be brought into contact manually.
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possible in the out-of-plane direction, i.e. perpendicular to the substrate’s surface. If
the interdiffusing atoms are of different effective size, as often encountered in this class
of materials, then an inter-change of two atoms will necessarily lead to a local change in
volume of the material and thus to deformations.47 The inhibition of those deformations
in in-plane direction then leads to the development of stresses inside the thin-films. These
stresses, in turn, lead to an increase in the mixing enthalpy of the diffusion couple, making
continued interdiffusion with proceeding buildup of stress more and more energy costly,
and thus unlikely. It is argued in this work that the influence of stress on interdiffusion
is a valid candidate for explaining the observed compositional equilibrium distributions.
Specifically, it is investigated whether the build-up of elastic stresses inside thin-films can
reasonably account for the formation of stable compositional gradients.

Furthermore, it is long known that stresses in combination with high temperatures can
result in plastic deformations of the material which are also known as creep.67,68 Creep
processes are especially important for polycrystalline materials69,67 and will generally lead
to a reduction in internal stresses. One chapter in this work shows the implications of
specific creep processes interacting with internally developing stresses and the results for
equilibrium compositional gradients.

It is long known that stresses do have a fundamental effect on diffusion
processes70,71,72,73,74 and the processes by which stresses are forming, are being released and
interacting in polycrystalline thin-films have also been well scrutinized in the last couple
of years.75,76,77 Furthermore, stress distributions in thin-films can be determined experi-
mentally by different measurement techniques77,78 and in addition diffusion processes in
crystalline solids have long been subject of intensive research79,80 and are theoretically
understood from within the framework of non-equilibrium thermodynamic.81,75,82 How-
ever, as far as the author of this text is aware, so far the implications of stress-influenced
diffusion processes on final compositional distribution has not been analyzed and modeled
for thin-film solar cell absorbers, except for some recent publications by the author him-
self.83,47 This comes although non-ideal compositional distributions of thin-film absorbers
posses a long standing problem.43,46,84

To close this gap, a set of equations describing the evolution of the system’s material
distribution - an interdiffusion model - is constructed. To achieve this, the thermody-
namic theory of diffusion on a crystalline lattice85,86 and its generalization to mechanically
stressed systems79 is utilized. For determination of the developing mechanical stresses lin-
ear elastic theory is used,87,88 together with generalizing results for multi-layer thin-films
mounted on thick substrates.89,90 The kinetic theory of diffusion is then employed85 to
calculate thermodynamic fluxes and to connect them to changes in the material’s compo-
sition and to define different kinds of diffusion coefficients. Interdiffusion models with and
without stress and creep are obtained.75 The resulting equations are solved numerically in
dependence of the system’s parameters and in dependence of the appropriate initial- and
boundary-conditions. To compare the models experimentally, synchrotron-based real-time
EDXRD measurements were conducted at the Bessy II facility in Berlin during synthesis
of CIGSe and CISSe thin-films.91 These EDXRD measurements are then compared to
simulations by calculating an X-ray diffraction signal from the simulated elemental distri-
butions throughout the thin-film.92 Comparing the simulated and the measured EDXRD
signals then allows to assess the validity of the interdiffusion model and its assumptions.
Furthermore, using tactics from non-linear optimization93 the model’s parameter space
is searched systematically to find parameters that result in the best fit between simu-
lated and measured X-ray signals. The such determined parameters are then compared
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to literature values.
This work shows that a diffusion model comprising only Fickian diffusion cannot ac-

count for the experimental observations during synthesis of CIGSe and CISSe which were
recorded for this work. In contrast, a model taking into account the influence of me-
chanical stresses predicts the formation and explains the stability of elemental gradients
inside the thin-film and better accounts for the observed EDXRD measurements. How-
ever, the stresses predicted by this interdiffusion model are in the order of magnitude of
the yield-stress of the material, implying that plastic deformations can not be ignored for
an adequate description and understanding. Plastic deformations, namely creep deforma-
tions and interactions of dislocations with vacancies, are then employed and it is shown
that, dependent on the “strength” of those deformations, some qualitative aspects of the
recorded selenization experiments can be explained in a better way.

1.2 Structure of this Work

Chapter 2 gives a short and general overview over the materials analyzed for this work:
Chalcogenide thin-film solar cell absorbers. It provides a summary of the working prin-
ciples of solar cells containing these active thin layers and is especially focusing on the
working principles of the absorber layers themselves. Furthermore, important formation
processes are scrutinized and it is explained how material gradients are influencing the
device parameters and specifically its performance. Also, some very general remarks are
made about describing and modeling thin-films.

Chapter 3 gives an overview about the experimental and numerical techniques un-
derlying this work. The EDXRD measurement method is explained and how it can be
used to infer information on elemental gradients inside the thin-film during its synthesis.
Furthermore, the simulation of EDXRD signals from a known elemental distribution is
explained. The technique used in this thesis to compare simulated and measured EDXRD
spectra is introduced and the method of simulated annealing (SA) is explained. SA is an
optimization method for non-linear and high-dimensional problems and is used here to
find model parameters that fit the measured spectra optimally.

With these fundamentals out of the way, chapter 4 derives the equations describing a
simple Fickian diffusion model in some detail in order to introduce the theoretical methods
needed throughout the rest of this thesis. The entropy- and enthalpy of mixing terms are
introduced, fluxes and diffusion equations derived and numerically solved. The models
are applied to CIGSe and CISSe selenization processes and the simulation outcomes are
compared to the measured EDXRD spectra, showing insurmountable differences.

In chapter 5, the equations for a diffusion model that additionally involves the effects of
stress formation are derived. Additionally, the influence of stresses on the diffusion couple
themselves are considered and the resulting equations numerically solved and compared
to measurements. The resulting models can explain the formation of stable compositional
gradients but predict stresses high enough to imply the presence of plastic deformations
inside the material.

In chapter 6, creep is introduced as a general class of plastic deformations that is
happening due to various physical effects inside the material: Dislocation glide or dis-
location climb, for example. Corresponding equations describing diffusion and creep are
found, solved and compared to measurements. The possible implications arising from
considering creep deformations are introduced and discussed.

In chapter 7 the work is concluded and final remarks are made.
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The appendix A lists the parameter values used in this work and in appendix B
interdiffusion dynamics are discussed and analyzed for the presence of stress and creep. In
appendix C different kinetic and thermodynamic derivations are presented that complete
and complement the main text of this thesis.



Chapter 2

Chalcogenide Thin-Film Solar Cells

Chalcogenide thin-film solar cells are among the most efficient solar cells known to date.
There is, however, still potential for improvement that comes from different possible

lines of optimization. One such possible optimization is the deliberate design of
elemental distributions throughout the absorber film. Although it is well known how an

optimal elemental distribution through the absorber would look like, achieving the desired
result still poses challenges.

To lay the groundwork needed for the rest of this thesis, this chapter introduces the
thesis’ subjects of study: chalcogenide thin-film solar cell absorbers. First, the general

structure of a thin-film solar cell module, it’s basic properties and working principle are
discussed in section 2.1. Especially, attention will be focused on the influence that a

specific elemental distribution inside the absorber has on it’s opto-electronic properties
and what an optimal distribution looks like. In section 2.2 the specific formation process
for chalcogenide solar cell absorbers, namely selenization, is discussed. It is highlighted

how this process leads to sub-optimal elemental distributions. Finally, in section 2.3, the
numerical discretization scheme for a thin-film used in this work is shortly introduced.
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2.1 Structure and Working Principle

Chalcogenide thin-film solar modules have emerged as one of the main pillars of modern
solar cell technology. Today, their market share is around 10 %.94 They deliver record light
conversion efficiencies - around 23 % lately95 - linked with unique mechanical properties.
Their extreme thinness and light weight make them fit for a broad range of applications:
From installations on ordinary rooftops to satellites, to mobile electronic devices like
laptops and phones, to camping equipments, clothes and backpacks.96 In the following
their structure and working principle are introduced shortly.

2.1.1 Converting Light to Electricity

Generally, thin-film solar cells succumb to the same physical working principles as ordinary
solar cells made from crystalline silicon. Their function, of course, is to convert as much
of the light that impinges onto them into electricity as possible∗. To this end, they
are composed of at least two semiconductors in contact to each other forming a p-n
junction. Photons that enter the structure are then absorbed by the material if their
energy surpasses the band gap. The band gap is the energy gap that separates the
valence from the conduction band of the material. If the material is held in the dark,
only thermally activated electrons can be expected to reside in the conduction band. If
the material is irradiated and the impinging photons’ energy surpasses the band gap of
the material, then the photons have a non-zero probability† to be absorbed by valence
electrons. The electrons will then be elevated from the valence- to the conduction band,
thereby creating free holes inside the valence band. The such created electrons and holes
inside the conduction- and valence-band are behaving as free charge carriers and start
to move along gradients of their appropriate quasi Fermi levels. Electrons moving along
negative and holes along positive quasi Fermi level gradients. To produce a current, the
charge carriers have to be separated and transported to opposite metallic contacts in
order to leave the solar cell. However, intrinsic defects inside the used materials and
at interfaces may lead to defect-states inside the band gap which favor recombinations,
thereby removing electrons and holes from the conduction- and valence band, respectively.
Also, detrimental elemental distributions may lead to barriers in the quasi Fermi level,
preventing the separation of free charge carriers. Recombination and the formation of
detrimental barriers have to be kept at a minimum to increase the efficiency of any solar
cell.

2.1.2 Chalcogenide Thin-Film Solar Cells

Thin-film solar cells work, in general, according to the same principles as described above.
Their name-giving difference to conventional solar cells being of course their thickness
which is in the order of µm.

Furthermore, thin-film solar cells in general and chalcogenide thin-film solar cells in
particular consist of a variety of functional layers that assume different tasks in produc-
ing electricity from light. A general structure of a thin-film solar cell can be found in
fig. 2.1.97,37

∗The following according to Würfel et. al.38
†This probability depends on parameters like the density of states inside the material.
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The surface layer, also called the window layer, is usually made from ZnO. ZnO is
a crystalline n-type semiconductor with a rather large band-gap of around 3.3 eV. For
photons with smaller energies, as e.g. most photons in the solar spectrum reaching Earth,
it is thus transparent and acts as a protective glass coating for the following layers.
Metallic front contacts are mounted on top of the window layer to collect the photo-
current produced inside the cell. The layer beneath the window consists of a very thin
crystallite CdS layer which exhibits a band gap of around 2.4 eV. This intermediary layer
is used to reduce the jump in Fermi-energy levels between the window layer and the
following absorber. By reducing this jump, unintentional recombinations at this interface
are significantly reduced.64 Because of it’s thinness only very few photons are absorbed
in it and most pass through into the following layer, the absorber.

Figure 2.1: Schematic depiction of a typical chalcogenide
solar cell (not to scale). See text for details.

The absorber materials examined in
this work are CIGSe and CISSe. Their
band gap is adjusted such, that they are
able to absorb most of the photons in
the solar spectrum (see section 2.2.1 for
details). Intrinsic defects, mainly copper
vacancies on their Cu-sublattice, lead to
these absorber materials being p-doped.98

Thus, between n-doped window layer and
p-doped absorber layer a p-n-junction is
formed, leading to the development of a
space charge region.37 Charge carriers gen-
erated inside the absorber and within the
diffusion length can thus be transported in
different directions: Electrons to the win-
dow layer and holes to the metallic Mo
back contact beneath the absorber. To un-
derstand the charge carrier dynamics the
distribution of the quasi Fermi level for
electrons and holes inside an illuminated
CISe solar cell can be plotted - see for ex-
ample [99, p. 9]. The quasi Fermi level
inside the absorber material (the chalco-
genide) exhibits a maximum between the

p-n junction and the Mo back contact. That is why only electrons that are generated
between the p-n junction and this maximum can be transported to the n-doped window
layer and thus contribute to the generated photo current - if they do not recombine on
their way. Electrons generated between the maximum and the Mo back contact will be
transported to the back contact and do not contribute to the photo current. Reducing
the spatial region between quasi Fermi level maximum and Mo back contact would thus
directly lead to an increase in the photo current. This can be achieved by adjusting the
elemental distribution inside the absorber.

The electrons that actually reach the metallic front-contact and the holes that reach
the back contact are collected and constitute the measured photo current produced by
the solar cell module.
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2.2 The Absorber

This section goes into detail on the absorber materials, their physical properties, their
formation process and on some of the possibilities of optimization connected to them.
This is in order to develop intuition about the physical situation under which processes
of interdiffusion are taking place in this context.

2.2.1 Absorber Properties

Band Gap

The band gap of CIGSe and CISSe depends on their local composition and can change
considerably. For CIGSe, In and Ga atoms share the same lattice site and can be thought
of as being interchangeable.62 However, owing to the differing electronic structure and
size of Ga and In the CGSe and CISe phases display differing band gaps which for a pure
CISe cell is around 1.05 eV. Exchanging the In atoms for Ga atoms, the band gap can be
raised to around 1.7 eV for pure CGSe.100 In the case of CISSe, Se and S atoms also share
the same lattice sites and are thus interchangeable101 with the band gap being tunable to
1.5 eV for pure CuInS2 (CIS).99 The optimal band gap for the absorber depends on the
spectrum of the impinging radiation. If, for some given spectrum, the band gap is very
narrow, then many photons are absorbed, but due to rapid thermalization the energy
of the generated charge carriers is rather small and they recombine frequently. On the
other hand, if the band gap is made wide, fewer photons are absorbed but the generated
charge carriers deliver more energy and recombination is rarer. In between there is thus an
optimal band gap to be achieved. Taking the average solar radiation spectrum in middle
Europe, called AM 1.5, the optimal band gap lies at around 1.32 eV.102 The interval of
possible band gap values for CIGSe and CISSe thus includes this optimal value, which
partly explains the promising character of those materials.

As detailed in section 2.1.2, it is desirable to reduce the space between the quasi Fermi
level maximum and the back contact. Adding Ga and S to the back of their respective
absorber can achieve this. This is because they considerably widen the band gap and
thus also raise the quasi Fermi level. This then leads to the maximum quasi Fermi level
approaching the back contact and thus to higher photo currents and efficiencies.

Crystal Structure

CIGSe and CISSe are so called ternary chalcopyrite compounds. These compounds are
generally written with formulas of the form: XIYIIIZVI

2 . Here, the raised letter indicates
the chemical group, i.e. the number of valence electrons. Furthermore, X and Y stand for
cations and Z for an anion. In the material classes considered in this work, X is always
equal to Cu, Y can be In, Ga or both and Z can stand for Se, S or both.103

These materials all crystallize in the tetragonal chalcopyrite structure (a depiction of
which can be found in many works on those materials e.g., in the work by Tang104). The
unit cell belongs to the I-42d space group and is tetragonal with lattice parameters a and
c, whereby c/a ≈ 2 but not exactly since the unit cell is distorted in c direction. Each
unit cell contains 16 atoms: 4 group I and 4 group III atoms and 8 group VI atoms.103

Table A.1 shows some structural properties of the different compounds analyzed in this
thesis.
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Microstructure

On an intermediate scale the thin-films exhibit polycrystalline properties since they are
composed of many differently sized and oriented crystallites connected to one another by
grain boundaries. Elastic material properties, e.g. the bulk- and shear modulus, depend
on the unit cell of the material and especially on its symmetries. Anisotropic unit cells
as in the chalcopyrite unit cell will generally result in anisotropic material properties.
These properties will, furthermore, change from crystallite to crystallite, depending on
its orientation.105 However, the thin-films used in this study were not equipped with a
texture after the growth process which is equivalent to saying that, on average, all possible
orientations of crystallites are distributed equally. As such, macroscopically the thin-film
will generally not experience anisotropy of its properties.

2.2.2 Absorber Formation

There are a number of different ways to produce the absorber thin-films studied here.
E.g. the co-evaporation process or the sequential process. The sequential process and in
particular the process of selenization is explained in the following.

CIGSe

In the sequential fabrication process a metallic Cu-In-Ga precursor∗ is placed inside a
furnace together with elemental solid droplets of Se and heated up to some elevated
process temperature. The selenium will then melt and evaporate into the gas phase and
precipitate onto the surface of the metallic precursor. The selenium is then incorporated
into the precursor, which is not yet existing in the chalcopyrite structure, but rather
liquefying at the high process temperatures. The incorporation of Se and diffusional
transport of elements throughout the thin-film leads, after multiple intermediate states,
to a complete recrystallization of the film106†. This process is called selenization. In the
end of it, two distinct and nearly pure polycrystalline phases will have formed: A CISe
at the front and a CGSe phase at the back of absorber. Because In and Ga both are
group III elements they share the same lattice sites, furnishing a sub-lattice on which
they can interchange. After the chalcopyrite crystal structure is formed In and Ga will
thus start to interdiffuse in the presence of intrinsic concentration gradients. Due to the
formation of nearly pure CISe and CGSe during the process concentration gradients are
clearly present over the whole absorber after the selenization is completed.

CISSe

The selenization of CIS is a somewhat simpler process108 because an already crystalline
chalcopyrite is selenized. As such, phase changes do not occur. Because Se and S are part
of the same chemical group, they readily interchange places inside the crystal structure.
The gaseous selenium is impinging onto the thin-film’s surface and interchanging places
with sulfur atoms. The sulfur is thereby going into the gas phase while the Se is incor-
porated into the crystal structure. Consequently, a CISSe phase forms at the front of the
thin-film and Se and S will start to interdiffuse throughout the film’s width.

∗On details about the precursors used for this study, see section 3.1.1.
†Intermediate states include the co-existence of liquid In-rich and solid Cu/Ga-rich phases.107
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However, this specific formation process is not a well established fabrication method
for CISSe cells but investigated in this thesis to see weather beneficial Se/S gradients can
be obtained.108

2.2.3 The Case for Stress Formation

Process Problems

When analyzing the ensuing interdiffusion process of In-Ga and S-Se in the two formation
processes described above, it is often assumed that a complete homogenization will in the
end be obtained throughout the film∗. However, this is generally not what is observed.
Instead, strong gradients remain present throughout the film, independent of the used
annealing time.46 This behavior prevents a precise design of the gradient which is needed
to obtain optimal results and is, as of now, not well understood. This work presents
an analysis and potential explanation for this effect: The formation of stress inside the
absorber layers during their synthesis.

The Formation of Stress

The first essential observation that can be made in the case for stress formation is that
the elements interdiffusing in these experiments do possess different effective sizes in their
respective lattice structures. This can be seen from table A.1. The lattice parameters for
the different phases show that the unit cell for CISe is bigger then for CGSe and the unit
cell for CIS. This can be interpreted as In being bigger then Ga and Se being bigger then
S. An interdiffusion of those elements will thus necessarily lead to a considerable change
in the local (partial molar) volume of the material.

The second important observation is that, as fig. 2.1 shows, the absorber is not a free-
standing thin-film. Rather, it is attached to a number of additional thin-layers and to the
glass substrate. Specifically during the absorber formation, i.e. the selenization, studied
in this thesis the absorber was only attached to a Mo back contact and to the SLG glass
beneath. The system was thus missing the layers depicted above the absorber in fig. 2.1.
The soda-lime glass is several orders of magnitude thicker then the thin-films mounted on
top of it: The SLG layer is around 3mm thick while the absorber’s thickness is only about
1.6µm. This very thick substrate is then expected to impose rigid boundary conditions
(b.c.) on all the thin-films attached to it. Especially, the thick substrate should inhibit
all deformations of the thin-films in in-plane direction, which is the direction parallel to
the surface of the substrate. On the other hand, the thin-films are free to expand and
contract in the direction normal to the surface which is called the out-plane direction.
The inhibition of deformations in-plane will, necessarily, lead to the formation of in-plane
stresses.

It is exactly this interplay between the thin-film absorber layer undergoing changes
in it’s local volume during the interdiffusion process and the simultaneous inhibition of
those volume changes due to the thick substrate that is the core of this thesis.

∗This is clear from the widespread assumption that Fickian diffusion is taking place.51,61
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2.3 Modeling Thin-Films

In this section some basic assumptions about the numerical modeling of thin-films are
presented which will be used frequently throughout the following chapters and are thus
important to understand the ensuing arguments.

2.3.1 Discretization of the Film

z
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F
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Figure 2.2: Depiction of a two-phase thin-film of thickness
dF and overall composition ω on top of a substrate. The Mo
back contact layer is not depicted. The z direction is the
out-of-plane direction and the directions parallel to it are the
in-plane directions. ωi gives the composition of the phase, see
eq. (2.2).

Figure 2.2 shows a rough representation of
a two-phase thin-film on top of a substrate.
The thin-film is generally assumed to be
inhomogeneous in composition in out-of-
plane direction and homogeneously inter-
mixed in in-plane direction. The in-plane
homogeneity can be justified because the
film consists of many differently oriented
crystallites, as discussed in section 2.2.1.
Because there are many different crystal-
lites present in-plane, any inhomogeneity
that may exist inside a single grain will ef-
fectively be averaged out. However, due to
the specifics of the formation process out-
of-plane gradients do persist throughout it.

The z direction thereby measures the distance of a given layer from the front of the film.

If A and B are taken as Ga and In respectively with ω0 ≡ 0 and ω1 ≡ 1 then the
situation depicted in fig. 2.2 is equivalent to the final state of the selenization process
for CIGSe, as described in section 2.2.2. The lower phase representing the pure CGSe
and the upper the pure CISe phase. This final state of the chemical reactions is then the
initial state of the interdiffusion process of Ga and In atoms. For the case of interdiffusion
inside CISSe A and B are Se and S and the initial state of interdiffusion is such that the
upper phase is a very thin Se-rich (ω0 ≈ 1) phase that stays constantly at its equilibrium
composition with the gas phase. The lower phase then is a pure S phase with ω1 = 0
initially. See section 4.3.1.

For this thesis primarily the inhomogeneity in composition is of interest. Nevertheless,
the composition determines many of the material- and opto-electronic properties. A com-
positional gradient will then lead to a grading in the device’ properties which depend on
composition. These include elastic material properties like Young’s module or electronic
properties: the band gap, e.g..

To capture these inhomogeneities adequately, the thin-film of total thickness dF is
subdivided into NL different layers of equal thickness δ := dF/NL. These layers all lie
parallel to the surface of the substrate. It is assumed that those layers are completely
homogeneous, their properties thus representing the spatial averages of the real properties.
Be ξ any local property of the thin-film. ξ then only depends on the out-plane direction
due to in-plane homogeneity, ξ = ξ(z). The value of ξ in layer i, denoted as ξi with i = 0
indexing the uppermost layer, is given by averaging over the thickness of the layer i

ξi :=
1

d0

∫
d0

ξ(z)dz. (2.1)
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2.3.2 Binary Substitutional Solid Mixture and Alloying

Assuming that only two atom species, generally denoted as A and B, determine the com-
position of the material∗, a single parameter, the content of species A i.e., the composition
ωA, is sufficient in describing the phase and its properties within a given layer.

Crystalline solid-state systems which can be described by a single composition are com-
monly called binary substitutional solid mixtures.109,79 A simple such system is depicted
in fig. 2.2, showing a binary substitutional mixture whose composition is represented by
the general formula AωAB1−ωA . A and B denote the two phases e.g., CISe and CGSe or
CISe and CIS. The subscript ωA denotes the fraction of the A phase present. In symbolical
form this can be defined as:

ωA :=
[A]

[A] + [B]
. (2.2)

The symbol [i], with i ∈ {A,B} can denote the mass of the i phase, the number of atoms
or moles of species i or the volume of the phase, depending on what exactly ωA is supposed
to measure. Because in this thesis the considered phases only differ by the presence of
different elements on a shared sub-lattice it is natural that ωA specifically measures the
lattice site fraction: How many lattice sites are occupied by A atoms on the sub-lattice
that is shared by the interdiffusing A and B elements relative to all available sub-lattice
sites.

In the case of interdiffusion of In and Ga inside CIGSe, ωGa is called the [Ga]/([Ga]+[In])
ratio (GGI) and measures the amount of Ga atoms relative to the total amount of Ga and
In atoms present in the layer on their sub-lattice. For interdiffusion of Se and S in CISSe,
ωSe is called the [Se]/([Se]+[S]) ratio (SES) and measures the amount of Se atoms relative
to the total number of Se and S atoms inside the given layer. Denoting the number of A
(= Ga or Se) and B (= In or S) atoms on the lattice as NA and NB, ωA can be calculated
by

ωA =
NA

NA +NB

. (2.3)

Note that A and B have been introduced with a double meaning: They denote the phases
as well as the specific atomic species. E.g., A can stand for the CGSe phase and also for
the Ga atom itself. However, this double meaning is harmless because the relevant pure
phases are all equal except for the occupancy of a specific sub-lattice. Specifically, the
number of lattice sites in each unit cell that may contain A or B atoms is equal for the A
and B phases. This results in eq. (2.2) giving equal results for ωi regardless of whether [i]
is interpreted as the number of lattice sites occupied by atom i or as the mass or volume
of the corresponding phase i.

The composition ωA can be used to calculate specific physical parameters of the mix-
ture in a given layer by alloying, also called Vegard’s law.110 Let α describe some physical
property of a phase with αA denoting the value of the property for the pure A- and αB
the value for the pure B phase. Then, if α obeys Vegard’s law, the principle of alloying
says that the numerical value of α for the solid binary mixture can be approximately
calculated using:

α = ωAαA + (1− ωA)αB. (2.4)

∗This can be interpreted as saying that all other elements, if present, are completely homogeneous
throughout the layer.
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This holds approximately true for the lattice parameters of mixtures and for quantities
that depend linearly (to first order) on the lattice parameters.111

2.3.3 Molar Fractions and Network Constraints

The total number of lattice sites on a given sub-lattice∗ is denoted as N and the number
of constituents of a specific species as Ni, whereby i ∈ {A,B, V } either denotes elements
A or B or a vacancy, respectively. The molar fraction of species i is then defined as

λi := Ni/N. (2.5)

This is the number of atoms of species i residing on the crystal structure relative to the
total number of lattice sites. Interstitial defects, in which atoms reside on interstitial
points in between lattice sites, are assumed to be rare and are not considered.

Definition eq. (2.5) is in contrast to the definition of the composition ω, eq. (2.3),
which measures only the relative content of species A and B, not specifically regarding
vacancies as further constituents of the sub-lattice. The two are connected by:

ωi =
λi

1− λV
. (2.6)

For vanishing vacancies the composition as well as the molar fraction measure the same.
The crystal lattice enforces so-called network constraints on the constituents of the

sub-lattice112 in that it requires them to spread only on the positions predetermined by
the crystal structure.† This means that the total numbers of elements of species A and B
and vacancies must equal the number of lattice sites,

N =
∑
i

Ni. (2.7)

Vacancy densities, which are always present on all sub-lattices in any real crystal,
depend heavily on temperature and, since the diffusion experiments examined here are
conducted at elevated temperatures of at least 500◦C, the vacancy fraction is expected
to be rather high. This is very well confirmed by estimations using results obtained
from positron-annihilation measurements in CIGSe. See section 6.1.6 for details. It
is consequently assumed that vacancies furnish the main diffusion path for the binary
solutions of Ga and In or Se and S. That is, the elements move through the crystal lattice
by exchanging with vacancies on their respective sub-lattice. Furthermore, vacancies can
be created and destroyed at surfaces, interfaces and defects, which results in the total
number of lattice sites not being conserved in general.113

Even so, the molar fractions of the 3 constituents are not independent due to the
network constraints eq. (2.7) impressed on them. Those translate, after division by N , to

1 =
∑
i

λi (2.8)

ρ =
∑
i

ρi. (2.9)

∗That is on the Ga and In sub-lattice in CIGSe and the Se and S sub-lattice in CISSe.
†This is since an interstitial sub-lattice is explicitly not considered.
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The second line follows by multiplication with the lattice site density ρ, ρ ≡ N/V and
definition of the lattice site density of species i, ρi ≡ Ni/V = λiρ. V represents the total
volume of the considered system.

Because of the homogeneity of each layer, their composition and density is on average
equal the local composition and density of any particular unit cell inside them. Be the
total number of theoretically available lattice sites inside a unit cell n, the volume of
the layer V and the number of unit cells inside the layer NUC given. Then the average
volume per lattice site Ω := V/N can be defined. Using that the total volume is given by
V = V UCNUC the lattice site density can be calculated as:

ρ =
N

V
=

NUCn

NUCV UC
=

n

V UC
=

1

Ω
. (2.10)

During the diffusion processes analyzed here, chemical reactions and structural changes
of the crystal lattice are assumed to have ceased except for elastic deformation, so that
n = const. Note that the lattice site density is only constant if the lattice site volume is
constant.

It will be convenient when analyzing the thermodynamical aspects of interdiffusion
to work in the so called reference state. The reference state is characterized by having
an associated constant volume per lattice site, V ′, which corresponds to the stress-free
configuration of the system.79 Quantities defined w.r.t. the reference state are denoted
with a prime, e.g. ρ′ ≡ N/V ′. In this notation it follows that

ρ′ =
∑
i

ρ′i = const. (2.11)

Differentiation on both sides of eq. (2.8) and eq. (2.11) gives

dλV = −dλA − dλB (2.12)

dρ′V = −dρ′A − dρ′B. (2.13)

These relation can consequently be used to eliminate the explicit dependence of any
problem on the vacancy fraction.

In the limiting case of vanishing vacancies, these relations transform to:

dλA = −dλB (2.14)

dρ′A = −dρ′B. (2.15)



Chapter 3

Experimental, Comparative and
Numerical Methods

This thesis studies two types of chalcogenide absorber materials during their formation
from precursors via selenization: CIGSe was synthesized from a Cu-In-Ga precursor and
CISSe from a CIS precursor. The different precursors together with specific amounts of
Se were positioned inside a furnace and heated. The energy-dispersive X-ray diffraction
measurement technique was then used during the formation to obtain information about

the elemental distributions and phases present inside the samples over time. These
measured EDXRD spectra were compared to simulated spectra. The simulated spectra
were calculated from elemental distributions predicted by the employed interdiffusion

models. Simulation parameters that result in optimal fits between simulated and
measured EDXRD data were obtained by scanning the physically feasible parameter space

of the interdiffusion models using simulated annealing. In this way, it was possible to
make predictions for system parameters like the tracer diffusion coefficients of the

partaking elements and the mechanical properties of the thin-film.
This chapter, laying the groundworks to understand the measurements and simulations

analyzed in the coming chapters, elaborates on the measurement- and numerical
techniques used in this thesis. Section 3.1 goes into detail on the synthesis of the
precursors samples used and on the general setup for the selenization experiments

performed on those precursors. Also the generation, characteristics and detection of the
X-ray radiation used is explained. In section 3.2 the EDXRD measurement techniques

and the simulation of EDXRD data are explained in detail. Section 4.1.6 then
scrutinizes the employed numerical schemes that were used to solve the interdiffusion

model equations and also takes a look at the process of parameter optimization employed,
namely the SA technique.
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3.1 Samples and Setup

3.1.1 Sample Preparation

During the selenization experiments different precursor samples were investigated. To
synthesize CIGSe, a Cu-In-Ga precursor was used107∗. These precursors were synthesized
by deposition onto a 3.1 mm thick SLG substrate covered with a SiOxNy/Mo/Mo:Na/Mo
coating. The Si0xNy layer was 150 nm thick and the Mo/Mo:Na/Mo layers had a total
thickness of 850 nm with the Mo:Na layer being 70 nm thick with a Na content of 5 %.
All layers were deposited by DC magnetron sputtering. On top of the glass-substrate and
the coating, a 700 nm thick precursor stack was deposited via sputtering from In and
Cu-Ga targets. The precursor stack was sputtered such, that in the end it consisted of 22
separate In/CuGa/In triple layers with a [Cu]/([Ga]+[In]) ratio (CGI) of 0.87 and a GGI
of 0.27 - the samples then were Cu-poor†.

For the synthesis of CISSe thin-films a Cu-rich CIS (Cu to In ratio: 1.8) precursor
was used. It was synthesized by rapid thermal annealing of metallic Cu-In precursors
in elemental sulfur atmosphere.114,108 A Mo-coated float-glass was used as substrate, on
top of which succeeding layers of Cu and In were deposited by DC magnetron sputtering
with layer-thicknesses of 550 and 650 nm, respectively. Then, rapid thermal annealing
was performed on the precursors inside a furnace containing elemental sulfur at a process
temperature of 600◦C. Because the process is carried out under Cu excess, a CuS layer
forms at the front of the resulting film which was removed by KCN etching, resulting in
the completed CIS precursor.

3.1.2 Experimental Setup

Figure 3.1: Generalized sketch of the furnace used in the experiments.

In any specific selenization experiment analyzed for this thesis a precursor sample
was selected and placed inside a graphite box called the reaction box. The reaction box
itself was placed inside a vacuum chamber. Vacuum chamber and reaction box are both
depicted in fig. 3.1 as outer- and inner-box, respectively. The reaction box could be sealed
by a movable piston and could thus maintain a defined atmosphere. The reaction box was

∗All the precursors were provided and not synthesized by the author.
†Cu-poor being defined as a CGI of less than 1.0.
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Figure 3.2: Generalized sketch of the experimental setup. Not to scale. The black solid rectangle at the center represents
the vacuum chamber from fig. 3.1.

a pyrolytically coated graphite cylinder which was closed by quartz plates at the top and
bottom and which had a volume of 107 cm3. The vacuum chamber was equipped with
two polyimide windows (not depicted) that allowed for synchrotron radiation to traverse.
The radiation that was diffracted off from the surface of the sample then left the vacuum
chamber and was detected with a high-purity, energy-dispersive Ge-detector.

Selenization experiments require a controllable atmosphere inside the reaction box. To
this end, solid droplets of elemental selenium were put inside an open ceramic container
and placed next to the sample inside the reaction box. Then a vacuum turbo-pump
(not depicted) was used to evacuate the vacuum chamber and graphite box, lowering the
pressure down to less then 1·10−4 mbar. The reaction box was then sealed using a movable
piston that was connected to a motor-valve. The vacuum- and reaction chambers, and
thus the samples them-self, could be heated using 8 halogen lamps installed inside the
vacuum chamber and providing a maximum power output of 4 kW. The temperature was
held constant for different amounts of time and controlled by a thermocouple positioned
directly above the sample.

The heating was done according to the heating ramp shown in figs. 3.3 and 3.4b) until
reaching the process temperature which was then held constant during the experiment.
With increasing temperature, the droplets of elemental Se started evaporating, building up
an atmosphere consisting of different Se atoms and molecules.115 The Se then impinges
onto the surface of the precursor, integrating into the structure and triggering phase
changes and diffusion processes. This process, beginning with the start of the heating, is
monitored by X-ray diffraction, as outlined in the next subsection.

3.1.3 Synchrotron Radiation and Detection

To probe interdiffusion inside polycrystalline thin-film solar cell absorbers, EDXRD spec-
tra were recorded in-situ using polychromatic synchrotron X-ray radiation. This radiation
was guided onto the surface of the sample inside the reaction box, as depicted in fig. 3.2.

The experimental setup was assembled at and coupled to the EDDI beamline, which is
part of the synchrotron facility BESSY II at the Helmholtz-Zentrum Berlin, Germany.116
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Synchrotron radiation lends itself readily to the analysis of multi-phase solid-state sys-
tems since it provides a high photon flux over a large, continuous section of the spec-
trum. A wide spectrum ensures that many Bragg- and fluorescence-reflexes are excited at
once, enabling the identification of different phases being present and furthermore a high
photon-flux enables fast data collection.

The X-ray white-beam provided at the beamline was generated by a 7 T multipole
wiggler providing a high photon flux at energies between roughly 6 keV and 80 keV with
a beam area of roughly 3.9 · 3.9 mm2. For the detailed setting, see Genzel et al..116 A
number of interesting Bragg-reflexes of the chalcopyrite crystal structure lie within this
energy range for the used diffraction angles, most notably for this work the 112-reflex
of CIGSe and CISSe. Also important fluorescence peaks like Mo Kα line lie here. The
synchrotron beam is guided from its origin at the wiggler through a vacuum tube and is
narrowed by a slit-system (S1 and S2 in fig. 3.2) before entering the vacuum chamber and
impinging on the sample’s surface under a constant angle θI . The vacuum chamber itself
is mounted on top of a table whose height is adjustable to an accuracy of ±2 µm. This
is used do find the angle θI by observing the change in beam spot position with changing
table height. The beam illuminates an area of roughly 4 · 1.5 mm2 on the sample.

The signal produced inside the illuminated sample by diffraction and fluorescence
leaves the vacuum chamber through one of its windows and is collected at a high purity,
energy-dispersive Ge-detector. The detector is installed at a fixed angle θO with respect
to the sample’s surface normal so that the incident and outgoing beam form a constant
angle of 2θ = θI + θO throughout the measurements. This angle was 2θ = 6.08◦ for the
CIGSSe experiments and 2θ = 6.26◦ for the CISSe experiments and gauged using the
Bragg reflexes of gold powder.

The solid angle under which the detector is seen from the samples’ surface is reduced
by horizontal and vertical slits mounted between the sample and the detector (S3 and
S4 in fig. 3.2) to reduce divergence and thus peak broadening of the signal arriving at
the detector, resulting in sharper diffraction peaks. The detector is cooled with liquid
nitrogen and provides a total of 16.000 distinct energy channels which were gauged using
the known energy of the Cu-Kα, Mo-Kβ and In-Kβ fluorescence lines. Signals lying in
the energy range between roughly 6 and 80 keV were recorded and a time resolution of
roughly 3 seconds per spectrum was reached in this set-up.

3.2 Energy Dispersive X-Ray Diffraction

3.2.1 Fundamentals and Measurement Principle

Retrieving consistent information about the elemental distribution inside solid-state ma-
terials in-situ during diffusion processes is a non-trivial problem. This is because the
distribution of elements inside the material has to be determined in a non-destructive and
reliable way over an extended period of time.

Usually, the key-process parameters in diffusion-reaction problems, like the diffusivities
of the involved species, are determined by repeating the annealing process with different
but equivalent samples. The annealing is then stopped at different times and the current
elemental distributions are determined invasively. This process then results in a summary
picture of the changing elemental distributions over time. Comparing measurement results
with simulations from a chosen diffusion model then results in estimates for the process
parameters; e.g., the tracer diffusion coefficients.
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This process, however, is tedious since it requires the repeated execution of identi-
cal experiments. In contrast, EDXRD-experiments allow for the extraction of depth-
distribution information in-situ during a single experiment. This comes because usually
one is interested in the interdiffusion of distinct elements∗, that is of atoms of differing
effective sizes inside the crystalline lattice. This implies that the lattice is being contin-
uously distorted during the diffusion process. X-ray diffraction reflexes can be used to
gain information about elemental density changes since, according to Bragg’s law, they
are directly dependent on the lattice plane distances and as such on the local lattice dis-
tortions. According to Bragg’s law, the energy of photons diffracted from lattice planes
set by Miller indices hkl, Ehkl, is given by:92

Ehkl =
nhc

2dhkl sin(θ)
. (3.1)

Here dhkl denotes the distance between adjacent hkl planes, n is a natural number, called
the Bragg order, and h and c are Planck’s constant and the speed of light, respectively.
Since in the following only reflexes of the first order are used, n is set to 1.

The usage of white-beam synchrotron radiation together with a fixed diffraction geom-
etry and an energy-dispersive detector on a fixed position to record the occurring signals
are the principle ingredients of the EDXRD method.117 The advantage of this method
comes from the fact that a multitude of different diffraction reflexes and fluorescence sig-
nals can be excited and measured at once and without tediously scanning all possible
diffraction angles around the sample. From the impinging polychromatic radiation only
those photons are diffracted whose energy fulfills the Bragg condition for the fixed diffrac-
tion angle θ and for some lattice plane with Miller indices hkl present in the polycrystalline
sample.

Furthermore, fluorescence signals arise from electronic transitions inside the atoms of
the illuminated sample. These signals emerge because electrons on inner orbitals of the
atoms are ejected due to interactions with the incoming X-ray photons if their ionization
energy is below the energy of the impinging synchrotron photons. An electron from an
outer orbital then relaxes onto the now vacant site of the inner orbital releasing its excess
energy in the form of a photon. However, for this work only the transitions to the atomic
K orbitals are of interest because they are used to gauge the energy scale of the detector,
as explained in section 3.1.3.

3.2.2 Selenization Measurements with EDXRD

The measured EDXRD spectrum is denoted as ĨM(t, E) and gives the total number of
photons of a given energy, E, that hit the detector at time t. Figure 3.3a) and fig. 3.4a)
show the color-coded spectra recorded during selenization of a Cu-In-Ga and a CIS pre-
cursor, respectively. These are the two measurements to which different diffusion models
are compared in this work. The color scale encodes the photon intensity. The tempera-
ture recorded during the processes is shown in both figures under b) and the time point
t = 0 min is highlighted by a vertical black dotted line. This time point is taken as the
beginning of the interdiffusion process and chosen such that previously visible phases†

have disappeared and only the CISe, CGSe and CIS 112 peaks are left - indicating that
chemical reactions have ceased. At t = 0 min also the heating phase is completed for

∗This is in contrast to tracer diffusion which involves diffusion of atoms of one species.
†For example the short-lived In4Se3 intermidiary phase occurring during CIGSe formation.106
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both processes, as is seen from the temperature curves. Because the temperature sensor
is mounted slightly above the samples - as seen in fig. 3.1 - the temperature recorded
during heating may not be exactly the same as the temperature of the sample itself. But
a further indicator that the heating of the sample really has ceased for CIGSe is seen
from the In- and Ga-rich 112 peaks in fig. 3.3a). Prior to t = 0 min these undergo a
rather rapid transition to lower diffraction energies. This is due to the expansion of the
material during heating which causes the diffraction energies to decrease. At t = 0 min
this process seems to have ceased, indicating a constant sample temperature. The same
can be said for the CIS 112 peak in fig. 3.4a).

The recorded reflexes in both figures are the combined diffraction signals from crystal-
lites oriented such that their 112 planes lie parallel to the front of the film. The recorded
spectrum at time t = 0 min, i.e. the radiation intensity over the photon energy, is shown
in fig. 3.3c) and fig. 3.4c) as black dots. In fig. 3.3c) the measured spectrum is approxi-
mated by two Gauss curves (see section 3.2.4 for details) and the diffraction energies at
which pure CISe and CGSe reflexes would be expected at process temperature according
to eq. (3.1) are indicated by vertical dotted lines. In fig. 3.4c) the fitted curve is not result
of a Gaussian fit. Rather, the initial Se distribution throughout the film was systemat-
ically changed and the corresponding EDXRD spectra were calculated and compared to
the measured spectrum at t = 0. The best fitting EDXRD signal is shown as solid black
curve in fig. 3.4c). See section 4.3 for details. Again the diffraction energies at which pure
CISe and CIS reflexes would be expected are shown as vertical lines.

In fig. 3.4c) the expected 112 peak positions and the the recorded intensity maxima
match quiet well, indicating two pure CISe and CGSe phases being present at t = 0
min. For fig. 3.4c) the maximum to the left of the pure CIS 112 peak indicates that a
certain intermixing already has taken place. However, a state of pure phases in contact
is typically taken as initial state of the interdiffusion in the following models.

3.2.3 Simulating EDXRD Data from Elemental Distributions

Because in this work EDXRD spectra are measured, the simulations employed also have
to yield calculated EDXRD spectra to be comparable to the experiments. To achieve
this the interdiffusion model is used together with suitable parameters and appropriate
boundary conditions to calculate composition distributions of the thin-film in out-of-plane
direction for each time step. From these composition distributions the X-ray diffraction
signal that is expected to emerge from the sample is calculated given the crystal structure
and texture∗.

Since thin-films with thicknesses in the order of a few µm are studied, the incoming
beam illuminates all layers of the film down to the substrate-film interface. The X-ray
diffraction signal then consists of photons that were diffracted by the crystal structure in
all layer depths. The possible energy values at which such diffractions can occur depend
on the lattice planes present and on their distances, dhkl, as outlined in section 3.2.1.
However, the lattice structure will change over time during the course of the interdiffusion
and, at a given time, differ at different locations inside the thin-film. Given the expected
composition the diffraction signal can be calculated the following way:

∗As mentioned earlier, the sample is assumed to not possess any preferably orientation and thus has
no texture.
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Figure 3.3: (a)Color coded EDXRD spectrum recorded
during selenization of Cu-In-Ga precursors to CIGSe. (b)
Temperature ramp during the experiment. (c) Measured
spectrum and Gaussian fit at t = 0 min with pure CISe
and CGSe peaks as dotted vertical lines.

Figure 3.4: (a)Color coded EDXRD spectrum recorded
during selenization of CIS. (b) Temperature ramp during
the experiment. (c) Measured spectrum and fit at t = 0
min with pure CISe and CIS peaks as dotted vertical lines.
The fit is not Gaussian but results from a fit of the initial Se
distribution. See section 4.3.

Principal Diffraction Peaks

As outlined in section 2.2.1, the materials analyzed in this work form a chalcopyrite
crystal structure with a tetragonal unit cell and lattice parameters a and c∗. The lattice
parameters are modeled as depending on composition via alloying according to eq. (2.4).
Because compositionally graded materials are investigated, the lattice parameters will
also have different values for different layers inside the absorber and so a diffraction signal
will have to be calculated for each layer i of the absorber, see fig. 2.2. In the following, a
and c are the lattice parameters inside a given layer with composition ω and at process
temperature T .

The lattice plane distances dhkl for a tetragonal unit cell can be calculated in depen-
dence of those lattice parameters by

dhkl =
a2c√

(hac)2 + (kac)2 + (la2)2
. (3.2)

Inserting eq. (3.2) into eq. (3.1) then gives the primary diffraction energies at which diffrac-

∗The following is largely according to Warren’s X-ray diffraction92
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tion reflexes can be expected and which are called Ehkl, with E112 being the diffraction
energy for the 112 peaks.

As explained in section 2.2.1, the thin-films are assumed to not possess texture, i.e.
all possible orientations of crystallites are supposed to be present equally. Due to the
specific measurement geometry, diffraction peaks will only be measured from crystallites
that have their 112 lattice planes oriented parallel to the surface of the thin-film. Only
then are the diffracted signals able to reach the detector in the first place. The diffusion-
induced volume throughout the thin-film is modeled as being isotropic, with each atom
transporting a certain amount of volume through the crystal. Equation (3.2) can then be
applied in a somewhat simpler manner by using an average lattice parameter ā = (V UC)1/3

instead of a and c. The ā is the lattice parameter of a cubic unit cell with equal volume to
the actual unit cell, the volume of which will be tracked explicitly during the diffusional
process. See appendix C.2.

The Diffraction Intensity

However, the diffraction signals are not occurring at sharply defined energies but have a
finite width. This is called peak broadening and results from the finite size of the volume
where coherent scattering takes place and from the micro-straining of crystallites. For
the materials in this thesis the intensity of radiation emerging from layer i corresponding
to some Miller indices hkl can be modeled as a Gauss-shaped function Î ihkl(E) of width
σG = 0.01 keV and maximal intensity I ihkl around the energy Ei

hkl. Ei
hkl is given by

eq. (3.1) and eq. (3.2) at the composition of layer i.99

Î ihkl(E) = I ihkl exp

(
−(E − Ei

hkl)
2

2σ2
G

)
. (3.3)

I ihkl depends on the structure factor F i
hkl which in turn depends on the atomic-form factors

of the atoms present: fhklA with A standing for the type of the atom; e.g., Cu, In, Ga or
Se in CIGSe. The maximal intensity is furthermore proportional to the density inside the
layer, ρi, and to its thickness δi.

I ihkl = F i
hklγLρiδi (3.4)

γL =
1

sin(θ) sin(2θ)

(
1 + cos2(2θ)

)
. (3.5)

γL contains information about the polarization92 and depends on the angle θ, which is
the diffraction angle depicted in fig. 3.2.

The structure factor depends on the hkl indices and on the type and number of atoms
that are present in a unit cell. Be X an index counting the lattice sites in one unit cell
with nX the number of adjacent unit cells which share the same site. AX be the notation
for an atom of type A on lattice site X and Xi the coordinates of the lattice site X with
i ∈ {x, y, z} and x, y, z representing the 3 ordinary space coordinates:

∆hkl
X = Xxh+Xyk +Xzl (3.6)

fhklA =
4∑

m=1

aAm exp

(
−bAm

(
2π

dhkl

))
+ cA (3.7)

Rhkl =
∑
X

∑
AX

cos
(
2π∆hkl

X

)
fhklAX

ωAX
nX

(3.8)
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Chkl =
∑
X

∑
AX

sin
(
2π∆hkl

X

)
fhklAX

ωAX
nX

(3.9)

F i
hkl =

((
Rhkl
F

)2
+
(
Chkl
F

)2
)
. (3.10)

Note that actually all those quantities depend via dhkl on the composition ωi in layer i for
which they are calculated. A fact that was notationally ignored to keep readability. It is
only emphasized whether the quantity depends on the position of the lattice site, X, the
atom occupying the site, A or AX , or on the hkl indices. Since these relations are general
ground in X-ray diffraction they will be scrutinized only briefly.

The structure factor in eq. (3.10) is given by Rhkl and Chkl which encode information
about the geometry of the unit cell and about the types and thus electronic structures
of the atoms involved.∗ They are calculated by a sum over all lattice sites inside a unit
cell and over all possible types of atoms AX that can reside on that particular lattice site.
This is the incorporation of phase mixing. If a CISe and a CIS phase intermix with a
composition ω describing the Se content, then the sites of the Se/S sub-lattice can contain
two types of atoms: Se and S. In the notation of eq. (3.8): On all sites X of the Se/S
sub-lattice ωSeX = ω and ωSX = 1− ω. For all other atoms on their respective lattice sites:
ωAX = 1 since they are the same in the CISe and CIS structures.

The atomic form factor fhklA encodes the potential of a given atom to scatter photons
and the aAk , bAk and cA are constants for a given chemical element A and can be found in
good compendiums.118

To obtain the total diffraction spectrum emerging from layer i all contributions for
different hkl are added up:

Î i(E) :=
∑
hkl

Î ihkl(E). (3.11)

Î i(E) then is the radiation spectrum (as function of energy E) leaving layer i.

Absorption

The diffraction signal emerging from a layer i, i.e. Î i(E) from eq. (3.11), is not yet the
signal that reaches the detector. A diffracted signal emerging from a given layer i will be
subject to attenuation by all layers that lie above it. Because i = 0 indexes the uppermost
layer in the discretization used, see section 2.3.1, the signal emerging from layer i = l will
be attenuated by all layers with i ∈ [0, l − 1].

Be Î li+1 the radiation that originally emanated from layer l and that enters layer i from
below, from layer i+ 1. The attenuation is calculated according to Lambert’s law applied
to the layer i with radiation entering from layer i+1 and leaving to layer i−1. Lambert’s
law then assures that a differential change in intensity, dI, is proportional to the intensity
of the incoming radiation from layer i+ 1, Î li+1, to the attenuation coefficient in the layer
i that is to be traversed, αi, and to the differential path-length, ds. In one formula, the
law states:

dÎ li+1 = −Î li+1αids∫
(·)ds

===⇒Î li :=

∫ i

i+1

dÎ li+1 = Î li+1 exp
(
−αid̃i

)
. (3.12)

∗Note that the formula given here for the structure factor is missing a constant numerical factor.
However, because simulated intensities are normalized, this does not affect predictions.
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The second equation follows by integrating over the effective path-length, d̃i from the
entry point to the exit point of the radiation, indicated by the i + 1 and i as integration
boundaries. For the second relation it is also assumed that the attenuation coefficient is
constant throughout the layer, in line with the assumption that each layer is represented
by perfectly intermixed volume elements. Î li is then the intensity of the radiation entering
layer i− 1.

The total attenuation experienced by the radiation on it’s way to the film’s surface is
easily calculated and gives the spectrum emerging from the front layer called Î l0:

Î l0 := Î l exp

(
l∑

k=0

αkd̃k

)
. (3.13)

Î l0 is then also the resulting spectrum emerging from the surface of the thin-film and
arriving at the detector. The effective path-length can be calculated by

d̃i = δi (1/ sin(ωI) + 1/ sin(ωO)) . (3.14)

The attenuation coefficient for layer i, αi, depends on the atomic species present in
layer i, called A, specifically on their absorption cross-sections σA, and on their respective
densities, ρA, and can be calculated by

αi =
∑
A

σA(E)ρA. (3.15)

The values for ρA are the usual atomic densities given by the number of accessible lattice
site for element A in a unit cell divided by the unit cell volume, see section 2.3.3. If A
is one of the interdiffusing species whose composition is measured by ω then the actual
density is given from a usual phase averaging procedure. The absorption cross-section for
a specific species furthermore depends on the energy of the radiation that is traversing,
E. The energy dependent cross-sections were taken from McMaster et al..119

Then for each layer i with given compositions and emitting radiation Îi, the attenu-
ation coefficients eq. (3.15) are calculated for all layers up to the front of the film. The
attenuated signal emerging from the front is then Î i0, given by eq. (3.13). To obtain the
integrated spectrum, i.e. the superposition of all spectra emerging from all layers and
called Î, the spectra Î i0 have to be summed:

Î =
∑
i

Î i0. (3.16)

Detector Broadening and Normalization

Î is still not the spectrum measured by the detector. This is because the detector will
intrinsically broaden the signals impinging onto it. This is called detector broadening. Be
the intensity of photons arriving at the detector at a specific energy Ē be called Î(Ē).
Then this sharp signal is transformed by the detector into a Gauss-shaped curve called
ÎB(E)Ē centered around the original Ē.

ÎB(E)Ē = Î(Ē)
∆E

∆B(Ē)CB
exp

−(2
√

log(2)

∆B(Ē)
(Ē − E)

)2
 (3.17)
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∆B(Ē) = 0.19 +
Ē

400
(3.18)

CB = 0.5

√
π

log(2)
. (3.19)

Here ∆E = 0.02 keV is the energy resolution of the detector. This and other numerical
values in the above equations resulted from detector calibrations.

Finally, a broadened signal is calculated via eq. (3.17) for all energy values Ē (according
to the detector’s resolution) for the spectrum Î emerging from the front of the film. All
the broadened signals - calculated according to eq. (3.17) - are then superposed to give
the resulting simulated EDXRD signal at the detector, IS:

IS(E) = IN
∑
Ē

ÎB(E)Ē. (3.20)

Here IN is a normalization factor. The intensity of the impinging X-ray photon beam
necessarily influences the intensity of the diffracted beam, too, but was not taken into
account. Because the X-ray source provides white light, see section 3.2.1, the provided
intensity is approximately equal for all photon energies and so one factor IN can be used
for normalization. It is determined in section 3.2.4.

3.2.4 Comparing Measurements and Simulations

Measure of Dissimilarity

In order to assess the validity of the simulations, simulated EDXRD spectra, IS(t, E),
need to be compared to measured spectra, IM(t, E). Note that the measured intensities
not only depend on the photon energy probed but also on time since the compositions
and so the resulting spectra are generally varying.

The measurement times tM define the time grid on which the simulation has to be
determined in order to compute a measure of similarity, or dissimilarity. The simulation
times are denoted as tS and determined by the time step and the number of integrations
used to solve the differential diffusion equations. The simulated spectra IS(tS, E) on the
time points of the simulation tS can then be interpolated to give simulated intensities on
the measurement times: IS(tM , E). IS(tM , E) and IM(tM , E) can then be compared. The
normalization factor IN for the simulated spectra is determined the following way: At the
first time point at which a simulated and measured spectrum is available∗ the maximal
intensities are determined and denoted: IMmax and ISmax. The normalization is given by:

IN :=
IMmax
ISmax

. (3.21)

This factor obtained at the first coinciding time point - but always close to t = 0 min given
in figs. 3.3 and 3.4 - is then used for the normalization of all other simulation spectra, in
line with the constant intensity of the impinging X-ray beam during the experiment.

A measure of dissimilarity called δE is then defined by:

Φ(I) :=

∫
Ω(E)

∫
Ω(t)

|I(t̄, Ē)|dĒdt̄ (3.22)

∗Note that because the simulation time will be shifted and stretched in order to find fitting diffusion
coefficients, this time point might be changing accordingly for different parameters and simulations.
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δE :=
Φ(IM − IS)

Φ(IM)
. (3.23)

The function Φ computes an integral over some predefined set of energy values Ω(E) and
time points Ω(t) of the spectrum I. This is then used in eq. (3.23) to calculate the desired
measure δE. Note that if the simulation and measurement coincide perfectly so that for
all t, E : IM(t, E) = IS(t, E), then obviously Φ(IM − IS) ≡ 0 and so δE ≡ 0, there is no
dissimilarity in this case. On the other hand, if the simulated spectra is 0 everywhere,
then Φ(IM − IS) = Φ(IM) and δE ≡ 1, so the dissimilarity is 1 which can be interpreted
as 100% dissimilarity. In order to fit a model from which some resulting spectra IS is
calculated the minimum of eq. (3.23) is then searched for.

In the case of interdiffusion within CIGSe the measure of dissimilarity can be somewhat
changed. In fig. 3.3a) two distinguishable peaks with clearly defined maximal values can
be seen. Because those peaks are discernible during the whole process, not the whole
simulation- and measurement-spectra need to be compared but it is sufficient to compare
the energies at which the two reflexes have their maximal intensities. These are called
Ē
M/S
i (t) for peak i at time t for the measurement and simulation, respectively. These

functions can then be used in eqs. (3.22) and (3.23) instead of the full intensities IM/S:

Φ(I) :=
∑
i

∫
Ω(t)

|Ēi(t̄)|dt̄ (3.24)

δE :=
Φ(ĒM − ĒS)

Φ(ĒM)
. (3.25)

Parameter Space Probing

In the following chapters optimization problems are concerned frequently. This happens
simply because it is an interesting problem to find parameters for which some simulation
best fits a measurement, i.e. for which parameters a given measure of dissimilarity δE is
minimal.

In order to find an answer, the parameter space of a given model has to be probed.
To this end, different parameter sets are chosen, the given interdiffusion model is solved
numerically and the associated EDXRD spectra are calculated and compared to the mea-
surement. Be Ω̄(t) the total time interval for which simulation and measurement are de-
fined, then only a subset of that will be used for the parameter fitting process, Ω(t) ⊂ Ω̄(t).
After some parameters are found that best reproduce the measurements on the limited
Ω(t), the solutions are plotted on the full Ω̄(t) to see how good or bad they perform on
the whole range of times.

For parameter optimization a technique called SA is used; e.g., for finding optimal
diffusion coefficients for elemental compositions that best fit some measured spectrum.
This is a method that draws parameters from the parameter space stochastically in order
to efficiently probe a multi-dimensional space. The simulation pertaining to those pa-
rameters is then compared to a measurement according to eqs. (3.23) and (3.25). If the
result is better than the previous best one, then it is accepted as new solution and if it is
worse then there is a probability that it will anyway be accepted as new solution. In this
way the method can free itself from local minima in parameter space that are not global
minima.

For details on the implementation see Ledesma et al..93
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Fitting CIGSe Spectra to Gauss Curves

SA is used to obtain the energies EM
i at which maximal intensities of the CIGSe spectra

occur and which are used to calculate δE in eq. (3.25). This is done fitting the measured
spectrum for each time point against two Gaussian curves: each positioned around one
intensity maximum as seen in fig. 3.3c). The circles are the measurement values and
a maximum is not always clearly identifiable with the naked eye. So SA is used for the
purpose, scanning the parameter space of the Gauss curves: the mean energy, the maximal
intensity and the standard-deviation. The resulting mean energy for each peak is then
used as an estimate for the energy value at which the maximal intensity of each measured
reflex lies - the dotted vertical lines in fig. 3.3c). The solid curve is the superposition of
both Gauss curves. The resulting diffraction energies EM

i at which intensity maxima occur
are then compared to simulated ES

i , which are obtained by simply taking the maximum
of each simulated peak.



Chapter 4

Stress-Free Interdiffusion

In order to gain intuition about the development and change of compositional gradients
inside chalcogenide thin-film materials, a simple interdiffusion model is developed in the

subsequent chapter. Interdiffusion in a binary, crystalline system is modeled in which
only the entropy- and enthalpy of mixing are considered as diffusional driving forces.

Vacancy-related effects are neglected. The equations to describe such a system are
derived, numerically solved and compared to measurements. Although the such developed
model is highly simplified, the theoretical steps in finding the equations are scrutinized in

some detail. Along the way the necessary framework for incorporating further effects
into the diffusion model, as in the following chapters, is developed. It is shown that such
an oversimplified model is inadequate in qualitatively as well as quantitatively describing

the measurements made within the scope of this thesis. Section 4.1 develops the
necessary theoretical background and introduces the stress-free interdiffusion model. In

sections 4.2 and 4.3 the model is applied to the experimental data for CIGSe and CISSe
and section 4.4 discusses the results.
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4.1 Theory Bites

The aim of this thesis is to study, understand and possibly predict the change of compo-
sitional gradients inside thin-films over time. Given initial distributions of all elements
throughout the system at time t = 0 denoted by the initial composition ω0

i ≡ ωi(t = 0, z)
for element i the question can be framed: How do the contents ω0

i change over time?
That is, the task is to find equations that determine the functions ωi(t, z) from the initial
compositions for any time t > 0 min.

4.1.1 Setting and Geometry

The atoms of the different interdiffusing species are occupying positions on a specific
sub-lattice inside the crystal on which they can be substituted one for the other. The
diffusion process is then assumed to take place exclusively on this sub-lattice, leaving the
overall crystal structure unchanged, except for possible elastic deformations. In the case
of interdiffusion in CIGSe In and Ga move on their shared sub-lattice while the Cu and Se
sub-lattices remain unchanged on average. During interdiffusion in CISSe the Cu and In
sub-lattice is supposedly unaltered. The mechanism by which diffusion primarily occurs
inside the materials studied here is the vacancy mechanism.120,121

As a first approximation, however, it is assumed that vacancies are present in much
lesser number then atoms of other species and that their presence does not influence
interdiffusion directly∗. Vacancies are then neglected for now. For the number of vacancies
this translates to: NV � N ≈ NA +NB = const., the total number of lattice sites is thus
not changing† and all lattice sites are either occupied by an A or B atom. From eq. (2.6)
it follows that λV ≈ 0. This implies that the molar fractions and contents, defined in
section 2.3.2, are equal. Let ω measure the content of species A, then λA = ω and
λB = 1 − ω. Furthermore, from the constance of the total number of lattice sites, it
follows by differentiation of N = NA +NB, that

dNA = −dNB. (4.1)

That is, each change in the number of A atoms results in an inverse change of the number
of B atoms, and vice versa. This is equivalent to saying that the two species diffuse
with equal diffusivities and is a direct consequent of vacancies’ supposed negligibility.
Put differently, if two species are diffusing with differing “speeds”, i.e. diffusivities, on a
crystalline lattice, then vacancies have to be considered necessarily in the description.

As described in section 2.2.1, the intermixing phases come with different associated
lattice site volumes and thus an intermixing necessarily leads to deformations of the lattice.
In this chapter, it is assumed that those deformations can occur freely in all directions
and so no internal stresses develop during interdiffusion. Anyway, the deformation will
still have an effect on the 112 lattice spacings calculated according to eq. (3.2) which are
used to generate the simulated EDXRD signal which is compared to measurements. See
appendix C.2 for a short review of the relevant thermodynamics of volume change that
allow to calculate the atomic volumes associated with the interdiffusing phases.

Here, for your convenience, the most important results are stated. In a binary interdif-
fusing system in which vacancies are not considered explicitly, the composition dependent

∗They are always in equilibrium everywhere.
†The only way by which it could change is the creation of a vacant lattice site in the first place, a

process considered in chapter 6.
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volume of one lattice site of the compound is given by

Ω = (ΩA − ΩB)ω + ΩB. (4.2)

Here, Ωi is the partial atomic volume of species i. It depends on the unit cell volume V UC
i

of pure species i by: Ωi = V UC
i /n with n being the number of lattice sites per unit cell of

the sub-lattice that is occupied by the interdiffusing atoms. As such the partial atomic
volume does not measure so much the size of an individual interdiffusing atom but it
measures the average volume inside a unit cell that can be associated with an interdiffusing
atom. The actual unit cell volume at composition ω is given by V UC = nΩ(ω).

4.1.2 Diffusion Equation and Kinetics

As a starting point, note that the number of atoms of a given species is a conserved
quantity. Let Ni be the number of atoms of species i inside some arbitrary volume V .
Then the number of atoms inside V can only change if there is in- or out flux of atoms
through the surface. Be ρi the atom density and vi the average velocity of the atoms,
then the flux can be defined as86,122,123

Ji := ρivi. (4.3)

The flux of species i is defined as the “amount” of species i, in this case the number of
atoms, passing in unit-time through a unit-area whose normal lies parallel to the velocity
vi.

85

Conservation of species i inside the volume then means that summing all atomic fluxes
across the volume’s boundaries gives the change in the number of atoms inside the volume
during some infinitesimal time, or put differently∮

∂V

dA · Ji = − d

dt

∫
V

dV ρi. (4.4)

The left hand side is a closed surface integral over the boundary of the volume, ∂V , dA
being the differential surface element∗. Using Gauss’ divergence theorem, the left hand
side can be transformed into a volume integral. Furthermore, because the volume is fixed
the time derivative can be dragged under the integral on the right hand side. All in all,
this translates the conservation equation into a local statement of conservation, called the
continuity or, in this context, the diffusion equation,

eq. (4.4)
====⇒

∫
V

dV∇ · Ji = −
∫
V

dV
∂ρi
∂t

⇒ ∂ρi
∂t

= −∇ · Ji. (4.5)

The symbol ∇· denotes the derivative with respect to the z or out-of-plane coordinate
- since this is the only direction in which gradients are assumed to occur. This relation
then states that knowing the fluxes at a point in space allows for calculation of the rate
of change of the atomic density at that point. Given an initial distribution and boundary
conditions this allows for the solution of the diffusion problem.

∗The fluxes and also the surface elements are generally vector quantities. However, the problems
analyzed here are all one-dimensional diffusion problems and so the vector-character of those quantities
will be ignored.
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Note, however, that the flux defined by eq. (4.3) depends, via the average velocity of the
atoms, on the frame of reference chosen.122 This frame of reference is implicitly chosen
as the fixed laboratory frame and so the flux Ji is the flux measured from within the
laboratory, also called the observed flux. A more natural frame of reference for diffusion
inside a crystalline system is the frame that moves with the local lattice, also called
the material- or Lagrangian frame. This is more natural because in detailed theories of
diffusion, which in principle provide equations for the average velocities of the atoms, the
atoms’ movements / jumps are described with respect to the local lattice.85

To describe the diffusion process in the material frame, a simple Galilean transforma-
tion of reference frame can be performed, changing into a system moving with the velocity
of the local lattice, vL, also called the material velocity. In this frame the average atom
velocity is v′i = vi − vL and the corresponding diffusive flux ji is measured from within
this frame and consequently calculated via∗

ji := ρiv
′
i = ρi(vi − vL) = Ji − ρivL. (4.6)

The such defined diffusive fluxes are invariant under Galilean transformation†. Inserting
the diffusive flux into the diffusion eq. (4.5), it is found that

∂ρi
∂t

= −∇ · ji −∇(ρiv
L)

⇒ Dρi
Dt

:=
∂ρi
∂t

+ vL∇ρi = −∇ · ji − ρi∇ · vL (4.7)

⇒ Dρi
Dt

=: ρ̇i = −∇ · ji − ρi
V̇

V
. (4.8)

The derivative written with a capital D defined in the second line is called the material or
substantial derivative and describes the change of a quantity measured from the reference
system moving with the material velocity.124,72 In the last step the notation of a material
time derivative of a quantity using a dot is introduced and the basic relation between
the divergence of the material velocity field and the relative volumetric change is used,
∇ · vL = V̇ /V ‡. The last line shows that a change in density can occur due to diffusional
transport and due to volumetric changes. In order to get quantities that only react to
changes happening due to diffusion, the compositional variables λ or ω have to be used.

The definitions of ρi and ρ, eqs. (2.9) and (2.10), ensure that ρi = ωiρ = ωi/Ω.
Calculating the substantial derivative of this and inserting the result into eq. (4.8), gives

ω̇i = −Ω∇ · ji + ωi
Ω̇

Ω
− ωi

V̇

V

V=ΩN
====⇒ ω̇i = −Ω∇ · ji − ωi

Ṅ

N
. (4.9)

The last equation assures that the content of species i is only susceptible to diffusive
fluxes and to changes in the total number of lattice sites. This will become important
when vacancy production is considered as a separate process. For now, it is assumed

∗Other frames are possible. See discussion in appendix C.4.2.
†A Galilean change of reference frame is the transformation of velocities v → v′ = v + a, the primed

variable being measured in the new frame of reference and a denoting the relative velocity of the different
frames of reference. This leads to (v′ − vF ′) = (v − vF ) and thus jf ′i = jfi .

‡To see this: Sum eq. (4.7) over the diffusing species using
∑
i ji = 0 and ρ =

∑
i ρi = 1/V .
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that the crystal structure remains, except for elastic deformations, unchanged and that
in particular Ṅ = 0.

Furthermore, the lattice only changes due to the deformations occurring due to vol-
ume transport by diffusion. These changes, however, are small, within the small-strain
approximation, and so the lattice velocity will be neglected in comparison to the average
velocities of the diffusing atoms: vL ≈ 0. After all, the velocity of the atoms is such that
they can traverse the whole thin-film during the process time while the lattice certainly
does not change that drastically. Using ω = ωA and j = jA, the diffusion equation used
for simulations in this chapter can finally be written as

∂ω

∂t
= −Ω∇ · j. (4.10)

Note that this holds true although Ω = Ω(ω(z, t)).
The calculation of the diffusive fluxes and of the lattice site volume are covered in the

following parts.

4.1.3 Fluxes And Diffusivities

A constitutive relation is needed to calculate the diffusive fluxes appearing in the diffusion
eq. (4.9). When examined on a microscopic scale, the diffusion of atoms on a crystalline
lattice can be described as a stochastic process in which atoms can be modeled as following
a random walk.85 The atoms are able to move through the crystal by means of jumps
between adjacent lattice sites.

Each jump, its direction and its distance is, to a first approximation, statistically
independent∗. Furthermore, more such jumps occur naturally from layers which contain
more atoms, which is why it is found phenomenologically that a diffusive flux points
in the direction opposite to the composition gradient. This finding is also called the
phenomenological- or Fick’s law of diffusion and is usually expressed as

j = −D∇ρ. (4.11)

Here, D is the diffusion coefficient. Because in this work gradients are supposed to ex-
ist only in out-of-plane direction, the diffusion coefficient can be regarded as a scalar
quantity†.

The specific interpretation of the diffusion coefficient heavily depends on the consid-
ered situation and a relation for it only follows from a detailed understanding of the
microscopical, statistical and quantum mechanical properties of the underlying diffusion
mechanism.85 If eq. (4.11) describes diffusion of a tracer isotope on a pure and homoge-
neous substitutional lattice, filled only with a single species, with only the concentration
gradient as a driving force, then the diffusion coefficient appearing in eq. (4.11) is called
the tracer diffusion coefficient, denoted D?. This is the most fundamental of the different
diffusion coefficients and will depend on the type of atom that is diffusing.

For the thin-films studied here all layers are supposed to be homogeneously inter-
mixed, especially with vacancies being isotropically distributed and so the tracer diffusion
coefficient for a species i in a vacancy-mediated diffusion process can be written as:111,86

D?i = D?,0i exp

(
−∆gMi
kBT

)
. (4.12)

∗This condition has to be relaxed when explicitly considering vacancy-mediated diffusion. The vacan-
cies introduce a correlation between consecutive jumps.

†In general eq. (4.11) can be read as a vector equation, D then being a tensor of rank 2.
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Here, T is the process temperature, kB is Boltzmann’s constant and D?,0i is the tracer
diffusion coefficient of species i for some reference temperature, stress and composition
for which ∆gMi /(kBT ) → 0 and is also called the frequency factor. It depends on the
geometric specifics of the crystal structure and is proportional to the vacancy fraction
since vacancies mediate the diffusion.85,111

The Gibbs free energy of migration or activation energy gMi for species i measures the
free energy difference experienced by the system if an atom is changing position from a
lattice site to a saddle-point configuration∗. ∆gMi then measures the difference between
the actual free energy of migration and the reference case for which the tracer diffusion
coefficient is given by D?,0i .

It is on this level of analysis that the effects directly affecting the atomic jump pro-
cesses between two lattice sites might be incorporated into the analysis. The jump rate
between adjacent lattice sites is generally influenced by all thermodynamic parameters:
the temperature, composition and internal stresses. In this work these influences on the
tracer diffusion coefficient are assumed to be marginal in comparison to the influence of
diffusional driving forces on the overall diffusion process. The tracer diffusion coefficients
will then be assumed to be constant during the diffusion processes.

Note that the dependences of the tracer diffusion coefficient on thermodynamic pa-
rameters must not be confused with diffusional driving forces which are also influenced by
thermodynamic parameters (and are even resulting from gradients of those). The differ-
ence being that the diffusion coefficient describes the rate for local jumps of atoms from
one lattice site to some other (assuming local isotropy). This can be thought of as a local
description of the diffusion process. It thus holds no information about any preferred
direction of diffusion or about overall changes in the material’s composition due to the
diffusion process. This information is incorporated not into the tracer diffusion coefficient
but into the specific form of Fick’s (first) law of diffusion, eq. (4.11). For tracer diffu-
sion: D = D? and only the compositional gradient dictates the overall diffusion behavior.
In this case the only driving force acting on the diffusing atoms is the entropic driving
force.85

The diffusion model, as outlined in sections 3.2.4 and 4.1.6, is fitted to the measurement
data to predict tracer diffusion coefficients and so the details of eq. (4.12) need not be of
too much concern for the present analysis. And, as outlined in section 4.1.1, the tracer
diffusion coefficients for the interdiffusing species are equal if vacancies are omitted from
the model, i.e. D? := D?A = D?B. The case for non-reciprocal diffusion, thus involving
vacancies, is analyzed explicitly in chapter 6.

In “real life” diffusion situations, the interdiffusing species are generally not chemically
equivalent and further driving forces than only entropic ones act on them. This means
that D appearing in eq. (4.11) is generally not equal to the tracer-diffusion coefficient
D?. Depending on whether the diffusion is described relative to an observer moving
within the material frame or relative to some laboratory frame, D is called the intrinsic
diffusion coefficient, DI , or the interdiffusion coefficient, D̃, respectively.122 Here the
diffusion process is, as argued in section 4.1.2, described from the material reference frame
and so D ≡ DI in the following. The intrinsic diffusion coefficient then encompasses
information about the driving forces acting on the diffusing atoms. For details on the
intrinsic- and inter-diffusion coefficients see appendix C.4.

Measurement values for tracer diffusion coefficients of Ga and In in CIGSe,62,51,59,60,120

∗A saddle point configuration means the atoms is located at the maximum of the potential barrier
separating one lattice site from the other
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CISe61 and CGSe62,51,63 vary over some orders of magnitude. For In diffusion in Cu-poor
CIGSe at T = 600◦C measured values range from 2.5 ·10−12 cm2/s62 to 1.2 ·10−11 cm2/s51∗

For Ga diffusion in Cu-poor CIGSe at T = 600◦C measured values range from 3 · 10−13

cm2/s59 to 4 · 10−11 cm2/s.63

Diffusion coefficients for S diffusion in Cu-rich CISe at T = 500◦C range from 7 · 10−14

cm2/s101† to 6·10−12 cm2/s.126 Only a very limited number of measurements for Se diffusion
coefficients exist in CISe60,127 which were performed at temperatures of T = 300◦C and
T = 700◦C but nevertheless gave very similar results between 2 · 10−13 cm2/s127 and
7 · 10−12 cm2/s.60 No measurements of Se diffusion in CIS are known to the author.

4.1.4 Phenomenological Coefficients and Onsager

Although eq. (4.11) principally allows calculation of diffusive fluxes, it does not tell how to
connect the diffusion coefficient to the specifics of the process, i.e. to the diffusional driving
forces. This can be done by connecting the fluxes to the driving forces of diffusion.82,128,85

Specifically, Onsager showed that in a system comprised of n interdiffusing species the
intrinsic fluxes, that is fluxes relative to the local atom lattice, are proportional to the
spatial gradients of the arising chemical potentials‡. According to Onsager129 this, in yet
another representation of the diffusive fluxes, can be written as,

ji :=
n∑
j

Lij∇zµj. (4.13)

Here, µi denotes the chemical potential of species i and the matrix L ≡ Lij is called
the Onsager matrix and its elements are the so called phenomenological coefficients, or
L-values. Both generally depend on all thermodynamic parameters, especially on the
local composition, but the L-values are, in any case, independent of the gradients of the
chemical potentials. Furthermore, the L-values are not independent of each other since
the fluxes are not independent and because Onsager’s principle130 states that local time
reversibility demands the L-matrix to be symmetric: Lij = Lji. In a binary interdiffusing
system - without vacancies - on a crystalline lattice, it is necessarily true that jA+jB ≡ 0.
And so, supposing that all chemical potential gradients are independent, it follows that

L := LAA = LBB = −LAB = −LBA. (4.14)

This reduces the number of independent phenomenological coefficients from 4 to 1.
Then, inserting eq. (4.14) into eq. (4.13) gives

j ≡ jA = −L∇z(µA − µB) =: −L∇zM = −jB. (4.15)

With M ≡ µA − µB the diffusion potential was defined. As can be expected from a
binary diffusion system subject to a network constraint, only one flux is independent.79

∗This follows by taking the diffusion coefficient measured by Marudachalam et al.51 at T = 650◦C and
using the activation energy provided by Djessas et al.63 to approximate D? at T = 600◦C, the process
temperature used in this thesis during CIGSe formation.

†The value follows by taking the diffusion coefficient measured by Başol et al.101 at T = 575◦C and
using the activation energy provided by Engelmann et al.125 to approximate D? at T = 500◦C, the process
temperature used in this thesis during CISSe formation.

‡Generally, the diffusive fluxes are proportional to the diffusional driving forces, which for isothermal
systems translates to the relations quoted here.85,86
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The chemical potentials are described in the next section on thermodynamics. The phe-
nomenological coefficient can be derived writing out the dependence of the diffusion po-
tential on composition and thus density, M = M(ω ≡ ρA/ρ), in eq. (4.15) and comparing
the result to Fick’s phenomenological law, eq. (4.11). A more complete description is
found in Schäfer et al.,47 appendix D there. The result for a binary diffusion couple
without vacancy-related correlations reads

L =
ρ′

kT
ω(1− ω)D?. (4.16)

With equations for j and L given, the diffusion potential M remains to be determined,
as is done in the next section.

4.1.5 Thermodynamics of Diffusion

Diffusion is a spontaneous process involving large quantities of particles that are not in
chemical equilibrium. That is, the system is, because of its initial composition, in an un-
stable thermodynamic state in which the internal energy of the system as a whole can be
reduced and the system’s entropy simultaneously increased by processes of atomic move-
ment.86 In such a situation particle fluxes will emerge that adjust the particle distributions
until the system reaches chemical equilibrium and the fluxes cease. In the present sec-
tion the thermodynamic forces acting on the diffusion couple and the resulting chemical
potentials are calculated. This, in consequence, allows for the calculation of the intrinsic
diffusion coefficient and thus of the diffusive fluxes. The following is mainly according to
Voorhees et al..79

Gibbs Free Energy and Diffusion Potential

The diffusion experiments carried out for this work were conducted under isothermal
conditions and thus the Gibbs-free energy, G, is the natural thermodynamical potential
describing the ensuing processes.

To determine G, the independent intensive and extensive system’s parameters on
which G depends have to be identified first. The number of atoms of both species,
NA, NB, are extensive parameters and the temperature and the stress tensor, σij, are
intensive parameters. Stresses are omitted from the description for now, σij = 0, and
the temperature is held constant and not written explicitly. The Gibbs function and it’s
differential can thus be written as,

G = G(NA, NB) (4.17)

dG =

A,B∑
i

µidNi. (4.18)

Here, µi denote the chemical potentials of the different species. Note that the intensive
variables µi are defined via differentiation of the Gibbs-free energy function with respect
to the respective conjugate variable while holding all other variables constant,

µi :=
∂G

∂Ni

∣∣∣
Nj 6=i

. (4.19)

The variables written as subscript to the right of the partial differentiation highlight which
variables to hold constant during the calculation.
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Since in the definition of µi the number of atoms of species i is changed while all other
numbers of species are held constant, then this implies, because of the network constraints,
that a new lattice site has to be created in the crystal. The chemical potential µi as defined
in eq. (4.19) thus describes the change in energy of the system for the process of adding
an atom of the respective species to a newly created lattice site.79 However, because the
number of lattice sites is in fact assumed to stay constant, the network constraint has to
be used to appropriately define the chemical potential describing the diffusion process:
the diffusion potential M .

Using Euler’s theorem for total differentials, eq. (4.18) can be integrated directly
because G is a homogeneous function of degree 1 in the particle numbers, yielding

G =

A,B∑
i

µiNi (4.20)

1/V ′

==⇒ g′ ≡ G

V ′
=

A,B∑
i

µiρ
′
i. (4.21)

In the second equation we defined the Gibbs-free energy density g′ relative to the reference
state by dividing eq. (4.19) by the reference volume of the system, see section 2.3.3 for
reference.

Differentiating eq. (4.19) and comparing with the differential (4.18) gives the Gibbs-
Duhem equation relating the differentials of the intensive variables, which are not inde-
pendent,

0 =

A,B∑
i

Nidµi (4.22)

1/V ′

==⇒ 0 =

A,B∑
i

ρ′idµi. (4.23)

Differentiating the definition for g′, eq. (4.21), on both sides and simplifying using the
Gibbs-Duhem eq. (4.23) and remembering that ρ′ = const. yields for the differential of g′

finally

dg′ =

A,B∑
i

µidρ
′
i =

A,B∑
i

µiρ
′dωi. (4.24)

The dependence on ωB can be eliminated using the network constraint, eq. (2.13), yielding

dg′ =

=:M︷ ︸︸ ︷
(µA − µB) dρ′A = Mdρ′A = Mρ′dω. (4.25)

As eq. (4.25) shows (remember that ω ≡ ωA to simplify notation), the only natural
variable of the Gibbs free energy density in this case is ω, i.e. g′ = g′(ω). M is the same
diffusion potential as defined in eq. (4.15) and can be calculated by:

M :=
∂g′

∂ρ′A
=

1

ρ′
∂g′

∂ω
= µA − µB. (4.26)
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Note that the diffusion potential describes a process in which an A atom is added,
requiring an energy µA, while a B atom is removed, releasing the energy µB and keeping
the total number of lattice sites constant - as expected.

The chemical potentials of the single species µi are not independent quantities any-
more. However, they can be calculated solving the equations for g′, eq. (4.21), and M ,
eq. (4.26), for µA and µB. The result is

µA =
1

ρ′
g′ + (1− ω)M (4.27)

µB =
1

ρ′
g′ − ωM. (4.28)

The chemical potentials and diffusion potentials define the effective thermodynamical
forces which act upon the interdiffusing particles and are driving the diffusion process.

Gibbs Function

Equation (4.26) shows that if the Gibbs free energy density is known, then the diffu-
sion potential can be calculated. From the diffusion potential, in turn, follows the flux,
according to eq. (4.15), and thus the diffusion problem can be solved.

The Gibbs free energy, G, can generally be calculated as follows111

G = H − TS (4.29)

⇐⇒ ∆G = ∆H − T∆S. (4.30)

In the following, the function G is defined to measure the change in energy between a
totally unmixed and mixed state, that is G ≡ ∆G ≡ Gmix−Gunmix, and the symbol ∆ is
omitted from the notation. H is the enthalpy of the system and S the entropy.

Dividing by the reference volume V ′ in eq. (4.29) gives the Gibbs free energy density
with respect to the reference state,

g′ = h′ − Ts′. (4.31)

Here, h′ and s′ are the enthalpy- and entropy density in the reference state, respectively.

Binding-Energy Density

During the mixing process the enthalpy measures the change in binding energy, elastic
energy and the change in energy due to work that has to be done against the surrounding
pressure due to deformations.111 The enthalpy density can then be written as∗

h′ = e′ + pext
∆V

V ′
. (4.32)

Because internal stresses are generally larger than the atmospheric pressure pext, the work
performed on the surrounding is ignored. The change in energy density can be further
decomposed into the contributions from the elastic energy, e′elast, and from the binding
energy density, e′bind,

h′ = e′ = e′elast + e′bind. (4.33)

∗Remembering that pressure has the same units as an energy density.
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In this chapter the influence of elastic stress is neglected and so: e′elast ≡ 0.
Xue et al.131 proposed that the change in binding energy density in CIGSe between the

completely intermixed and the totally unmixed state, for the case of vanishing vacancy
content, can be expressed by:

e′bind := ρ′ω(1− ω)ξ(ω) (4.34)

ξ(ω) := ξh(αω
2 + βω + γ). (4.35)

Here, α, β and γ are constants which are given intable A.3 and ξh is a parameter that in
the paper of Xue et al. is given as ξh ≡ 1. However, since the binding energy is a quantity
that is connected to rather huge uncertainties for a given material and specific material
properties (e.g. being copper poor or rich) ξh is used in chapters 5 and 6 as a fitting
parameter. Furthermore, because for CISSe there are no mixing enthalpy fits reported
the author is aware of, a standard symmetric form for a binary intermixing alloy is used.
This is equivalent to eqs. (4.34) and (4.35) but with α ≡ β ≡ 0.

Entropy

The change in entropy density s′ is also calculated between a totally mixed and unmixed
state. By definition, s′ is given in the unmixed state as111

s′ =
S

V ′
= ρ′

S

N
= −ρ′kB

(
A,B∑
i

ωi ln (ωi)

)
. (4.36)

Using the network constraint eq. (2.8), the entropy density can be transformed to,

s′ = −ρ′kB(ω ln(ω) + (1− ω) ln(1− ω)). (4.37)

Energies per Atom

In the following Gibbs free energy, enthalpy and entropy values are shown per atom of
interdiffusing species. These quantities are obtained by multiplying the respective energy
densities with the inverse of the reference density. For example, the Gibbs free energy
density per atom g is given by:

g :=
G

N
=
V ′

N

G

V ′
=
g′

ρ′
. (4.38)

Equivalent relations hold for the enthalpy per atom h, the entropy per atom s and, in the
next chapters, for the elastic strain energy per atom g,σ.

4.1.6 Numerical Methods

Solving the Diffusion Equation

In the following chapters, systems of partial differential equations are developed that de-
scribe the evolution of the compositions of the diffusing species over time. These diffusion
equations all have the form:

∂ω

∂t
= −Ω(ω)∇j + α. (4.39)
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Here, α is some source term that will correspond to the rate of vacancy creation in
chapter 6. Solving this equation for some known j and α gives the change in density over
time and space, ω(t, z). From this, all other material parameters and, as explained in
section 3.2.3, the expected diffraction spectra can be calculated.

To numerically solve this equation, the discretization scheme of the thin-film intro-
duced in section 2.3.1 is used, splitting the system into nL layers. Inside layer i with
thickness δi, the continuous function ω(t, z) is then replaced by the discretized version ωji ,
denoting the average value of ω during the j-th time interval inside the i-th layer. The
time intervals are of equal length δt and the initial distribution ω0

i has to be given. A
similar discretization is then done for the flux, resulting in jji , which is the flux on the
boundary between the i-th and (i − 1)-th layer. jj0 is thus the flux on the top of the
thin-film and jjnL+1 the flux between the deepest layer in the thin-film and the substrate.

Spatial derivatives that occur in the partial differential equations are then replaced by
central differences and time derivatives by forward differences. Performing the discretiza-
tion on eq. (4.39) then leads to

ωj+1
i = ωji − δt

(
Ωj
i

1

δi

(
jji+1 − j

j
i

)
+ αi

)
. (4.40)

Furthermore, boundary conditions have to be specified and translated to numerical
statements. In the case of diffusion inside CIGSe, there is no in-flux because the seleniza-
tion is, at the onset of the diffusion process, assumed to have stopped. The boundary
conditions are then jj0 = jjnL+1 ≡ 0.

For CISSe, on the other hand, the diffusion process is analyzed during the selenization
with Se entering and S leaving the thin-film through the front of the film. As such, only
jjn+1 ≡ 0. The boundary conditions at the front can in this case be defined supposing that
the front quickly assumes the equilibrium Se composition between gaseous and crystallite
phase. The front-composition is then staying constant over time since the Se supply from
the gaseous phase always far exceeds the Se flux into deeper layers of the thin-film∗.
The influx must then be such, that the equilibrium density at the front does not change
because of diffusional transport and hence: jj0 ≡ jj1

†.

Fitting Diffusion Coefficients

The diffusion eq. (4.9) and j = −D?∇ρ, eq. (4.11), are linear in the tracer diffusion
coefficient D?. D? itself is modeled as constant during the interdiffusion and so a change
in diffusion coefficient is equivalent to a change in time-scale - multiplying both sides of
the diffusion equation by some constant.

Changing D? to D̃? = D?f then is equivalent to changing the time-variable to t̃ = t/f .
That is, the solution to the diffusion equation over time t with diffusion coefficient D? is
equivalent to the solution with D̃? over time t̃. One simulation run for some arbitrary
diffusion coefficient is thus sufficient to search the whole parameter space of diffusion
coefficients for one producing simulated EDXRD spectra fitting the measurement best.
This is done with all other parameters under which the interdiffusion simulation was
performed remaining unchanged during the fitting.

Furthermore, it is not clear if the first spectra from the measurement used for com-
parison really is equivalent to the step-function like form used in the simulation or if it

∗See appendix C.1 on this.
†Note that the density at the front may still change according to contributions by α.
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more resembles some later, more interdiffused, state. To account for this uncertainty, also
a time shift s is introduced as a parameter for the fitting process of D?. The simulation
time is then transformed by: t̃S = ftS + s.

SA is used to scan the parameter space for (f ,s). For a given parameter set the
transformed time is calculated, the simulated EDXRD spectra are interpolated on the
measurement times and the normalization IN is determined. The resulting simulated
spectra are compared to the measurement via eq. (3.23) or eq. (3.25), as described in
section 3.2.4. The time interval used for this fitting process is not the total interval on
which simulation and measurement coincide, Ω(t) but only a part of it, Ω̄(t) ⊂ Ω(t). The
used time interval will be pointed out. This is done in order to not over fit the model and
to have some measurement region left on which the fitted simulation can be compared
without having been explicitly fitted to it previously.

4.2 Stress-Free Diffusion Model in CIGSe

This section brings together the equations comprising the stress-free diffusion model in
CIGSe and the results obtained from numerically solving those equations.

4.2.1 Summing Up

Species A is taken as Ga and species B as In. The GGI is then measured by ω ≡ ωGa,
while ωIn ≡ 1 − ω measures the Indium content. The lattice site volume is given by
eq. (4.2).

The entropy for a two component system, eq. (4.37) and the enthalpy function found
by Xue, eq. (4.34) together with the binding energy eq. (4.35) are used to define the
Gibbs free energy density, according to eq. (4.31). With g′ given, the diffusion potential
M follows from eq. (4.26) and from eqs. (4.27) and (4.28) follow the chemical potentials
for Ga and In.

The flux is then defined by eq. (4.15) and eq. (4.16) and the diffusion equation can be
stated according to eq. (4.10).

The values used for the system’s parameters are given in appendix A. The only pa-
rameter that is thus free to fit is the average tracer diffusion coefficient of indium and
gallium, D?.

The initial state of the system is chosen as two pure phases in contact. Because, as
detailed in section 3.1.1, the sample has a total GGI of 0.27, the initially pure CGSe phase
must have a thickness of dCGSe = 0.27dF and the thickness of the initial CISe phase is
dCISe = (1 − 0.27)dF , with dF the total film thickness. The initial composition then is
(with z = 0 at the front and z = dF at the back contact, see fig. 2.2): ω0(z) = 1 for
z ∈ [dF , (1− 0.27)dF ) and ω0(z) = 0 for z ∈ [(1− 0.27)dF , 0].

4.2.2 Measurement and Simulation Results

In order to find the best possible combinations of simulation parameters for the stress-
free diffusion model developed in this chapter, the simulation outcome is compared to
measurements.

Figure 4.1a) shows the EDXRD measurement recorded after the selenization which
was performed according to chapter 3. A CIGSe sample with a total gallium content of
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λ = 0.27 was formed during the process. At t = 0 the selenization of the thin-film is
completed and interdiffusion of Ga and In starts.

Figure 4.1: a) Color coded photon intensities over time
showing the EDXRD spectra recorded during fabrication of
CIGSe, b) Simulated EDXRD spectra with D? = 1.3 · 10−13

cm2/s, c) Comparisson of simulated and measured spectra
at given times.

Figure 4.2: The Ga-distribution ω(z), a), the diffusion
potential for gallium M , b), and the Ga-flux j in c), are
shown for different diffusion times. See text for details.

In fig. 4.1a) photon intensities measured by the Ge-detector are color-coded and de-
picted over time - x axis - and photon-energy - y axis. Two reflexes can be clearly
distinguished. The reflex associated with the 112 lattice plane of the CGSe structure
appears at t = 0 at around 36 keV. The reflex associated with the 112 lattice plane
of the CISe structure appears at around 34.8 keV. The appearance, and persistence, of
these reflexes indicates that the phase changes leading from the Cu-In-Ga precursor to the
CIGSe structure have ceased and two nearly homogeneous phases have developed within
the material. That the phases are pure can be seen because they appear at the positions
of the expected pure peaks - indicated by white horizontal dashed lines. Because of line-
broadening the reflexes are not exact peaks but broad signals which are superpositions of
the reflexes from different layers, see section 3.2. Because the total amount of Ga is lower
then that of In, the total intensities of the reflexes associated to the Ga-rich phase is lower
than the In reflex. The CGSe reflex lies at higher diffracted photon energies because its
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unit cell is smaller than the CISe unit cell and thus, according to Bragg’s law as stated
in eq. (3.1), higher energy photons are diffracted off from this phase.

Both measured reflexes can be seen to approach each other over time until after around
t = 3 min. the convergence comes to a halt and the reflexes stay constantly separated.
This seems to contradict the notion that the process proceeds according to Fickian in-
terdiffusion. In Fickian interdiffusion a constant diffusion coefficient would be expected
to govern the diffusion which necessarily leads to a homogeneous distribution of material
inside the thin-film. But a homogeneous distribution would imply equal unit cell volumes
throughout the film and thus the emergence of only one 112 reflex centered around the
diffraction energy associated with this unit cell volume - a behavior which is observed in
fig. 4.1b) which shows the resulting spectra of a simulation run with the Fickian inter-
diffusion model developed in this chapter and subsequent fitting of the tracer diffusion
coefficient D?, as described in section 4.1.6.

The behavior of different physical quantities during a Fickian diffusion simulation can
be seen in fig. 4.2. Figure 4.2a) shows the gallium distributions throughout the thin-film
for different simulation times. At ∆t = 0 the distribution has step-function form with all
the gallium being concentrated in a homogeneous CGSe phase at the back of the film with
a thickness of 0.27dF . Consequently, because the indium content is given by ωI = 1− ω,
the phase at the front of the film forms a layer of thickness (1−0.27)dF and is a pure CISe
phase. The gallium distribution can then be seen to flatten out with time. It approaches
a homogeneous steady state with constant composition ω(z) = 0.27 everywhere, since
this is the total Ga content. Figure 4.2b) and c) show the diffusion potential M , and the
gallium flux, j, at the same simulation times, respectively. The diffusion potential can be
interpreted as the energy that is released if a Ga atom is interchanged with an In atom.
The diffusion potential is positive in the Ga-rich and negative in the In-rich part. This is
because introducing a Ga atom into the Ga-rich part enlarges the compositional gradient
costing energy while it releases energy and reduces the gradient if inserted into the In-rich
part. The gradient of M then diminishes over time, implying the release of energy, and
approaches a flat state, which implies that its gradient vanishes everywhere throughout
the film, ∇zM = 0. Then no energy is gained by further interdiffusion and this leads to
the flux vanishing, too, since it is linearly driven by the gradient of the diffusion potential
according to eq. (4.15). This is the prerequisite for the formation of a steady state in
the first place and follows generally from the conditions the thermodynamic equilibrium
imposed on the functions of state, expecially the diffusion potential. The flux shown in c)
is in the beginning very high around the jump point in the initial composition distribution
and then gradually widens and diminishes several orders of magnitude in height.

Figure 4.3a) to c) show the Gibbs free energy density per atom and its constituting
components, the enthalpy h′ and the energy term Ts′ associated with the entropy of the
system. The Gibbs free energy is zero everywhere at the beginning because the phases
are pure and homogeneously intermixed and thus the energy gain between the present
state and the totally intermixed state is 0 already. The diffusion, driven by an initially
present gradient of the diffusion potential, leads to a mixing of phases around the phase
boundary in the beginning where the Gibbs free energy is significantly reduced first. As
seen in fig. 4.3b) and c), the entropic energies absolute value exceeds the value of the
enthalpy per atom. The mixing enthalpy is positive everywhere which implies that the
process of intermixing is endotherm, requiring the supply of energy. However, the energy
release caused by intermixing due to the change in entropy is more than enough to deliver
the required energy. The entropy is a negative summand to the Gibbs free energy, see
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Figure 4.3: The Gibbs free energy g, the enthalpy h and the
entropy-related energy Ts, all per atom of diffusing species,
are shown for the present simulation in a) to c), respectively.

Figure 4.4: The molar volume per lattice site and partial
differential molar volumes of Ga and In are shown over the
film and for different times for the present simulation. See
text for details

eq. (4.29), and the Gibbs free energy is thus negative throughout the process and film.
The total Gibbs free energy also diminishes over time, as required by the thermodynamics
of irreversible, spontaneous processes in closed systems, dG ≤ 0.

The total volume per mole of lattice site and the partial differential molar volumes
of Ga and In are depicted in fig. 4.4a) to c). As all quantities that depend only on the
Ga content, they approach a state of homogeneous distribution throughout the film. As
can be seen in a), the molar volume of In is bigger than that for Ga since in the initially
In-rich part the molar volume is larger. With ensuing intermixing this leads to a volume
increase over time in the initially Ga-rich layer and a volume reduction in the In-rich
layer. The partial differential molar volume of species i measures the volume change if an
atom of species i is interchanged with a vacancy with average volume Ω, see eq. (C.19).

The fact that the molar volume of the solid solution approaches a homogeneous dis-
tribution implies that the 112 lattice spacings also become homogeneous throughout the
layer since they also depend on the local composition of the system, see eq. (3.2). The
d112 values are in turn used to calculate the EDXRD spectra resulting from the Ga dis-
tribution at any given simulation time. Such a spectrum is shown in fig. 4.1b). In the
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beginning, the two distinct reflexes which belong to the Ga pure and In pure initial phases
can be distinguished which result from the inhomogeneous d112 value over the film. Over
time, as the differences in lattice spacing becomes smaller, the two reflexes can be seen
to converge towards each other, resulting, after a couple of minutes, in a single emergent
diffraction reflex.

Figure 4.5: The peak positions of the Ga and In-rich phases
obtained by measurement and simulation with the optimal
tracer diffusion coefficient are shown. The simulated peak po-
sitions were fitted to the measurements within the time inter-
val between t0 = 0 and t1 = 3 min. The diffusion coefficient
used in the shown simulation is the same as in fig. 4.1.

Clearly this does contradict the mea-
surement which shows two stable and per-
sistent diffraction peaks. However, the
model can still be used to give a prediction
for the average tracer diffusion coefficient
D? by fitting the Fickian diffusion model
developed in this chapter to the measure-
ment spectra. This is done as described
in section 4.1.6 using only the energies at
which maximal intensities occur, eq. (3.25).
Figure 4.1 b) and c) show the result of such
a fitting in a full color-coded spectra. The
figure b) shows the color-coded simulated
EDXRD spectra over time and c) compares
the measured and simulated spectra, i.e.
the photon intensities over energy, at spe-
cific times. These times are indicated by

vertical dotted black lines in the figures a) and b). The tracer diffusion coefficient result-
ing in the best fit was found to be D? = 1.3 · 10−13 cm2/s, see section 4.1.3 for literature
values. This value lies well within the range of measured diffusion coefficients, as do all
diffusion coefficients found with this method in the scope of this thesis.

The measured and simulated EDXRD-peak positions, the measured ones obtained
as described in section 3.2.4, are shown in fig. 4.5. The measured peak positions start
approaching each other and then converge onto a configuration of constant separation.
The tracer diffusion coefficient fit was performed in the time-interval indicated by the
vertical lines in the plot. In this time-interval the simulation then does reproduce the
measured data fairly well. After that time, however, the simulation starts to deviate
considerably because the simulated peak positions converge while the measurement does
not.

A Fickian interdiffusion can thus not satisfactorily explain the observed features of
the EDXRD spectra. Also, changing of the enthalpy factor ξh in this setting does not
significantly improve this finding. The bigger a positive enthalpy factor value is, the less
negative the minimum of the Gibbs free energy will be and the lower the values of the
diffusion potential and flux, which depend on the first and second derivative of the Gibbs
free energy. An increasing positive enthalpy will thus lead to overall slower inter-diffusion
and consequently lower intrinsic diffusion coefficients. With a large enough enthalpy the
process of intermixing will thus cease to happen spontaneously. This, however, would
impede the inter-diffusion from the start and not lead to a pronounced interdiffusion in
the first place. See the extended discussion on diffusional dynamics in appendix B.
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4.3 Stress-Free Diffusion Model in CISSe

4.3.1 Summing Up

The relations used to simulate interdiffusion in CISSe are largely identical to the ones
presented in section 4.2.1. The composition ω is taken to measure the SES, that is the
amount of Se that diffused into the film. M = µSe − µS is then the diffusion potential
for the exchange of an Se with an S atom and j the selenium flux into the thin-film. The
diffusion equation is again given by eq. (4.10).

Because in this experiment the incorporation and subsequent in-diffusion of Se into
the thin-film is simulated, the boundary conditions have to be changed. Each Se atom
that enters the crystal through the front-layer is expected to replace an S atom which
leaves into the gas-phase.

Figure 4.6: Results of finding an S composition whose
EDXRD signal best reproduces the measurement at time
t = 0. See text. a) Shows best found S and Se distribu-
tions. b) Measurement and calculated spectrum. The fit is
the same as shown in fig. 3.4.

Figure 4.7: Results of finding an S composition whose
EDXRD signal best reproduces the measurement at time
t = 0.5min. See text. a) Shows best found S and Se dis-
tributions. b) Measurement and calculated spectrum.

Because the offer in Se atoms impinging on the surface of the film far-exceeds the fluxes
of Se into the film, it is assumed that the front-layer is in chemical equilibrium with the
gaseous phase at all times, thus exhibiting an equilibrium Se content. This assumption
is scrutinized in appendix C.1. This equilibrium value depends on the chemical potential
of selenium in the gas-phase and on the diffusion potential in the crystalline phase and
especially on the enthalpy of mixing.

However, as no exact values are known for the enthalpy of mixing for this process
over the full range of compositions (see Wei et. al.132 for determination at a compositon
ω ≡ 1/2), for the present simulation purpose some approximation has to be found. In
order to do so, at a given time the compositional Se distribution throughout the thin-
film is searched for which results in a simulated EDXRD diffraction signal best agreeing
with the measured spectrum. Thereby, especially, the composition in the front layer is
obtained at a specific time. Different Se distributions are constructed, all monotonically
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decreasing from the back- to the front-contact, as can be expected to be the case for an
interdiffusion of Se and S in the opposite direction. An initial Se distribution was chosen
(akin to the initial state of the interdiffusion in the Se-S system) and partitioned into
equally sized layers over the film’s thickness. Simulated annealing was used to probe the
parameter space and find the optimal distribution. On each iteration one layer of the
film is arbitrarily chosen and its composition changed to some random value. In order to
keep the Se distribution in line with monotonicity, all compositions in layers toward the
front that have smaller compositions and all layers towards the back that have bigger ones
are set equal to this new compositional value. The expected EDXRD signal belonging to
this specific Se distribution was then calculated as usual and compared to the recorded
spectrum at the given time. Note that this fitting process does not take into account
possible influences of elastic deformations on the lattice spacings and thus on the spectra
which are introduced in chapter 5. This procedure can then reliably only be used for
systems under little to no stresses, as assumed to be the case in the beginning of the
interdiffusion process.

The results for such a fitting process are shown in figs. 4.6 and 4.7 at the time points
t = 0 min and 0.5 min. The a) figures show the Se and S distributions and the b) figures
the measured and best-fitting simulated EDXRD spectra. The front layer is initially found
to be at an Se composition of around 0.7 and rapidly increases to about 0.9 after half
a minute. A value which is roughly constant during further measurements. In order to
keep the simulations as simple as possible the Se composition at the front layer is then
assumed to be ω0(z = dF ) = ω(z = dF ) = 0.9 and constant during the interdiffusion, see
appendix C.1. For all other layers the initial condition is a pure CIS phase: ω0 = 0. In
order for the front layer to remain at constant composition, the boundary condition at
the front is one of constant composition and at the back a no-flux condition.

4.3.2 Measurement and Simulation Results

Figure 4.8 a) shows the EDXRD measurement recorded during the selenization of CISe
which was performed according to section 3.1.1. The figure is clipped from fig. 3.4 a).

At the start of the process a single diffraction reflex emerges from the sample. With
ensuing introduction of selenium atoms a rapid phase transition (from CIS to CISe) and
a transition of the diffraction energy to lower values can be observed. This is because the
molar volume for Se is bigger than for S, resulting in lower diffraction energies, according
to Bragg’s law eq. (3.1). The diffraction energy does, however, not converge exactly to
the value for a pure CISe phases (the lower dashed horizontal white line), indicating that
a phase mixture is still present inside the film. Furthermore, the transition from a CISe
112 peak to a single Se rich CISSe 112 peak seems to be untypical for a classical diffusion
process. The CIS peak, as can be observed in fig. 4.8 c), does not approach lower energies
by itself but rather diminishes in intensity while simultaneously a new peak forms at
lower energies which gains intensity. This new peak then starts converging towards lower
energies, finally settling down on some steady state diffraction energy. See section 5.3.2
for more discussion on the behavior of the measurement. However, it is immediately seen
that this behavior is not reproduced by the simulation shown in fig. 4.8 b).

Other simulations results, the Se distribution, the diffusion potential and the Se flux
are depicted in fig. 4.9 a) to c). The Se content is 0 everywhere in the beginning, except
at the front of the film. It then gradually increases throughout the film until the whole
film is filled with Se everywhere at a constant composition of ω = 0.9. The missing sulfur
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Figure 4.8: a) Color coded photon intensities over time
showing the EDXRD spectra recorded during fabrication of
CISSe, b) Simulated EDXRD spectra with D? = 1.3 · 10−12

cm2/s, c) Comparisson of simulated and measured spectra
at given times.

Figure 4.9: The S-distribution ω(z), a), the diffusion po-
tential for selenium M , b), and the Se-flux j, in c), are shown
for different diffusion times. See text for details.

atoms having entered the gas phase in this exchange. The diffusion potential in this case
measures the energy change when exchanging an Se for an S atom and consequently is
positive initially because the film is already filled with S so putting in more sulfur will cost
energy. The sharp diffusion potential gradient at the front then flattens out until, in the
steady state, it is homogeneous throughout the film. Consequently, the flux vanishes in the
steady state and diffusion ceases. This is the expected result for a Fickian interdiffusion
process.

Figure 4.11 a) to c) show the Gibbs free energy, enthalpy and entropy distributions.
As in the case for interdiffusion in CIGSe the entropy dominates the process leading to a
negative Gibbs free energy. However, note that the Gibbs free energy does not diminish
over the whole process time. This is simply because the CISSe system is not closed - after
all Se and S atoms can exchange between the thin-film and the gas-phase.

As in the previous section the simulation is used to find an average tracer diffusion
coefficient which, for the given model, best reproduces the measured spectra. This is
done as previously by making use of the linearity of the diffusion equation in time and
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Figure 4.10: The molar lattice site volume and partial dif-
ferential molar volumes of Se and S are shown over the film
and for different times for a Fickian diffusion run. See text
for details

Figure 4.11: The Gibbs free energy g, the enthalpy h
and the entropy-related energy Ts, all per atom of diffus-
ing species, are shown in a) to c), respectively.

diffusion coefficient alike. A single diffusion simulation is performed for a given tracer
diffusion coefficient and then a linear time-coordinate transformation is used to transform
the solution to solutions for different diffusion coefficients.

In contrast to the previous selenization experiment with CIGSe, the number of distin-
guishable diffraction peak maxima changes during measurement and simulation, as can
be seen in fig. 4.8c). In the beginning two 112 reflexes can be distinguished and in the
end only one. That is why the measure of dissimilarity for the whole spectra, not only for
the peak-positions, is used. See eq. (3.23) and section 3.2.4 for details. SA is then used
to select a time shift and a time stretch that result in some EDXRD spectra best fitting
the measured ones. Thus, the tracer diffusion coefficient leading to the least difference
between simulation and measurement for this particular model developed in the course of
this chapter is found to be: D? = 1.3·10−12 cm2

s
, see section 4.1.3 for literature values. This

value lies well within the range of measured diffusion coefficients for the CISSe system.

The simulation shown in fig. 4.8 b) depicts the simulated EDXRD spectrum according
to this best fitting solution to the Fickian interdiffusion problem. As is immediately
seen, the simulated EDXRD spectrum is such that the CIS 112 peak starts continuously
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decreasing in diffraction energy, finally settling down on the value corresponding to the
constant steady-state Se composition of 0.9 throughout the film. Note that technically
the interdiffusion in the Fickian case with a constant front layer composition will carry on
until the whole film is exactly at this composition. This means that by tuning the front
layer equilibrium composition, the diffraction energy of the final Se rich CISSe 112 peaks
can be changed. However, as shown in fig. 4.7, the front layer can be assumed to rapidly
go to S compositions of 0.1 or lower and so the tuning possibilities are severely limited.
Particularly, producing a steady state with a final 112 peak resembling the positions of
the measured one in fig. 4.8 a) by tuning the composition of the front layer would exceed
a steady S composition of 0.1 and is thus not justifiable.

4.4 Discussion

In this chapter the diffusion equations for diffusion influenced by entropy and enthalpy
were developed. This was done in some length to introduce the methods needed to find
diffusion equations for more elaborate situations as in the next two chapters. The such
developed equations were then used to reproduce, as best as possible, the EDXRD spectra
recorded during the selenization experiments of CISSe and CIGSe. The results show that
the key features that stand out from the measurement are not accurately reproduced by
this approach. Namely, that the measurements seem to show an interdiffusion that stops
short of fully intermixing the thin-film is, of course, not reproduced by an interdiffusion
simulation that does only take into account entropy and enthalpy since those simulations
necessarily lead to fully homogenized films. Note that this is in contrast to the assump-
tions taken in virtually all works that set out to determine interdiffusion coefficients in
chalcogenide thin-films. These works regularly assume a Fickian diffusion process to take
place and then determine diffusion coefficients on the basis of this assumption.



Chapter 5

Stress-Influenced Interdiffusion

It is an established fact that stresses developing inside a given material have profound
effects on diffusional dynamics occurring inside of it. The model developed in chapter 4

is expanded introducing the effects mechanical stresses can have on the interdiffusion
processes. The theoretical foundations to do this are presented in section 5.1. First, the

elastic theory of thin-plates is reviewed briefly to find constitutive equations relating
compositional changes to the development of mechanical stresses. Then, an elastic

energy term is introduced into the Gibbs free energy density function. This in turn leads
to a coupling of the stresses inside the thin-film to the diffusion potentials governing the
mixing of the interdiffusing species. It is then shown how this coupling leads to a hold of

interdiffusion process before a total homogenization of the film is reached. The such
developed model is compared to measurements of interdiffusion in CIGSe and CISSe in
section 5.2 and section 5.3, respectively. It is shown that by incorporating the effects of
stress a better qualitative agreement is reached. However, while the model consistently

predicts reasonable diffusion coefficients it also predicts unrealistically high stresses which
hinds to other important, yet unaccounted, processes affecting the interdiffusion. See the

discussion in section 5.4.
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5.1 Theory Bites

That stresses inside a material influence diffusional processes inside of it has been known
for a some time.70,71,112,72,79 Here, a condensed theoretical description is developed.

As in the case for stress-free interdiffusion described in section 4.1, the aim of this
section is to find and describe the equations that determine the change of initial composi-
tional gradients inside the thin film, ω0

i . That is, the equations that have to be solved to
obtain ωi(t, z) from initial compositions ωi(t0, z). First, the problem setting is discussed
and then the appropriate equations are derived.

5.1.1 Setting and Geometry

The basic setting of the diffusion problem is very similar to what was described in sec-
tion 4.1.1. The only, yet decisive, difference being that the film is not allowed to expand
or contract freely in the in-plane direction. As described in section 2.2.3, the thin-films
discussed and measured within the scope of this thesis are actually mounted on top of a
substrate that is around two orders of magnitude thicker then the film itself. Because the
thin-films are usually firmly attached to this substrate, they are not free to change their
dimension in the in-plane direction.133,89,66 Variables that refer to the in-plane direction
are denoted by a ‖-subscript. On the contrary, the in-plane expansion of the films is
constrained by the rigid boundary conditions imposed on them by the substrate. This
means that the substrate is acting with forces on the thin-film, effectively reversing the
in-plane deformations inflicted on it during the interdiffusion process. So the in-plane
dimension is, during the whole process, assumed to stay fixed at its initial extent. Only
in out-of-plane direction, denoted by a ⊥-subscript, is the film free to deform.

Because the interdiffusing species carry different atomic volumes the very process of
interdiffusion implies volumetric changes taking place inside the film. Elasticity theory is
used to calculate those deformations and the resulting chemical or compositional stresses∗.
Because deformations are inhibited in in-plane direction, internal mechanical stresses
necessarily have to develop.

These stresses and the deformations accompanying them change the lattice plane
spacings in the out-of-plane direction, i.e. the lattice plane spacing that the EDXRD
measurements are susceptible to. It is expected that considering stresses will alter the
model predictions regarding the evolution of EDXRD signals considerably. Furthermore,
it is known that stresses and diffusion processes couple: stresses influence the diffusion
potential which itself is responsible for the interdiffusion process. Stresses are therefor
expected to influence model predictions twofold: Changing the predicted compositional
distributions resulting from the diffusion process and directly changing the lattice spacing
and thus the measured diffraction signals for a given composition.

5.1.2 Compositional Eigenstrains

The starting point to describe the material deformations is a Duhamel-Neumann† type
equation,134

εij = εσij + εEij. (5.1)

∗That are stresses induced by the interchange of differently sized atoms in a material
†The Duhamel-Neumann equation is actually the special case for which εEij is determined solely by

thermal expansion. The formulation, however, is equivalent for compositional strains.
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Figure 5.1: Schematic representation of the initial - (a) -
and final - (d) - state of the Ga/In interdiffusion. Initial and
final GGI distributions are depicted in figures (b) and (e) and
initial and final stress throughout the thin film in figures (c)
and (f). ( From Schäfer et al.,47 fig.(1) there - Copyright ©
2011 by American Physical Society. All rights reserved.)

Figure 5.2: Schematic representation of the stress forma-
tion induced by the substrate for CIGSe. Fig. (a) shows the
initially pure and stress-free CGSe and CISe phases. Fig. (b)
shows the change in volume of the two phases due to inter-
diffusion and assuming they are not attached to each other.
The In-rich part shrinking due to Ga intake and the Ga-rich
part expanding. Attaching the two phases at constant com-
position will then lead to a bending of the sample - (c). The
presence of the thick-substrate in (d) then counteracts the
bending, inducing stresses. ( From Schäfer et al.,47 fig.(2)
there - Copyright © 2011 by American Physical Society. All
rights reserved.)

The quantity εij is the total strain tensor describing the actual, or total, deformation of
the material with respect to the reference state. It thus describes the transformation from
the reference- to the actual- or stressed-state. As is customary, εij and all other quantities
with two indices i and j are rank two tensors with each index taking values corresponding
to the 3 space dimensions. εσij is the stress strain: the mechanical strain experienced
by the material as a result of external forces and of inhomogeneous heating or of an
inhomogeneous compositional distribution. This is equivalent to the strain experienced
by the material as a result of applying a certain stress σij to it. In other words, it
measures the strain between the stress-free and the stressed state of the material. εEij
is the eigenstrain, that is the strain that has to be exerted onto the material to deform
it from the reference- to the stress-free state. This can be seen by setting εij = εEij in
eq. (5.1), from which εσij = 0 immediately follows.

The total strain and the stress strain are given by the constitutive elastic relations
and the boundary conditions applied to the material and will be derived below. However,
in order to appropriately define the eigenstrain, the stress-free state of the material has
to be defined. A material that is in the stress-free state is allowed to change its volume
freely according to its composition ωi. Expressed in terms of the lattice site volume this
is (see appendix C.2):

Ω =
∑
i

Ωiωi. (5.2)

Let the lattice site volume in the reference state (with ωi ≡ ω′i) be denoted as Ω′.
The volumetric changes happen isotropically (since all crystallite orientations are present
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equally according to the assumption of a texture-free material) and thus the eigenstrain,
too, is isotropic79,75 being defined by:

εEij :=
1

3

Ω− Ω′

Ω′
δij =

1

3

∑
k

1

Ω′
∂Ω

∂ωk

∣∣∣
ω=ω′

=:∆ω′k︷ ︸︸ ︷
(ωk − ω′k) δij. (5.3)

The second equation follows by Taylor expansion of the lattice site volume around the
composition of the reference state and δij denotes the Kronecker delta. Note that the
sum only counts independent species. The inverse lattice site volume is equivalent to
the reference density, eq. (2.10), and the partial derivatives evaluate to the differential
partial lattice site volumes at the reference composition, denoted as Ω̄′, see eq. (C.19).
Consequently,79

εEij =
1

3
ρ′

(∑
k

Ω̄′k∆ω
′
k

)
︸ ︷︷ ︸

=:εC

δij = εCδij. (5.4)

εC is the compositional eigenstrain.
For vacancies being absent, the differential partial lattice site volumes are constants

given by the difference of the partial lattice site volumes, Ωi. Furthermore, because of the
lattice constraints only one species is independent. If this is chosen to be species A, the
compositional eigenstrain can be calculated by∗

εC =
1

3
ρ′∆Ω∆ω′A =

1

3
ρ′(ΩA − ΩB)(ωA − ω′A). (5.5)

To build intuition: Be ΩA < ΩB, and the stress-free state given at some ωA > ω′A, then
the eigenstrain is negative meaning that a compressive stress has to be exerted upon the
bigger reference volume to transform it into the smaller stress-free volume, as expected.

Equivalent reasoning (in this case Taylor expansion around the stress-free composition)
can be applied to calculate the total- and the stress-strain in in-plane direction, denoted
by a ‖-subscript. The results read:

ε‖ =
1

3
ρ′
∑
k

Ω̄′k(ω
0
k − ω′k) (5.6)

εσ‖ := ε‖ − εE‖ =
1

3
ρ′
∑
k

Ω̄′k(ω
0
k − ωk). (5.7)

The total strain describes the deformation from the reference to the actual state. The
actual state in in-plane direction is, due to the thick support, supposed to not change
during the process staying at the value determined by the initial compositions, ω0

k. The
stress-strain εσ‖ can then be calculated using the Duhamel-Neumann eq. (5.1). As ex-

pected, if ωk is at any other than the initial composition ω0
k then stress-induced strains

εσ‖ 6= 0 appear.
Note that these equations are merely consequences of the boundary conditions on

the system. However, to obtain results for the out-plane strains and the stress requires
the application of some elasticity theory. The out-of-plane strains are crucial since they
determine the d112 lattice spacing which the EDXRD is measuring.

∗Note that, if the reference state was not defined to be of constant volume, the partial differential
atomic volumes and the density were dependent on the actual composition. Also, if unit cell volumes
were used in the definition instead of lattice site volumes, an extra factor of the number of atoms per
unit-cell would appear in these relations.
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5.1.3 Field Equations of Elasticity

In order to unequivocally determine the state of stress of the thin-film, the elastic field
equations have to be solved given appropriate boundary conditions. In this way the
in-plane stresses and the actual deformations of the thin-plate can be obtained.

The elastic field equations are 3 separate sets of equations that need to be solved in
unison in order to obtain a physically viable solution.135 The first one is the constitutive
relation, or Hooke’s law. It states that the strain, εσij, associated with the stress-field, σij,
is linearly related to it by134

εσij = Sijklσkl (5.8)

⇐⇒ σij = Cijklε
σ
kl. (5.9)

Here Sijkl and Cijkl denote the elastic compliance- and stiffness tensors which are inverse
to each other and describe the material response to stresses and strains, respectively∗.
Inserting eq. (5.8) into the Duhamel-Neumann equation eq. (5.1) and solving for the
stress tensor results in the usual form of the generalized Hooke’s law,134

σij = Cijkl(εkl − εEkl). (5.10)

The constitutive relations allow to calculate the stress from a given strain field and vice
versa. Note, however, that the stiffness and compliance tensors depend on the orientation
of the crystallites and in a polycrystalline material are generally dependent on position.

The next equations to be considered are the equations of equilibrium. These ensure
that the calculated stresses lead to a thermodynamically stable material state. They
read135

σij,j + fi = 0. (5.11)

Here fi denotes the component of the density of the external force f in direction i and
a lower case index separated by a comma indicates the partial derivative with respect to
the respective spatial variable. That is, σij,j ≡ ∂σij

∂xj
, with xj denoting the j-th spatial

coordinate.
The last of the three field equation ensures that the material does not experience gaps

or overlaps because of the deformation forced upon it. This is the compatibility equation,

εij =
1

2
(ui,j + uj,i). (5.12)

The ui are the components of the displacement vector u in the i-th direction and describe
the displacement a material part experiences at a given position and time.

5.1.4 Elasticity of an Isotropic Thin-Plates

There are multiple ways to solve the elastic field eqs. (5.10) to (5.12).135 First, observe that
the thin-plate is not restricted in out-of-plane direction and can therefor freely expand
and contract. This is equivalent to the vanishing of the out-of-plane stress component,

σ⊥ := σ33 = 0. (5.13)

∗The summation convention holds.
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The film is assumed to exhibit lateral isotropy: Although the film consists of differently
oriented crystallites, they are not grown with any preferred texture and thus their orien-
tation is assumed to be homogeneously distributed throughout the in-plane dimension,
see section 2.2.1. This lateral isotropy in turn leads to the two in-plane stress components
being equal,

σ‖ := σ11 = σ22. (5.14)

Because of the in-plane isotropy the in-plane stresses do not depend on the lateral position
in the thin-plate. That is σ‖,1 = σ‖,2 = 0. The compositional eigenstrains given by eq. (5.4)
and also the total-strain given by eq. (5.6) are isotropic and thus do not produce in-
plane shear strains. Consequently, the shear stresses, too, vanish identically everywhere,
σ12 = 0.

For an isotropic material the constitutive eq. (5.10) can be written more easily with
Lamé coefficients λ and µ:135

σij = λεσkkδij + 2µεσij. (5.15)

Using the vanishing of the out-of-plane stress, σ⊥ ≡ 0, this formula is used to find the
dependence between out-of- and in-plane stress-strains∗,

εσ⊥ = − 2λ

λ+ 2µ
εσ‖ = − 2ν

1− ν
εσ‖ . (5.16)

Next, evaluating eq. (5.15) for the in-plane stress and inserting eq. (5.16) gives,†

σ‖ = (
4µλ

λ+ 2µ
+ 2µ)εσ‖ =

E

1− ν
εσ‖ . (5.17)

As expected, the in-plane stress depends on the in-plane stress-strain. The material
parameters ν and E are Poisson’s ration and Young’s modulus. To obtain the out-of-
plane strain, the Duhamel-Neumann equation is used:

ε⊥ = εσ⊥ + εC = − 2ν

1− ν
εσ‖ + εC = −2ν

E
σ‖ + εC . (5.18)

The out-plane strain is thus given by two independent processes. First, by the free
expansion according to a given change in composition described by εC and, second, by
the out-plane strain produced due to the in-plane stresses that hold the material at its
initial deformation.

The such determined stresses and strains depend on the composition via the eigenstrain
and are fulfilling the equilibrium conditions, eq. (5.11), for vanishing body-forces fi. From
the compatibility condition, eq. (5.12), it follows that ε⊥ = uz,z, which can be integrated
to give the out-of-plane displacement.

All components of the total strain and of the stresses are thus given if the Young’s
modulus and the Poisson ratio are known for the materials in question. With them the
elastic state of the thin-plate is fully determined and so E and ν are new parameters of
the model, on top of the tracer diffusion coefficient, D?. However, the Poisson ratio only
varies little between different phase. For the remainder, the Poisson ratio is thus fixed, see
appendix A, and only the Young’s modulus and the diffusion coefficient are independent
parameters.

∗The following relations from elasticity theory were used: λ = Eν
(1+ν)(1−2ν) and µ = E

2(1+ν) .
†The only non-vanishing components of Cijkl then are: Cxxxx = Cyyyy = E/(1− ν) with x and y here

standing for the in-plane directions.
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Extention to System of Thin Plates

These results which, strictly speaking, hold only for completely isotropic materials, can be
significantly generalized. The elastic behavior of substitutional alloys generally depends
on composition. For CIGSe and CISSe it is known that their elastic coefficients, the
independent components of the elastic stiffness tensor Cijkl, vary significantly (via the
Young’s modulus) with composition. Because the composition changes in the experiments
conducted here in out-of-plane direction, isotropy in out-of-plane direction is generally
lost.

However, the elastic field equations can still be solved for such a system. To this end,
the discretization of the thin-film introduced in section 2.3.1 is used. The dependence
of the elastic coefficients on the composition is assumed to follow a Vegard’s law type
equation, see eq. (2.4). In an n-component system with compositions ω ≡ (ω1, . . . , ωn)
this relation reads

E(ω) =
n∑
i=1

ωiEi (5.19)

ν(ω) =
n∑
i=1

ωiνi. (5.20)

The Ei and νi being the values of the elastic coefficients for a pure i phase. The
coupled elastic equations together with boundary conditions for the system of thin-plates
can still be solved exactly90,136,137 for the in-plane stresses and out-of-plane strain with
results equivalent to the overall isotropic case, eq. (5.17) and eq. (5.18), with the elastic
coefficients now replaced by eq. (5.19) and eq. (5.20).

σ‖(ω) = − E(ω)

1− ν(ω)
εσ‖ (ω) (5.21)

ε⊥(ω) = −2ν(ω)

E(ω)
σ‖(ω) + εC(ω). (5.22)

Corrections to those results have to be made for non-homogeneous in-plane eigenstrains
but all material systems studied in this work are assumed to only exhibit out-of-plane
compositional gradients.

5.1.5 Gibbs Free Energy and Diffusion Potential

The Gibbs Free Energy Density

With the equations describing the elastic deformation of the thin-plate system in place, the
influence of the deformations and stresses on the diffusion process have to be elaborated.
This is done analogously to the approach in section 4.1.5.79 First, the Gibbs-free energy
of the system needs to be determined. Then the diffusion potentials are calculated which
via their spatial gradient determine the atomic fluxes.

In contrast to eq. (4.17), the Gibbs-free energy of the system G depends not only on
the numbers of particles of species A and B, but also on the stress-tensor σij. G and its
total differential can then be written as,

G = G(NA, NB, σij) (5.23)
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dG =

A,B∑
i

µidNi − V ′εijdσij. (5.24)

Here, µi denote again the chemical potentials of the different species. Note that the
intensive variables µi and εij are defined via differentiation of the Gibbs-free energy func-
tion with respect to the respective conjugate variable while holding all other variables
constant,

µi :=
∂G

∂Ni

∣∣∣
Nj 6=i,σij

(5.25)

εij :=
1

V ′
∂G

∂σij

∣∣∣
Nk
. (5.26)

The variables written as subscript to the right of the partial differentiation highlight
which variables are to hold constant during the differentiation. The interpretation of the
chemical potentials given in section 4.1.5 still holds.

Following the same procedure as in section 4.1.5, the differential of G can be trans-
formed into a differential of the Gibbs-free energy density with respect to the reference
volume, g′. The result reads:

dg′ =

A,B∑
i

µidρ
′
i − εijdσij. (5.27)

Using the network constraint eq. (2.13) and ρ′A = ρ′ω this transforms to,

dg′ =

=:M︷ ︸︸ ︷
(µA − µB) dρ′A − εijdσij = Mρ′dω − εijdσij. (5.28)

M is again the diffusion potentials and eq. (5.28) shows that the natural variables of
the Gibbs free energy density g′ are ω and σij so that: g′ = g′(ω, σij). Given g′, the
thermodynamic system is fully determined, with

M :=
1

ρ′
∂g′

∂ω

∣∣∣
σij

= µA − µB (5.29)

εij :=
∂g′

∂σij

∣∣∣
ρ′A

. (5.30)

Note that the density of species B is not an independent variable anymore and thus not
kept constant during the calculation of the diffusion potentials. The diffusion potential is
describing the addition of an A atom while holding the overall number of atoms constant.
This, as is apparent from eq. (5.29), is achieved by first adding an A atom to the crystal,
requiring an energy µA, and then removing a B atom from it, releasing the energy µB.
The total number of lattice sites of the crystal is thus conserved during this process.

The chemical potentials of the different species, the µi, can still be calculated via
eqs. (4.27) and (4.28), using M and g′.

Stress Dependent Diffusion Potentials

In this segment the dependence of the diffusion potential on stress is determined explicitly.
Notice that eq. (5.28) is a total differential implying that g′ has to be symmetric in its
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second derivatives - known as Schwarz’s theorem. This implies that

∂M

∂σkl

∣∣∣
σij 6=kl

=
1

ρ′
∂2g′

∂ω∂σkl
= − 1

ρ′
∂εkl
∂ω

∣∣∣
σij
. (5.31)

This relation can be integrated if kept in mind that the strain is a function of stress,
εij = εij(σij). Inverting eq. (5.10) gives the dependence as

εij(σij) = Sijklσkl + εEij. (5.32)

Sklij is the compliance, the inverse tensor of the elastic stiffness tensor, Cijkl. Calculating
the derivative of (5.32) with respect to ω holding the stress constant and considering a
possible composition dependence of the compliance results in,

∂εkl
∂ω

∣∣∣
σij

=
∂Sijkl
∂ω

σkl +
∂εEij
∂ω

(5.33)

⇒ ρ′
∂M

∂σkl

∣∣∣
σij 6=kl

= −∂Sijkl
∂ω

σkl −
∂εEij
∂ω

. (5.34)

Integrating the left- and right hand side of eq. (5.34) from the stress free state, σij = 0,∗

to the stress state σij yields:

M(ω, σij) = M0(ω) +Mσ(ω, σij) = M0(ω)− 1

ρ′

(
∂εEij
∂ω

σij −
1

2

∂Sijkl
∂ω

σklσij

)
. (5.35)

The second equation defines Mσ which contains the stress-dependent terms while M0 is
the diffusion potential for vanishing stress, following from the stress-independent contri-
butions to the Gibbs-free energy density:

M0(ω) =
1

ρ′
∂g′(ω, σij = 0)

∂ω
. (5.36)

Using the definition of the eigenstrain, eq. (5.5), the equation for M can be further
simplified to give79,72,75

M(ω, σij) = M0(ω)− Ω̄′σ − 1

2
Ω′
∂Sijkl
∂ω

σklσij. (5.37)

With Ω̄′ denoting the partial differential lattice site volume at the reference composition
and as usual Ω′ = 1/ρ′. Without vacancies: Ω̄′ = ΩA−ΩB, see eq. (C.19). σ ≡ 1

3

∑
σnn is

the hydrostatic stress. The product Ω̄′σ is the elastic energy change in the system if an A
atom is exchanged with a B atom at constant stress. This is just the work that has to be
done against the stress while changing the local volume from ΩB to ΩA.111 For example,
under tensile stress conditions and for ΩGa < ΩIn, as for interdiffusion in the In-rich part
of the CIGSe sample, in an exchange of an In for a Ga atom the term is positive and so
the energy increases. This is because the shrinking volume has to be expanded by the
developing tensile stresses in order to keep the in-plane dimensions constant.

The second term in eq. (5.37) takes into account corrections because of a possible
dependence of the elastic coefficients on composition. If the compliance increases with ω

∗Here it is assumed that the hydrostatic atmospheric pressure is negligible in comparisson to the
internal stresses.
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then the stiffness decreases since both are inverse to each other. So the second term is
negative, decreasing the diffusion potential and impeding interdiffusion. Conversely, if the
elastic coefficients diminish with increasing composition this term increases the diffusion
potential. This is intuitively clear since an increasing stiffness leads to increasing stresses
and so more work has to be done in order to increase the composition ω. The third term
however is smaller then the second term and is neglected for this thesis, see Schäfer et
al.47 appendix (C) there.

5.1.6 Gibbs Free Energy Density

As usual, given the Gibbs free energy density, the diffusion potential can be calculated via
eq. (5.29). The Gibbs free energy density is defined as the sum of enthalpy- and entropy
of mixing densities as defined in the stress-free diffusion case in eq. (4.31). This definition
reads:

g′ = h′ − Ts′. (5.38)

The enthalpy of mixing has contributions from the binding energy- and from the elastic
energy density, h′ = e′elast + e′bind and the elastic part will not be neglected. Using this
in eq. (5.38) the Gibbs free energy density can be separated into a stress-dependent, g′,0,
and independent part, g′,σ.

g′ =

=:g′,0︷ ︸︸ ︷
e′bind − Ts′+

=:g′,σ︷︸︸︷
e′elast . (5.39)

The stress-independent part is thus given by the the same contributions that previously
defined the stress-free Gibbs energy density in section 4.1.5. e′bind is still supposed to
follow Xue et al.,131 eqs. (4.34) and (4.35), and also the entropy density is the same as in
the stress-free case, eq. (4.37).

The energy density associated with the elastic deformation can be found integrating
the −εijdσij term in the differential of g′ given in eq. (5.28). From the Duhamel Neumann
eq. (5.1) and the constitutive relation eq. (5.8) follows:

εij = Sijklσkl + εEij. (5.40)

Integrating this from vanishing stress to σij delivers

g′,σ = −1

2
Sijklσijσkl − εEijσij = −1

2
σij
(
εij + εEij

)
. (5.41)

That this is the correct form can easily be checked by derivation with respect to the
composition while the stress is kept constant and comparing the result to M , eq. (5.35).
Note that this is the contribution of the elastic deformation to the Gibbs-free energy
density, not to the internal energy density, u′, and thus has another functional form:

u′,σ =
1

2
σij
(
εij − εEij

)
. (5.42)

Both are connected by the usual Legendre transformation, g′,σ = u′,σ − εijσij.
Note that for the system described not relative to a reference state but relative to

the actual state the total strain in-plane is ε‖ = 0 and the eigenstrain must compensate
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the stress induced strain εσ in-plane since the system does not change in this direction:
εE‖ = −εσ‖ . Remembering σ⊥ = 0, then g′ takes its usual form:

g′,σ =
1

2
σijε

σ
ij. (5.43)

With the diffusion potential given, the fluxes can be calculated via jA = −L∇M , see
eq. (4.15).

5.1.7 Diffusion Behavior

The incorporation of intrinsic stresses into the diffusion equations can lead to stable
equilibrium states that are not homogeneous in composition throughout the thin-film.
To show this, the equilibrium states of the diffusion eq. (4.10) have to be found: that is
the composition distributions ω(z, t) for which the time derivative vanishes everywhere.
Because ω,t = −∇j and j ∝ ∇M , one possible set of equilibrium states are those for
which the diffusion potential gradient vanishes: ∇M = 0. Using this and assuming an
initial state of pure phases, as depicted by the orange curve in fig. 5.3, the steady state
distributions can be constructed. These steady states depend on the parameters of the
diffusion process, particularly on the material parameters like the Young’s modulus. The
details on the appropriate derivations can be found in appendix B.

0
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Figure 5.3: Schematic of possible initial (orange) and fi-
nal (blue) compositional distributions over z with stress being
present. The homogeneous Ga distribution (dashed black) is
also shown for a Ga content of 0.27.

It is found that for vanishing Young’s
module, which is akin to Fickian deforma-
tion since then no stresses occur, the equi-
librium distribution is equivalent to the
horizontal dotted black curve in fig. 5.3. So
the interdiffusion leads to a perfect inter-
mixing as expected for Fickian diffusion.
For Young’s moduli in the the order of a
hundred or so GPa the steady states have
a form similar to the blue curve shown in
fig. 5.3. The steady states is then similar to
the initial state in the sense that two homo-
geneous phases exist that are joined at the
same coordinate z̄ as initially. The jump
in composition between both layers then
increases with increasing Young’s modu-
lus since higher E result in greater stresses
for equal deformations and so the increas-
ing elastic strain energy ever faster hinders
the interdiffusion. For an infinite Young’s

modulus, i.e. for a perfectly rigid structure, the initial state is equal to the final state,
especially the size of the initial and final jump. So no interdiffusion occurs at all since no
atom can bring up the energy to deform a perfectly rigid structure.

There is another set of special compositions, in the following called critical points and
denoted as ω̃. For these the stress-free contributions to the diffusion potential gradient
vanish: M0

,z(ω̃) = 0 and thus: M,z ≡ Mσ
,z. The stress-free part of the diffusion potential

M0 is determined by the sum of an entropy and an enthalpy term and so the critical points
depend on the form of the enthalpy and on the magnitude of the enthalpy factor, ξh. The
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diffusional flux is proportional to the gradient of M and so places inside the system with
compositions ω̃ are places at which the diffusional flux diminishes considerably because
only Mσ survives. However, the critical compositions do not have to constitute steady-
states because stresses can still develop and so generally Mσ

,z 6= 0, further driving the
interdiffusion. Also, even if no stresses were present the critical points were not implying
the existence of equilibrium states. This is because for an equilibrium all places inside
the system would have to have a critical composition so that the gradient of the diffusive
flux would vanish everywhere (which is the actual condition of equilibrium). However,
the presence of these critical points can still change the diffusion dynamics and a very
thorough fixed-point analysis would be in order to determine the exact relationships,
something that goes beyond the scope of this thesis. The composition at these critical
points can be calculated and depend on temperature and the enthalpy factor, ξh from
eq. (4.35).

For a more encompassing discussion of possible dynamical behavior see appendix B.

5.2 Stress Diffusion Model in CIGSe

This section first states the equations that comprise the stress-influenced interdiffusion
model for Ga and In in CIGSe. The purpose of this model is to produce simulated EDXRD
spectra over time that can be fitted to measured ones with the available parameters of the
model. Then the fitting process and resulting simulations are presented and compared to
the recorded data.

5.2.1 Summing Up

The fundamental setting is equivalent to the stress-free interdiffusion model for CIGSe,
presented in section 4.2.1. As before, species A is taken as Ga and species B as In. The
GGI is then measured by ω ≡ ωGa, while ωIn ≡ 1 − ω measures the Indium content.
Because ΩGa < ΩIn: Ω̄′ = ΩGa − ΩIn < 0.

With the actual strain, eigenstrain and stress given by eqs. (5.4), (5.6) and (5.17)
in dependence of ω and ω0 the Gibbs free energy density is constructed according to
eq. (5.41). From this, as in the stress-free case, follows the diffusion potential by eq. (5.29)
and the chemical potentials and the fluxes as before.

The values used for the system’s parameters are given in appendix A. The parameters
that are free to fit are the average tracer diffusion coefficient of indium and gallium D?,
the Young’s modulus of CIGSe E and the enthalpy factor ξh. The equations are solved
numerically with the same boundary- and initial conditions as before.

5.2.2 Measurement and Simulation Results

Parameter Search

To fit the diffusion model to the EDXRD data, a set of parameters (D?, E, ξh) are chosen
and the model is numerically integrated in time until a steady-state is reached. For each
compositional distribution that is calculated at a given time-step, the EDXRD spectrum
is calculated according to section 3.2.3. In contrast to what was done for Fickian diffusion,
here the total out-of-plane strain is used in calculating the d112 lattice distances and thus
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Figure 5.4: Measure of dissimilarity δE between simulated
and measured EDXRD peaks (see eq. (3.25)) for ξh = 1 and
for different E. Best simulation at E = 241 GPa with tracer
diffusion coefficient: D = 2.7 · 10−13 cm2/s.

Figure 5.5: Measure of dissimilarity δE between sim-
ulated and measured EDXRD peaks (see eq. (3.25)) for
E = 70.4 GPa plotted over different ξh. Best simulation
at ξh = 2 with D = 7.8 · 10−13 cm2/s.)

the EDXRD spectra. This includes the contribution from stress-induced out-of-plane
strains according to eq. (5.18).

Figure 5.6: The peak positions of the Ga and In-rich phases
obtained by measurement and simulation are shown. The sim-
ulated peak positions were fitted to the measurements within
the time interval between t0 = 0 and t1 = 3 min. The diffu-
sion coefficient used in the shown simulation is the same as in
fig. 5.5.

The energies at which maximal X-ray
diffraction intensities occur from the Ga-
and In-rich layers are compared for equal
times for the simulation and measurements
as done in section 4.2.2. The measure of
misfit δE is calculated from these peak-
differences and tried to minimize using SA.
The process is detailed in section 3.2.4.
Essentially, the time-axis of the simulated
spectra is scaled by some factor, which cor-
responds to a scaling of D? by the inverse
factor. Then the such obtained simulated
spectra is compared to the measurement
and the misfit measure δE is calculated.
The comparison for the fitting is done be-
tween the time points t0 = 0 and t1 = 3
min, as seen in fig. 5.6. In this way the

simulation is fitted to the time-region during which most of the interdiffusion seems to
occur while the time after that can be used to certify or falsify the such obtained fit. In
this way, for a given combination of E and ξh at which the simulation was performed, a
tracer diffusion coefficient can be derived that, given the specific model developed in this
chapter, best describes the observed EDXRD spectra. Solving the model for a number of
values for the Young’s modulus and enthalpy factors and repeating the above scheme to
find an optimal tracer diffusion coefficient for each simulation a best fitting E for ξh = 1
and a best fitting ξh for E = 70.4 GPa can be determined. The values for the measure of
dissimilarity resulting from comparing the simulation to measurement over the whole time
range are used to compare the goodness-of-fit for different Young’s moduli and shown on
the y-axes in figs. 5.4 and 5.5.

Figures 5.4 and 5.5 then show the results of these procedures. The dissimilarity mea-
sure is found to have a global minimum at E = 241 GPa for ξh ≡ 1 fixed and at ξh = 2
for E ≡ 70.4 GPa fixed. The best diffusion coefficients associated with these optimal
simulations are D? = 2.7 ·10−13 cm2

s
and D? = 7.8 ·10−13 cm2

s
for the two cases, respectively.

However, the numerical value for the predicted Young’s modulus is rather high. This
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comes even though the process temperature is high and so a reduction of the Young’s
modulus relative to its value as reported in the literature would be expected. Since such a
high value for the Young’s modulus strongly contradicts literature, in the following focus
lies on the parameter search involving the enthalpy factor ξh.

Figure 5.7: Dynamics map for CIGSe over E. The red,
green and blue curves are the steady-state compositions in
the left, right and their average, respectively. Best fit to
experiment at E = 241 GPa indicated by vertical line. See
appendix B.

Figure 5.8: Dynamics map for CIGSe over ξh. The red,
green and blue curves are the steady-state compositions in
the left, right and their average, respectively. Best fit to
experiment at ξh = 2 and with E = 70.4 GPa is indicated
by the vertical line. The black dotted curves are the critical
points where M0

,z = 0.

Best-Fitting Simulation and Spectrum

In fig. 5.6 the diffraction peak positions for the best-fitting simulation for ξh = 2 is
shown. It is seen that the simulation reproduces the constant separation of the Ga-rich
and In-rich 112 peak positions well. This is in contrast to the simulation results in the
stress-independent diffusion, see fig. 4.5. The effect of an increasing enthalpy factor, as it
also would be for an increasing Young’s modulus, is, according to the analytic solution in
appendix B, to widen the final step in Ga content. This leads to a widening of the final
peak-separation with increasing ξh.

Figures 5.7 and 5.8 show the dynamics maps of the diffusion equation over E and ξh,
respectively. The derivation of these maps is detailed in appendix B. From these figures
the steady-state composition and distribution of Ga and In in the thin-film can be read
off for different E and ξh. The steady-state resembles a step-function, as depicted in
fig. 5.3, and the final composition in the left phase is given by the value of the red solid
curve in fig. 5.7 at the appropriate parameter value. The steady-state composition of
the right phase is given by the green curve and the composition at the jump-point (the
average of left and right compositions) is the dotted blue line. At a given parameter
value, the difference between red- and green-curve gives the size of the final jump in Ga
composition. Furthermore, the dotted black curves in fig. 5.8 are the critical points at
which the stress-independent part of the diffusion potential vanishes. These points, as
elaborated on in section 5.1.7 and appendix B, lead to a slowdown of the interdiffusion
and “drag” the equilibrium composition away from the solid red and green curves. In
both plots the parameter values leading to best-fitting simulated EDXRD spectra are
indicated by vertical black lines. In fig. 5.8 the optimal enthalpy factor value is seen to lie
in the range where critical points become important and so the steady-state value of the
left composition will not be exactly on the red curve in the figure but lies in-between the
upper black-dotted and the red-curve, around a composition of 0.75. Roughly the same
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value that is reached for the left composition for the optimal Young’s parameter in fig. 5.7.
This should be expected since both parameter combinations lead to simulated EDXRD
spectra that are supposed to fit the same measured spectra well. So both parameter
combinations should better produce roughly equivalent EDXRD spectra which implies
similar steady-state compositional distributions.

Figure 5.9: a) Color coded photon intensities over time
showing the EDXRD spectra recorded during selenization
of CIGSe, b) Simulated EDXRD spectra for ξh = 2, E =
70.4 GPa and D = 2.7 · 10−13 cm2/s, c) Comparison of sim-
ulated and measured spectra at given times.

Figure 5.10: Results for best fitting simulation as in fig. 5.9.
a) Ga distributions over time, ω(z) b) Diffusion potential, M ,
c) j.

In figs. 5.9 and 5.10 different quantities associated with the ξh = 2 simulation are
plotted. In fig. 5.9 a) the full measured spectra is shown for different times in a color
plot. The peak positions for the pure phases are shown as white dotted lines. In fig. 5.9
b) the full spectra of the best fitting simulation for ξh = 2 is shown. fig. 5.9 c) compares
simulated and measured spectra for different times, i.e. slices through the color-maps at
different times. The Ga-rich peak can be seen to be less intense than the In rich peak,
simply since less Ga is present in the film. Although the overall displacement of the
Ga-rich peak to lower energies is nicely reproduced, the measured spectra shows a wider
Ga-rich peak which may be associated with less steep gradients inside the film or with the
influence of crystallites’ sizes, which also determine the width of EDXRD peaks. Also,
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the simulated In-rich peak is seen to change position more strongly than the measured
one.

Composition and Thermodynamics

The fig. 5.10 a) to c) show the Ga content ω, the diffusion potential M and the gallium
flux j, respectively. As expected, the gallium content starts from the initial distribution
in which both phases are pure. Then, the interdiffusion sets in and the distribution
starts homogenizing until the process comes to a halt long before total intermixing is
achieved. That the process really is in a steady state can be seen from figure b). The
diffusion potential starts of with a clear step, decreasing towards the In-rich layer and
thus indicating Ga diffusion into this layer. However, at the same time as the Ga content
approaches the steady state the diffusion potential flattens out, its gradient approaching
zero, ∇M = 0. Because of j = −∇M , this is also reflected in the rapidly decreasing flux
in figure c), which is plotted on a logarithmic scale for better visibility.

Figure 5.11: Results for the optimal simulation as in fig. 5.9: The Gibbs free energy g, the enthalpy h, the entropy-related
energy Ts and the elastic energy g,σ are shown in a) to d), respectively (see eq. (4.38)). All are shown per atom of diffusing
species.

Figure 5.11 a) to c) shows the Gibbs free energy density per atom and its constituting
components: the enthalpy and the energy term Ts (the heat) associated with the entropy
of the system and the strain energy density contribution from eq. (5.41). As before, the
Gibbs free energy density is zero everywhere at the beginning because the phases are pure
and homogeneously intermixed - so the energy gain by intermixing is zero. The diffusion,
driven by an initially present gradient of the diffusion potential, leads to a mixing of phases
around the phase boundary in the beginning where the Gibbs free energy is most reduced.
As seen in fig. 5.11 b) and c), the entropic energies absolute value exceeds the value of the
enthalpy per atom, but with both values being close to each other as expected from the
dynamics map fig. 5.8. This is because the optimal simulation is in the parameter regime
where critical compositions ω̃ exists at which both terms, entropyic energy and enthalpy,
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are equal. See eq. (B.23). The mixing enthalpy is positive everywhere which implies
that the process of intermixing is endothermic, requiring a supply of energy. Also the
strain energy shown in d) is positive everywhere and increasing during the process which
indicates that elastic energy builds up. However, the energy release caused by intermixing
due to the change in entropy is enough to deliver the required energy to produce some
intermixing. Furthermore, g diminishes over time, as required by the thermodynamics of
irreversible, spontaneous processes in closed systems: dg′ ≤ 0.

Elastic Quantities

Figure 5.12 shows different quantities related to the elastic deformation of the material.
In a) the compositional eigenstrain εC , eq. (5.5), is depicted which is the strain that has to
be exerted on the material to transform it from the reference to the stress-free state. This
is why the eigenstrain is not 0 at the onset of the interdiffusion: the initial state is defined
to be stress-free at the initial compositions, while the reference state is determined by the
reference composition, both being unequal in general. In the beginning the eigenstrain
has a step-like form, corresponding to the initial differences in composition over the layer.
Furthermore, it also is negative in the Ga rich layer because there ωGa = 1 > 1/2 = ω′Ga
and because Ω̄′ < 0. That is, the Ga-rich reference layer has to be compressed to match
the stress-free state (which contains less indium and is thus smaller). On the other hand,
in the indium-rich layer εC is positive, since ωGa = 0 < 1/2 = ω′Ga. And so a tensile stress
has to be exerted. The eigenstrain then diminishes in both layers over time, keeping
its step-like form. This is because the Ga content diminishes in the Ga-rich and the In
content rises in the In-rich part, thus reducing the compositional eigenstrain relative to
the reference state.

Figure 5.12: Results of optimal simulation. The compositional eigenstrain, εC , the in-plane stress, σ‖, the out-of-plane
stress strain, εσ⊥ and the in-plane stress-strain, εσ‖ are shown in a) to d), respectively.

Figure 5.12 b) shows the in-plane stress σ‖ and d) the stress-strain εσ, which directly
determines the stress according to eq. (5.17). Initially, both vanish everywhere because
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εσ precisely measures the difference between the initial and the stress-free state, which
in the beginning are equal. In the Ga-rich layer compressive stresses then start to form
because bigger In atoms are incorporated which leads to diminishing Ga content and
increasing volumes. To keep the in-plane displacement at its initial value, the layer has
to be compressed and the stress is thus negative. Conversely, for the In-rich part tensile
stresses develop because smaller Ga atoms are incorporated and the stress-free volume
of the layer shrinks, resulting in tensile, or positive, stresses that return the layer to its
initial extension.

In fig. 5.12 c) the out-of-plane strain, εσ⊥, is shown, that is the strain that influences
the lattice spacings in out-of-plane direction due to the effect of the in-plane stresses.
Specifically, this effects the d112 lattice spacings which are measured via X-ray diffraction
at the lattice and shown in fig. 5.13. Generally, εσ⊥ is the strain that has to be exerted on
the stress-free state to transform it to the stressed state. Initially being zero everywhere
because no stresses are present in the beginning. With ensuing interdiffusion, it rises in the
Ga rich part thus enlarging the out-plane distances. This is not surprising since the Ga-
rich layer is compressed in in-plane direction and must thus expand in the perpendicular
direction (the Poisson’s ratio is positive, after all). Conversely, in the In-rich layer the
out-of-plane spacings diminish because of the tensile in-plane stress. This directly effects
the simulation of EDXRD peaks with negative out-of-plane strain leading to increasing
diffraction energies and vice versa.

Figure 5.13: The d112 lattice spacings are shown: a) For the
case in which only compositional eigenstrains are considered,
i.e. the system is in the stress-free state, d0112. b) For the case
in which ε⊥ is considered, dσ112.

In fig. 5.13 a) and b) the 112 lat-
tice spacings without stress, d0

112 and con-
sidering stresses, dσ112, are shown respec-
tively. Initially both are equal but with
ensuing interdiffusion dσ112 > d0

112 in the
Ga rich layer because of the tensile out-
plane stress-strain and conversely in the
In-rich layer. Bigger lattice spacings re-
sult in reduced diffraction energies, ac-
cording to the Bragg relation, and vice
versa. Considering the stress-strain in
out-of-plane direction leads to the peak-
positions to approach each other faster
than without stress-strain. The conver-
gence of the diffraction signals seen in
fig. 5.9 b) is thus a superposition of two
processes: a) The homogenization of the
composition throughout the film which ho-
mogenizes also the d112 lattice spacings and
b) the effect of the stress-strain which ac-
celerates the convergence further.

Model Deviations

Although the model presented here achieves
a better qualitative match between simu-
lation and measurement, the prediction of
rather high in-plane stresses as in fig. 5.12

b) on the order of the yield stress (which is roughly at 1 GPa, see appendix A) indicates
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that the process is not yet understood sufficiently. This deviation may be related to phys-
ical effects that were omitted during the simulations like influences by the microstructure
- such as grain boundaries, lattice misfits, dislocations or lateral inhomogeneities - as well
as to influence of vacancies on the diffusion process which is yet unaccounted for.

Also, the anisotropy of the material is neglected although CIGSe crystallizes in the
tetragonal crystal structure and is thus anisotropic.138,139 This anisotropy generally leads
to complicated average values for the material parameters which then depend on the
direction inside the crystal.105 The EDXRD measurement only probes crystallites with the
112 plane oriented parallel to the sample surface. The Young’s modulus in 112 direction -
95 GPa for CGSe and 77 GPa for CISe as calculated by Voigt and Reuss methods105 from
the elastic coefficient tensor[138, 139] - is thus somewhat larger than the mean Young’s
modulus (≈ 70 GPa) used for the modeling.

Furthermore, the surface and the interfaces of the thin-film are expected to exhibit
roughness106 leading to the Ga gradient not being parallel to the normal of the 112 planes
probed by the EDXRD measurement. This might result in an overestimation of the calcu-
lated out-of-plane strain on the 112 peak positions. Also, the elastic material parameters
may be different at grain boundaries in comparison to their bulk values. However, because
the volume of grain-boundaries is much smaller than the bulk volume, this influence may
be neglected in a first approximation.

If the stress becomes so large that it induces microstructural changes such as grain
boundary migration or formation of dislocations, i.e. plastic deformations take place, then
numerical predictions will be strongly influenced by this. This line of thought is pursued
in chapter 6 and the effect of diffusional creep due to vacancy diffusion and as a possibility
of plastic deformation is examined.

5.3 Stress Diffusion Model in CISSE

5.3.1 Summing Up

The equations used to simulate stress-dependent interdiffusion in CISSe are largely identi-
cal to the ones presented in section 5.2.1. The composition ω is taken to measure the SES,
that is the amount of Se that diffused into the film. The reference state is at the phase
with equal amounts of Se and S, that is ω′ = 1/2 and for the molar volume: ΩS < ΩSe

and thus Ω̄′ = ΩS −ΩSe < 0. M = µS − µSe is the diffusion potential for the exchange of
an Se with an S atom and j the selenium flux into the thin-film. The diffusion equation is
then the same as given in eq. (4.6). In this experiment the incorporation and subsequent
in-diffusion of Se into the thin-film is simulated and so the boundary conditions are dif-
ferent from the CIGSe case. Each Se atom that enters the crystal through the front-layer
is expected to replace an S atom which leaves into the gas-phase.

As argued already in section 4.3 and appendix C.1 the amount of Se offered to the front
of the film from the gaseous phase is more than enough to replace the Se atoms diffusing
deeper into the film. Because of this, the assumption of a constant composition at the
front-layer throughout the process is again taken with ω = ω0 = 0.9 there and ω0 = 0.0
otherwise. At the front of the film a total absorbing boundary condition, resulting in
constant composition, and at the back a no-flow boundary condition are then employed,
as usual.
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5.3.2 Measurement and Simulation Results

Parameter Search

A parameter set (D?, E, ξh) is chosen (with all other parameters according to appendix A)
and the diffusion equations are numerically solved with the appropriate boundary condi-
tions until a steady state is reached. For each time-step an EDXRD spectrum is calculated.
Using SA these spectra are then compared to the measurement to find some best-fitting
diffusion coefficient D? for each combination of Young’s modulus and enthalpy factor
probed. Note that the calculated spectrum, in contrast to the stress free case, is directly
influenced by the stress-state. This does not only change the diffusional dynamics but
also directly influences the lattice spacings, particularly the d112 spacings that produce
the EDXRD signal.

Figure 5.14: Measure of dissimilarity δE between simulated
and measured EDXRD peaks (see eq. (3.25)) for ξh ≡ 1 and
for different E. Best simulation at E = 100 GPa, D? =
5.3 · 10−13 cm2/s.

Figure 5.15: Measure of dissimilarity δE between sim-
ulated and measured EDXRD peaks (see eq. (3.25)) for
E ≡ 71.7 GPa plotted over different ξh. Best simulation
at ξh = 1.2 and D? = 7.2 · 10−13 cm2/s.

As in the previous section on CIGSe the Young’s modulus and the enthalpy factor
are tuned to find an optimal simulation to the measurement depicted in fig. 3.4. Results
of the parameter searches are shown in figs. 5.14 and 5.15. The search and calculation
of the dissimilarity for a given parameter combination is performed as in section 3.2.4,
with the full spectra being compared, not only maximal peak positions, see eq. (3.23).
Furthermore, during the fitting process only the measurement between times 0 min and
5 min is used while figs. 5.14 and 5.15 show the dissimilarities determined considering the
whole measurement (see section 4.3.2). This is done so as to ensure that the model is not
overfitted and checked against data that was not used during fitting itself.

SA is used to find optimal time transformations (shifting and stretching) resulting in
a best match between simulation and measurement. The resulting time transformation
then defines the diffusion coefficient D? that, in turn, leads to a simulated spectra that
best fits the measurement, given the model adopted here. Repeating this for each pair
of (E, ξh), figs. 5.14 and 5.15 are obtained with the diffusion coefficients stated in the
captions being the one for the simulation with minimal dissimilarity, indicated by the
vertical lines.

Figures 5.16 and 5.17 show the dynamics maps of the CISSe diffusion equation over E
and ξh, respectively. The derivation of these maps is detailed in appendix B. From these
figures the steady-state composition and distribution of Se and S in the thin-film can be
read off for different E and ξh. The interpretation of these plots is equal to what was said
in the previous section on interdiffusion in CIGSe. In both plots the parameter values
leading to best-fitting simulated EDXRD spectra are indicated by vertical black lines.
In fig. 5.17 the optimal enthalpy factor value is seen to lie just outside the range where
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critical points become important - i.e. where compositions ω̃ exist for which M0
,z(ω̃) = 0,

these solutions ω̃ are indicated in the plots as black dotted lines. The optimal parameter
values found in figs. 5.16 and 5.17 lead to roughly equal compositional equilibrium values
(the intersections of the solid black line with the solid red and brown lines). The critical
points in fig. 5.17 lie at lower compositional values than in fig. 5.8 and so the dynamics
for diffusion under stress in CIGSe and CISSe can be expected to differ.

The results of the fitting process are a best-fitting Young’s modulus of E = 100 GPa
for ξh ≡ 1 and an optimal ξh = 1.2 for E = 71.7 GPa. Both sets of parameters are actually
reasonable predictions (especially the Young’s modulus is closer to measured values than
the one determined for CIGSe) and simulations resulting from both parameter sets look
quiet similar, as expected. In the following the figures for the simulation with ξh = 1.2
and E = 71.7 GPa are shown. One decisive difference however is that in the simulation
with E = 71.7 GPa the maximal compressive stress (see fig. 5.20) is around 1 GPa lower
(but still higher than the yield stress) than for the best simulation with E = 100 GPa
(not shown). This is because the lower Young’s module naturally results in lower stresses
if the strains are similar. That the strains are similar is just a consequence of the steady
state Se distributions being similar, too.

Figure 5.16: Dynamics map for CISSe over E. The red,
green and blue curves are the steady-state compositions in
the left, right and their average, respectively. Best fit to
experiment at E = 100 GPa indicated by vertical line. See
appendix B.

Figure 5.17: Dynamics map for CISSe over ξh. The red,
green and blue curves are the steady-state compositions in
the left, right and their average, respectively. Best fit to
experiment at ξh = 1.2 and E = 71.7 GPa indicated by
vertical line. The black dotted curves are the critical points
where M0

,z = 0.

Best-Fitting Simulation and Spectrum

The EDXRD spectra for the best fitting simulation with ξh = 1.2 is shown in fig. 5.18 b)
and the measured spectra is depicted in a). Figure 5.18 c) shows intensities over diffraction
energies for the measured and simulated spectra for different process times. As in the
stress-free case, initially there is one S 112 reflex visible in the measurement, appearing
approximately at the diffraction energy expected for pure CIS at process temperature and
under stress-free conditions, as assumed initially. The measured S 112 reflex then declines
in intensity while remaining at the same diffraction energy. That the peak remains at the
same energy shows that for some time layers with a pure CIS composition persist inside
the film. The total thickness of those layers gradually declines, which leads to diminishing
absolute intensities for this peak. At the same time a diffraction reflex appears at lower
diffraction energies relative to the pure CIS peak and separated from it by a gap in
diffraction energies. This indicates that interdiffusion leads to intermediate compositions
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inside the film, with some compositions close to the pure state not being present and
hence to a gap in EDXRD diffraction signals at those specific energies pertaining to those
missing compositions. This behavior hinds at the step in S-composition being consumed
instead of flattening out homogeneously. This means that the initial jump in composition
close to the film’s front does not flatten out gradually but is shifted over time towards
the back contact of the film. This leads to some compositions close to the pure CIS state
not being present inside the film and thus to the missing EDXRD diffraction signals. See
fig. B.3 d) for an example of such behavior visible in a simulation that only comprises
entropy and enthalpy with a relatively high enthalpy-factor value in CIGSe.

Figure 5.18: a) Color coded photon intensities over time
showing the EDXRD spectra recorded during selenization
of CISSe, b) Simulated EDXRD spectra for the best fitting
solution as in fig. 5.15, c) Comparisson of simulated and mea-
sured spectra at given times.

Figure 5.19: Results for the best simulation indicated in
fig. 5.15, a) Se distribution ω for different times, b) diffusion
potential M c) Se flux j.

The simulated spectra for the best fitting simulation shown in fig. 5.18 b) reproduces
the steady state behavior of the measurement fairly well. The simulation predicts one
peak to survive which ultimately lies close to but not exactly at the diffraction energy of
a pure CISe 112 peaks, as is also seen in the measurement. This is in contrast to what the
simulations for Fickian diffusion implied in which a homogeneous, nearly pure CISe phase
forms throughout the thin-film. However, the initial and intermediate behavior of the
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simulation still does not match the measurement very well. Particularly the way in which
the CIS 112 peak diminishes and the Se rich CISSe 112 peak forms is not reproduced.
This is because the initial compositional jump does flatten out, as expected for entropy
driven interdiffusion, but is not consumed and so layers with intermediate compositions
are present during the simulations. Furthermore, the interdiffusion reaches the back of the
thin-film relatively fast, leading to pure CIS layers not being present anymore and so to the
simulated 112 peak approaching lower diffraction energies, in contrast to measurements.

Composition and Thermodynamics

The simulation results for the Se distribution, the diffusion potential and the Se flux
corresponding to the optimal simulation are depicted in fig. 5.19 a) to c). The selenium
is initially absent inside the film and then gradually increases until it reaches the steady-
state distribution and does not change with time anymore. This steady state is reached, as
in the case for stress-influenced interdiffusion in CIGSe, although an Se gradient remains
inside the film. The diffusion potential starts with a rather sharp gradient corresponding
to the initial Se distribution. Its positivity reflecting the fact that it is the energy needed
for exchange of an Se with an S atom, i.e. for adding sulfur. Since the film is initially
full of sulfur, putting more into it would certainly cost energy. The diffusion potential
then, during the course of the interdiffusion, flattens out until it becomes homogeneous
throughout the thin-film; showing that a steady-state is reached, indeed. Its spatial
gradient thereby vanishes and consequently the flux reduces significantly. The flux also
flattens out, diminishing over several orders of magnitude. This is, formally, the same
behavior as found for the interdiffusion in CIGSe incorporating stresses. Although the
Se distribution is not homogeneously flat, the diffusion process ceases and leaves a non-
homogeneous elemental Se distribution in equilibrium.

In fig. 5.20 a) - d) the different quantities associated with the stress-state and defor-
mation of the material are shown. The compositional eigenstrain shown in a) is again
non-zero at the onset of the process because it is measured with respect to the reference
state which is not equal to the stress-free, or initial-state of the system. The reference
state lies at a selenium composition of ω′ = 1/2 and a vanishing initial Se composition
thus leads to negative compositional eigenstrains throughout the layer.

Elastic Quantities

The in-plane stress strain εσ‖ is initially zero because the initial state is equal to the stress-
free state of the material and then starts to evolve. Because the molar volume of Se is
bigger than the S volume, the layers have to be compressed in order to keep them at the
same initial expansion. Because of this a compressive stress has to be exerted upon them.
This compressive strain, in turn, is caused by a compressive stress acting on the layer as
shown in b). The in-plane stress vanishes initially and always at the front layer which
is because of the constant-composition boundary conditions at the front. Thus the front
composition is always equal to its initial composition, thus always relaxed. The total
in-plane stress thereby reaches values around −2 GPa which are double the yield-stress
of the material.

The out-of-plane stress strain shown in c), εσ⊥, directly influences the simulated spectra
since it acts on the d112 lattice plane spacing. Because the stress acting on the thin-film
is everywhere compressive, the corresponding out-of-plane strain εσ⊥ is positive and so
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Figure 5.20: Results for the optimal simulation as in fig. 5.15. The compositional eigenstrain, εC , the in-plane stress, σ‖,
the out-of-plane strain, εσ⊥ and the in-plane stress-strain, εσ‖ are shown in a) to d), respectively.

tensile in nature. The layers are compressed in in-plane direction which leads to out-of-
plane expansion. This expansion in the lattice plane spacings is visible in the spectra by
a shift of diffraction reflexes to lower energies.

So, again, the peak evolution shown in fig. 5.18 towards lower energies is a super-
position of two processes. One is the interdiffusion process of Se and S which by itself
replaces smaller S atoms by larger Se atoms and thus enlarges the unit cells leading to
lower overall diffraction energies. On top of that, the compressive stresses acting on the
layer compresses unit cells in-plane and expands them out-of-plane, making the d112 lattice
spacings even bigger and shifting diffraction peaks to even lower energies.

5.4 Discussion

In this chapter the diffusion equations for diffusion influenced by entropy, enthalpy and
stress were developed. The such developed equations were then used to reproduce, as
best as possible, the EDXRD spectra recorded during the selenization experiments of
CISSe and CIGSe. The results show that the key features that stand out from the
measurement can be better reproduced by this approach than by Fickian diffusion models.
Namely the stop of interdiffusion is reproduced for both materials, leading to better
qualitative agreement. Also, at least for the case of CISSe, even the Young’s modulus
is reproduced quiet well from the comparison of simulation and measurement. Also the
determined tracer diffusion coefficients are within the range of previously reported values,
see section 4.1.3 for comparison. But still some deviations remain to be scrutinized.
For example the development of relatively high stresses predicted by the simulations.
That thin-films can withstand stresses much higher than their yield-stresses is sufficiently
known.140,141 However, this may not be the case for the high process temperatures that
are encountered during the measurements conducted for this thesis. Furthermore, the
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course of development of the EDXRD peaks during interdiffusion in the CISSe case is not
reproduced very well. During the simulation the initial compositional step does flatten
out in the simulations which does not fit observed behavior very well.



Chapter 6

Creep and Interdiffusion

No real-life crystalline material will exhibit a perfect crystal structure. Depending on the
specific material in question and the temperature and pressure of the specimen, there

exists a staggering number of possible imperfections, structural and compositional, that
can be present and that can change the electronic- as well as the elastic properties.
Furthermore, these imperfections can develop a life on their own: Being created or

annihilated, migrating through the structure and interacting with other imperfections and
internal stress-fields. These interactions can lead to plastic deformations by creep, even
in polycrystalline thin-films under internal stresses much below the yield-strength. They
can also lead to the reduction of stresses inside the material. Two types of imperfections
that are known to interact with diffusional processes and that are present in chalcopyride

semiconductors are analyzed in the following chapter: Vacancies and dislocations.
Empty lattice sites within the crystal structure, so called vacancies, serve not only as

primary diffusion paths for the interdiffusing species but can be created and destroyed at
surfaces, grain-boundaries and dislocations of the system, fundamentally changing
diffusional dynamics. The volume changes accompanying vacancy generation and

annihilation then changes the stress-state of the system which directly influences the
interdiffusion process. This chapter introduces vacancies and dislocations in the diffusion

model and analyzes the expected effects on the diffusion process that follow from their
interaction. As before, the first section, section 6.1, introduces the theoretical framework
necessary. In sections 6.2 and 6.3 the such developed interdiffusion models are applied to

the CIGSe and CISSe materials and in section 6.4 the most important findings of this
chapter are recapitulated.
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6.1 Theory Bites

Solid materials that are subject to stress at high temperatures can undergo a huge variety
of deformations in response.68,67 Generally, if the stress is developing internally and is
not constantly applied, e.g. by a load, then these deformations will lead to a reduction
of stress inside the material and thus to a reduction of elastic-strain- and total energy
density. Because the processes regarded so far are happening at high temperatures and
the models used in the previous chapter predicted relatively high stresses, the thin-film
can be expected, under certain conditions to be discussed further below, to undergo such
deformations.69,142,143 As discussed before, a decrease of internal stress leads to a relax-
ation of the restoring force on the diffusion couple and thus to continued interdiffusion,
according to the diffusion theory outlined in section 5.1. This in turn means that the
incorporation of the dominant processes of plastic creep deformation into the diffusion
model, additionally to elastic ones, might fundamentally change the predicted composi-
tional profiles throughout the thin-films and thus have important consequences on the
final electronic and mechanical properties of the film. This section will briefly introduce
creep deformations and present arguments as to why creep deformations are an important
class of processes that occur during and couple to diffusional processes.

6.1.1 The Case for Creep

Definition of Creep

If a given material, after being subjected to some cyclic change of applied stress or tem-
perature, returns to its initial state of strain, then the deformation it experienced is said
to be an elastic one, otherwise it is a plastic deformation.67 If the inflicted deformation is
recovered only partially, then the recovered portion defines the elastic part of the deforma-
tion and the remaining is the plastic deformation. Up to this point, plastic deformations
that occur during the interdiffusion-processes in thin-film were only implicitly considered
in this work. This was done in the form of the net volume transport that generally accom-
panies processes of interdiffusion. As presented in eq. (5.5) this is because the diffusion
couples that are investigated, Ga and In and Se and S, exhibit differing partial atomic
volumes. For this reason interdiffusion of those elements generally leads to a net volume
change, i.e. to a deformation of the crystal lattice. Since this is an irreversible process
it is, by definition, also a plastic one. However, because of the thick substrate and the
elastic deformation it inflicts on the thin film, as was explicitly analyzed in section 5.1.4,
this plastic deformation is canceled out in in-plane direction while the film is attached to
the substrate, leading to the formation of in-plane stresses.

At first glance, connecting volume transport by interdiffusion and the concept of plas-
tic deformation may seem unconventional since it is explicitly not meant to imply that
the material exhibits yield stress values, which is often related to the term plastic de-
formation. However, solid materials, especially crystalline and polycrystalline ones, can
experience a wide variety of plastic deformations that occur well below yield stress values
if they are held at elevated temperatures relative to their melting point.67 This homolo-
gous temperature∗ lies between 0.5−0.6144 for the interdiffusion processes and compounds
analyzed in this thesis, which is rather high. Such processes, plastic deformations below
yield stresses, are generally combined under the term creep.142 Interdiffusion is a process

∗The relative value of actual material- to melting point temperature is called the homologous temper-
ature.
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that happens only under high enough temperatures so that the migration of atoms via
lattice vacancies is activated and so that enough vacancies are present in order to furnish
a diffusion path through the film. In this way, thermally activated interdiffusion of dif-
ferently sized elements can readily be interpreted as contributing to a generalized creep
deformation of the film, as done by Svoboda et al..75∗

Creep Deformation Processes

Figure 6.1: Schematic representation of slip of an edge dis-
location. The circles are atoms and the connected atoms rep-
resent atomic planes inside the crystal. The disrupted plane
in the middle represents an edge dislocation. The last atoms
on this plane form the dislocation line (if seen from the side)
and the distorted region beneath the dislocation line is the
dislocation core. The shear stress τ and the Burger’s vector b
are indicated. See text for details.

Creep has been studied for many years
for different classes of solid state materi-
als and especially for thin-film and poly-
crystalline materials: For polycrystalline
Cu thin-films,143 Si thin-films145,146,147,148

and also in nano scale structures.149 Also
the modeling of creep processes in thin-
and ultra-thin polycrystalline films that
are free-standing or fixed on a sub-
strate is intensely studied during the last
years.150,151,152,153,69,154 However, there are
many distinct processes that can lead to
creep deformations and a short review is
in order. These processes can be subdi-
vided into those which involve the glid-
ing of dislocations, called dislocation glide
creep, and processes which involve diffu-
sional processes, referred to as diffusional
flow creep (this includes processes of so
called dislocation climb which naturally in-

volve the diffusion of vacancies and thus atoms). Also mixed processes involving simulta-
neous gliding of dislocations and diffusional processes can occur and are generally referred
to as dislocation creep or power law creep.142,67

To get an idea of the process of gliding, imagine an edge dislocation (also screw and
mixed dislocation can glide but are harder to visualize), i.e. the termination line of an
extra half-plane of atoms that is inserted into the crystal111 as shown in fig. 6.1. The edge
dislocation moves or glides on its slip plane under applied shear stresses.67 Even though
the material systems analyzed for this thesis experience an equi-biaxial stress state†,
shear stresses might still develop inside the thin-film on slip planes, grain boundaries or
generally on surfaces that are not oriented normal to the in-plane stresses, in order to
sustain mechanical equilibrium155.140 If the shear stress surpasses a critical value on the
slip plane, the dislocation will start moving along its slip plane (which may change in the
case of screw and mixed dislocations) until it exits the grain or annihilates with another
dislocation.153,67 The edge dislocation and the atomic plane to its right in fig. 6.1 are
drawn closer together by the shear stress τ and so - if τ surpasses some critical value -
the atomic bonding, indicated by the red square, rearranges accordingly. This results in
the edge dislocation appearing to have moved to the right in this case. Dislocation glide

∗Although this kind of deformation is not explicitly dependent on the presence of stresses, which
probably is why it is mostly not considered explicitly in the context of creep.

†I.e., the in-plane components of the stress tensor in any two orthogonal in-plane directions are equal.



6.1 - Theory Bites � 80

creep is expected to dominate creep deformation at relatively high stresses (i.e. stresses
in the order of the yield stress).142,67

At relatively low stresses - relative to the yield strength - diffusional flow creep is
expected to be the dominating creep deformation mechanisms in polycrystalline thin-
films.67,142,156 Diffusional flow creep involves the transport of vacancies through the crystal
from and to sources and sinks under the influence of a (generally) non-homogeneous stress
state. In the classical picture, a crystalline material is subjected to different stresses or
tractions in in- and out-of-plane direction along its surfaces. The surfaces of the material
serve as sinks or sources for vacancies, depending on the actual- and equilibrium number
of vacancies. If the vacancy density at a given surface exceeds the equilibrium density at
this point, then vacancies are destroyed. Otherwise they are created. Vacancy generation
can be pictured inside the bulk material - for example at edge dislocations (and also at
mixed dislocations but not at pure screws) as in fig. 6.4 - or at the surface of the material
as shown in fig. 6.3. If an atom moves from the bulk of the material onto the surface it
leaves behind a vacancy and increases the volume of the system. In the reverse process,
a surface atom moves into the position of a bulk vacancy, thereby decreasing the total
volume by one lattices site. A traction force on the surface (if it is not a pure shear-force)
then changes the work that is needed to move an atom onto the surface and thus changes
the vacancy enthalpy of formation which in turn determines the equilibrium vacancy den-
sity. As discussed further below, a compressive stress increases the formation enthalpy and
reduces the equilibrium vacancy density. This is because the system’s energy decreases as
work is performed against the compressive traction when moving an atom from the bulk
onto the surface. On the other hand, a tensile traction force increases the equilibrium
vacancy density. Keeping different surfaces constantly at different tractions then perma-
nently changes the equilibrium vacancy densities. This introduces a vacancy concentration
gradient throughout the system which leads to the diffusion of vacancies from the places
of relatively high- to places of relatively low equilibrium vacancy concentrations, with a
net flux of atoms moving the opposite way. In consequence, the material shrinks in the
direction of compressive- and expands in the direction of applied tensile tractions. This is
the fundamental mechanism behind diffusional flow creep. In a polycrystalline material,
depending on the path the vacancies and atoms diffuse through the material, Coble and
Nabarro-Herring creep are distinguished.111 The former describing diffusion along grain
boundaries and the latter through the grain. Which diffusion pathway will be dominant
depends mainly on the homologous temperature: For lower temperatures only diffusion
along grain boundaries is thermally activated∗ while for higher temperatures vacancies
become mobile also inside the grains.

Stress Relaxation Via Vacancies

If stresses develop internally, as is the case for the experiments in this thesis, then this
shrinkage and expansion in direction of compressive and tensile stresses respectively will
lead to the relaxation of those stresses. Consequently, also the vacancy equilibrium densi-
ties will homogenize across the material, decreasing the driving force for vacancy diffusion.
This process may furnish a pathway for the reduction of internal stresses introduced by in-
terdiffusion in the first place. The interdiffusion introduces a planar stress that is assumed
to change in magnitude along the out-plane direction z (this is because of the assumed
in-plane rigidity of the thin-film and substrate system in connection with varying degrees

∗That is the enthalpy of migration is small in comparison to kBT along the grain boundaries.
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Figure 6.2: A dislocation line - grey - is shown inside some
volume element. The line represents the termination line of
the extra half-plane - the last line of atoms of the disrupted
atomic column in fig. 6.1. Where the dislocation climbs, the
dislocation line develops a so called jog that either goes up
or down.

Figure 6.3: Vacancy creation and annihilation at the sur-
face of the material. In a) a vacancy approaches the surface
from the left and an atom that resides on the surface jumps
into the site, thus decreasing the number of lattice sites. In
b) the inverse process is depicted. An atom jumps from the
interior onto the surface, thereby leaving behind a vacancy
inside the material. The number of lattice sites has then
increased accordingly.

of interdiffusion in out-of-plane direction). The equilibrium vacancy density will then
also change as function of z. Provided sources and sinks for vacancies are present in each
layer of the thin-film and vacancies are sufficiently mobile, stresses should relax while the
vacancy density approaches its equilibrium value.

Not only grain boundaries and surfaces may be acting as sources and sinks for vacan-
cies, but also edge dislocations and generally dislocations of mixed type.111,67,75 See the
schematic drawing in fig. 6.4. An atom can move into the dislocation line∗ leaving a va-
cancy behind in the bulk. Alternatively, an atom may jump from the dislocation line into
a neighboring vacancy. Those processes introduce a “jog” or notch into the dislocation
line which can be interpreted as a climb, down or up, of the inserted extra half-plane at
the point at which the atom was inserted or removed67 - see fig. 6.2. Dislocation lines
(by edge and mixed dislocations) are known to be present in relative high numbers in
CIGSSe.157,158,159 In CIGSSe these dislocations consist of two kinds of additional 112 half
planes containing either Se and S atoms or Cu, In and Ga atoms. Either one of these kind
of dislocations may then be regarded as a potential source or sink for vacancies in the
case of interdiffusion of Se and S in CISSe and of In and Ga via Cu vacancies in CIGSe.

The different possible sources and sinks for vacancies may be combined within the
framework of a continuum theory to a single parameter: The jog density ρJ .75,74,128 ρJ
can be regarded as a material parameter75 or as a general function of the thermody-
namic parameters.152 In the jargon of creep mechanics, a constant density of dislocations
indicates a stage II- or steady-state creep, which will be scrutinized further below.

Vacancy diffusion will also, independently of the stress state of the material, furnish
another pathway for creep deformation which is known as the Kirkendall effect.160,161 If
the partaking atoms diffuse with differing diffusivities then a net flux of atoms will arise
(note that, in contrast to the previous two chapters, here differing diffusivities and thus

∗I.e. the last layer of atoms of the inserted extra half-plane, also called the dislocation core.
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vacancy dynamics are explicitly considered). I.e., the atomic fluxes are not compensated
anymore across planes normal to their diffusion direction and so more atoms move in
one direction per unit-time than in the other, consequently generating a vacancy flux.

Figure 6.4: Schematic drawing of the climb process at an
edge dislocation. In a) an atom at the termination line of
the extra half-plane jumps into a neighboring vacancy (red
square). The dislocation then “climbed” up one step while
the number of lattice sites inside the region surrounded by the
black square has decreased by one. In b) the inverse process
is shown: An atom jumps into the dislocation core, leaving
behind a vacancy, increasing the number of lattice sites by
one - inside the black square - so the dislocation climbed down
one step. Note that the volume change due to the dislocation
climb happens in the direction of the Burger’s vector (not
shown but equivalent to the vector shown in fig. 6.1) only.

Because each atom can be thought of as
transporting a certain volume through the
crystal this leads to a net volume flux
caused by the interdiffusion. This occurred
even if the partial volumes of the interdif-
fusing species were equal. In extreme cases
this might lead to the accretion of vacan-
cies and the formation of voids in the part
of the material that contained the faster
diffusing species in the beginning. Note,
however, that in the processes exhibiting
void formation binary alloys are usually
used. But in the experiments conducted
here, the system consists of four different
elements (Cu, In, Ga and Se or Cu, In,
Se and S) which form a crystal structure
and of which only pairs of two are sup-
posed to interdiffuse. The remaining crys-
tal structure can then be thought of as an
- at least on average - unchanging matrix
against which the interdiffusion of Se and S
or Ga and In takes place. So, even though
some portions of the material will exhibit
an excess density of vacancies relative to
other parts, voids are not expected to form
easily since this would require local changes
in the density of matrix atoms that are not
directly involved in the interdiffusion pro-
cess and assumed to be homogeneously dis-
tributed. However, the fundamental impli-
cations of the Kirkendall effect are taken
into account if the diffusive transport of
volume through the material and differing
diffusivities are considered.

Summing up: For creep deformations,
especially diffusional-flow creep mecha-

nisms, to be an important player in the sport of interdiffusion in thin-films under stress
development a couple of conditions have to be fulfilled: (1) Vacancies have to be present
and mobile. (2) Dislocations, in general also counting grain-boundaries and surfaces,
have to be present. Considering the relative high temperatures under which the exper-
iments were conducted for this thesis and the consequently activated interdiffusion of
the diffusion couples via the vacancy exchange mechanism, vacancies are surely present
and sufficiently mobile throughout the grains under the given conditions. Also, as shown
elsewhere, many sources and sinks for vacancies are in general present in CIGSSe, allow-
ing for the vacancy equilibrium density to be approached by the actual vacancy density.
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Considering the interaction of vacancies and dislocation during interdiffusion in CIGSSe
thin-films on substrates then might be fruitful and, as far as the author is aware, has not
been done before for this class of materials.

6.1.2 Diffusion Equation and Vacancy Production

Staying in line with the modeling approach taken so far in this thesis, the continuum
approach to diffusion presented in chapters 4 and 5 will be kept as a basis for the model
and expanded to include general jogs, i.e. sources and sinks, for vacancy creation and
annihilation. The expanded theory is developed following previous continuum models
connecting diffusion, dislocations and vacancies.128,75,74

To begin, vacancy generation is incorporated into the diffusion equations for a binary
diffusion couple consisting of species A and B. These are the equations describing the time
evolution of the molar fractions λi∈{A,B,V }, defined in eq. (2.5) as λi = Ni/N . Ni being the
number of atoms of some species i or vacancies and N the total number of lattices sites.
From the law of mass-conservation it was found in eq. (4.8) that for a conserved quantity
inside a volume element W the material time derivative of the lattice-site density ρi of a
given species i depends on the gradient of the corresponding diffusive flux ji and on the
relative volume change Ẇ/W :

ρ̇i = −∇ · ji − ρi
Ẇ

W
. (6.1)

Note that this equation holds for species A and B but not for vacancies since they now
are a non-conserved quantity and can be created and destroyed at sources and sinks.
Assuming that the volume element W is made up from N lattice sites each with a volume
Ω, i.e. W = NΩ, and using that the densities of species i are given by ρi ≡ λiρ, with ρ
being the lattice site density, it is found that

λ̇i∈{A,B} = −Ω∇ · ji − λi
Ṅ

N
= −Ω∇ · ji − λiα. (6.2)

The quantity Ṅ/N is the relative change of the number of lattice sites per unit time and
is in the following called α:

α :=
Ṅ

N
=
ṄV

N
. (6.3)

Because the number of lattice sites inside a given volume can only change if the number
of vacancies is changed, the quantity α can be interpreted as the rate of vacancy genera-
tion. To obtain the evolution equation for the vacancy content, note that in the material
reference frame the diffusive fluxes of all species must add up to zero:∗

A,B,V∑
i

ji = 0. (6.4)

∗This is, in a sense, the defining equation for the diffusive fluxes.
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Summing eq. (6.2) over A andB and using eq. (6.4) and the network constraint
∑A,B,V

i λi =

1 and its derivative
∑A,B,V

i λ̇i = 0, it is found that the diffusion equation for vacancies
reads:

λ̇V = −Ω∇ · jV + α(1− λV ). (6.5)

Given an equation for the vacancy generation α and for the diffusive fluxes, any two of the
three eqs. (6.2) and (6.5) can be used together with the network constraint to calculate the
molar fractions of the material at all times. Furthermore, the fluxes and α will generally
depend on all thermodynamic variables, including the stress σij. Determining the stress-
state of the film-substrate system with possible vacancy generation is the step taken in
the next section.

Note that by tuning α, different regimes of vacancy diffusion can be distinguished. If
α ≡ 0, then no vacancy generation is taking place and the vacancies just behave like a
standard conserved quantity. On the other hand, if it is assumed that enough vacancy
sources and sinks are present as to keep the vacancy content at its equilibrium value at
all times so that: λV ≡ λeqV , then ideal sources and sinks for vacancies are said to be
present.128 From eq. (6.5) and eq. (6.4) it then follows for the associated ideal vacancy
generation rate α̃:

λ̇V = λ̇eqV = −Ω∇ · jV + α̃(1− λeqV )

⇒ α̃ =
1

1− λeqV

λ̇eqV − Ω∇ ·
∑

i∈{A,B}

ji

 . (6.6)

Equation (6.6) then defines the ideal vacancy generation rate. Note that if stresses or
other parameters do not have an effect on the equilibrium vacancy content, then λ̇eqV = 0
and eq. (6.6) simplifies accordingly.

6.1.3 State of Creep and Stress

The volume creation associated with the vacancy generation rate α, which is the basis
for calculating the stress state of the material, can be obtained in the following way:75

Imagine the system being stress-free and undergoing vacancy generation at randomly
and isotropically distributed dislocation jogs according to the rate α, then the change in
eigenstrain is happening isotropically, too. Given that the volume of the system changes
by Ẇ in unit-time then the change in stress-free deformation of the system in a given
direction, i.e. the change in eigenstrain εE, is defined to be:

ε̇E :=
1

3

Ẇ

W
=
ṄΩ +NΩ̇

NΩ
=

1

3
α +

1

3

Ω̇

Ω
. (6.7)

The eigenstrain rate ε̇E can be interpreted as a generalized creep strain rate caused by
dislocation climb. Note that with each vacancy generation/annihilation the system swells
only in the direction of the dislocation’s Burger’s vector,162 see fig. 6.4. Only a stress
component in the direction of this specific Burger’s vector will then change the enthalpy
of formation of vacancies and thus change the rate of vacancy generation. An isotropic
change in eigenstrain can then only be expected in response to a hydrostatic stress, i.e.
a stress which has equal components in all mutual perpendicular directions, and which is
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denoted by

σ ≡ 1

3

∑
i

σii. (6.8)

On the average, vacancies are produced at the randomly oriented∗ Burger’s vectors and
so the material - which is assumed to possess no texture - will be equally affected by the
hydrostatic stress in all directions and so an isotropic swelling can be expected. But if
deviatoric stress components†,

sij ≡ σ − σij, (6.9)

exist then the average effect of the stress on the vacancy generation will deviate from the
effect for only considering a hydrostatic stress. In other words: the vacancy generation
rate depends on the full stress tensor σij and has to be regarded as a second rank tensor,
αij. Equation (6.7) then is the average trace of the strain tensor, εE = 1/3

∑
i ε
E
ii . With

the scalar α given by α ≡
∑

i αii. The full eigenstrain tensor can then be generalized to

ε̇Eij = αij +
1

3

Ω̇

Ω
δij. (6.10)

The equation for the tensor αij has to be determined using non-equilibrium thermody-
namics and is presented in section 6.1.4.

It remains to calculate the time derivative of the lattice site volume, Ω̇. To do this,
the volume of a vacancy has to be adequately defined in order to correctly reflect diffusive
volume changes inside the crystal. Following Svoboda et. al,75 in a system in which
vacancies are produced inside of some volume element and then diffuse out of it, their
partial volume ΩV can be regarded as being equal to the local average volume per lattice
site, Ω (see appendix C.2 for details).

With the total differential for Ω given in eq. (C.13) the time-derivative of the lattice
site volume is easily calculated:

Ω̇ =

A,B∑
k

Ω̄kλ̇k

= −α
A,B∑
k

Ω̄kλk︸ ︷︷ ︸
=0

−Ω

A,B∑
k

Ω̄k∇ · jk

⇒ Ω̇

Ω
= −

A,B∑
k

Ω̄k∇ · jk. (6.11)

In the second line the diffusion eq. (6.2) and eq. (C.25) were used. This result is used to
calculate the change in eigenstrain from eq. (6.10):

ε̇Eij = αij −
1

3

A,B∑
k

Ω̄k∇ · jk = ε̇αij + ε̇jij. (6.12)

∗The orientation of the Burger’s vectors changes for the same kind of dislocation together with the
orientation of the grain the dislocation is in. Averaging the different Burger’s vectors can then be
interpreted as an average over a large number of differently oriented grains.

†Note that any tensor can be disassembled into a hydrostatic and a deivatoric part.
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This equation shows that the eigenstrain changes because of two processes: First, vacancy
generation according to the rate αij, which can be understood as the eigenstrain-rate due
to vacancy generation. The resulting eigenstrain is called εαij. Secondly, the eigenstrain
is determined by the rate of diffusive transport of atoms with differing partial volumes
through the material by the fluxes jk. This strain-rate defines the diffusional eigenstrain
εjij. The first term then represents a diffusional flow creep involving the climb of disloca-
tions or jogs. The second term represents the creep deformation by simple interdiffusion
and reduces to the previously used equation for calculation of eigenstrains, eq. (5.6), in the
case of a vanishing vacancy generation rate∗. Given the fluxes and vacancy production,
eq. (6.12) can be numerically integrated in time from a given initial state to give εEij(t).

The eigenstrain defined by eq. (6.12) is measured relative to the actual volume of
the system. Then, because of the thin-plate being restricted in in-plane direction, the
stress-induced strain εσ must counteract the eigenstrain in in-plane direction in order to
guarantee perfect in-plane stiffness, i.e. ε‖ ≡ 0. This means:

ε‖ = εσ‖ + εE‖ = 0⇒ εσ‖ = −εE‖ (6.13)

ε⊥ = εσ⊥ + εE⊥ = − 2ν

1− ν
εσ‖ + εE⊥ =

2ν

1− ν
εE‖ + εE⊥. (6.14)

The equation for εσ⊥ follow from eq. (5.16) and εE‖ and εE⊥ denote the in- and out-of-plane

components of the eigenstrain, eq. (6.12). In contrast to the previous treatment those
eigenstrain components are now generally different if a deviatoric stress state is present.
From the stress-strain εσ follows the in-plane stress:

σ‖ =
E

1− ν
εσ‖ = − E

1− ν
εE‖ . (6.15)

The stress can then be calculated given the eigenstrain as solution from eq. (6.12).
Finally, the hydrostatic and deviator stresses are calculated according to eqs. (6.8)

and (6.9). The geometry of the system is unchanged and so there are only two independet
in-plane stress components and the out-of-plane stress is identical 0. So a short calculation
reveals that:

σ =
1

3

∑
i

σii =
2

3
σ‖ (6.16)

s‖ = −1

3
σ‖ (6.17)

s⊥ =
2

3
σ‖. (6.18)

So, clearly, a deviatoric stress is present in the system under scrutiny here and the full
vacancy generation tensor has to be used.

6.1.4 Fluxes and Vacancy Generation

Having found the diffusion equations and the solution to the mechanical elasticity problem,
determination of the fluxes and the vacancy generation rate are in order. In eq. (4.13) and
section 4.1.4 the phenomenological equation determining the fluxes as linear functions of

∗This can be seen by re-inserting the diffusional flux from eq. (6.2) into eq. (6.12), setting α = 0 and
performing the time integration.
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the gradients of the chemical potentials, i.e. jk = −
∑

i Lik∇µi, were merely postulated,
as is customary, on the basis of experimental experience.86 However, this approach is not
very helpful in guessing a constitutive relation for αij. That another constitutive relation
has to be set up at all is a consequence of the total number of lattice sites of the system
not being a conserved quantity anymore. The derivations are somewhat tedious and the
basic ideas are presented, mostly according to Svoboda et al.,128,75 in the appendix C.5.

This results in the phenomenological equation for the diffusive fluxes and in an equa-
tion for αij:

162

jk∈{A,B} = −
∑
i

Lik∇Mk (6.19)

αij = ε̇αij = − 1

3K

µV
Ω
δij +

2

15K
sij = ε̇µij + ε̇sij. (6.20)

The quantities εµij (proportional to µV ) and εsij (proportional to sij) are the homoge-
neous and deviatoric eigenstrains due to vacancy generation, respectively. The equation
for αij is further scrutinized below.

The equations for the fluxes derived from non-equilibrium thermodynamics then are of
the same form as the previously postulated ones, as should probably be expected. The Lik
are the phenomenological coefficients and the Mk are the diffusion potentials for species
k which follow from the same approach and which, together with the diffusion potential
for vacancies µ0

V are analyzed in the next section, section 6.1.5.

The phenomenological coefficients are given as

Lik = Akδik −
AiAk∑A,B,V
j Aj

(6.21)

Ak∈{A,B} =
λV λkD?k
λeqV ΩkBT

(6.22)

AV = − 1

1− fV

A,B∑
k

Ak. (6.23)

Note that in previous chapters cross-terms Lik with i 6= k were omitted while here they
are generally non-zero. D?k is the tracer diffusion coefficient for species k, given as in
eq. (4.12). λeqV is the equilibriums vacancy concentration, determined in section 6.1.6.
The parameter fV is the vacancy correlation factor163 which, broadly speaking, measures
the likelihood that a vacancy, once it exchanged places with an atom, will return to that
same lattice site and so, on average, will not have moved at all. Such correlations arise
out of different reasons, e.g. because after an atom-vacancy exchange having happened,
the atom and vacancy will still be close by and so the probability of a re-exchange is
higher then if the vacancy was not around. Also an effect called vacancy wind influences
the correlation factor. This is thought of as a process in which the faster diffusing species
causes a flux of vacancies to diffuse in the opposite direction, called the vacancy wind.
The vacancy wind hampers diffusion of the fast species, an effect captured by the factor
fV .85,164,163 In the following simulations a constant f = 0.78 was used.163

The eqs. (6.21) to (6.23) are standard relations that do not hold new information
about interdiffusion and have, in one form or another, been used at least since Manning
introduced them in 196885 on the grounds of a very detailed analysis of the correlations of
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jumps between atoms and vacancies on a shared crystal lattice.∗ Furthermore, eqs. (6.21)
to (6.23) reduce to the correct relations for vanishing vacancies, eqs. (4.14) and (4.16).
To see this, the vacancy content is set equal to the vacancy equilibrium content λV ≡ λeqV ,
the correlation factor fV is approaching 1 and the tracer diffusion coefficients are set
equal D?A ≡ D?B. Also, the vacancy chemical potential is then identical 0, see eq. (6.25),
and so Mk = µk − µV ≡ µk. Then only LAA and LBB are non-zero. From the Gibbs-
Duhem relation, eq. (4.22), it furthermore follows that for two species without vacancies:
µA,z = λBM,z. Taking all this together then reproduces the standard relation for the
phenomenological coefficient for interdiffusion of two species without vacancies, eq. (4.16).

Let’s analyze the vacancy generation rate: eq. (6.20). First note that the vacancy
generation rate α follows immediately as:

α =
∑
i

αii = − µV
KΩ

. (6.24)

This is the scalar vacancy generation rate used in the diffusion eqs. (6.2) and (6.5).
Furthermore, µV is the chemical potential of vacancies, discussed in detail in sec-

tion 6.1.5, and µV /Ω constitutes the thermodynamic driving force for vacancy generation.
On very general terms, µV can be written in the following form:162,112

µV = kBT ln
λV

λeqV (σ)
. (6.25)

The chemical potential of vacancies then changes with the hydrostatic stress of the system
and, in a nutshell, measures the deviation of the vacancy content from its stress-dependent
equilibrium value, λeqV , vanishing if both happen to coincide.

To build intuition, imagine an isotropic crystal with λV = λeqV in the beginning. Then
a hydrostatic compressive stress is switched on, changing the equilibrium vacancy content
and reducing it λeqV < λV . From eq. (6.25) it is easily seen that in that case: µV > 0
and then the first term in eq. (6.20) is negative. This then indicates a shrinking of the
material, which is expected since λeqV < λV means that vacancies have to be annihilated
to approach the equilibrium content, thus decreasing the volume.

K in eq. (6.20) is the bulk viscosity, determining the material rate of deformation in
response to the driving force. The first term in the equation for αij, ε

µ
ij, then determines

the isotropic volume change of the specimen because of vacancy generation. The term
containing sij, ε

s
ij, represents the deviatoric strain related to vacancy generation. This

strain is caused by the vacancy generation and thus volume change under the influence
of the deviatoric stress sij along appropriately oriented dislocations.

K depends particularly on an average diffusion coefficient, D, and on the actual density
of jogs inside the material, called ρJ . Both together determine an effective time-scale for
the process of vacancy generation. D determining the average velocity of vacancy diffusion
and ρJ the average distance between jogs. The detailed equations for K and D read:

K =
fVRT

2πDāρJΩ

λV
λeqV

(6.26)

D = fV

 ∑
i∈{A,B}

λi
D?i
− (1− fV )∑

i∈{A,B} λiD?i

−1

. (6.27)

∗That the eqs. (6.21) to (6.23) really do reduce to Mannings relation has been also shown explicitly.165

The relations are considerably different, however, from the classic results on interdiffusion by Darken from
1948,166 mainly because in Darken’s theory LAB ≡ 0.
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The ā is the average lattice site parameter, ā = V
1/3
UC . From eq. (6.26) it is immediately

seen that this kind of diffusional flow creep is activated at the same temperatures as
vacancy diffusion∗ To find details about the derivation of K, see the appendix C.5.

ρJ is a material parameter and will generally change with time.67,152 Creep processes
can be grouped into three distinct stages67 which differ roughly by the behavior of ρJ with
time. During stage I creep the strain rate reduces over time and the micro structure of the
material changes permanently by the increased formation of dislocations, i.e. ρJ increases.
This, analogously to the process of work-hardening, leads to a reduction in strain rate
because of the dislocations hindering each other in their movement impeding further
plastic deformation. In stage II creep, the strain rate and thus ρJ remain constant. This
indicates that the processes of dislocation generation and annihilation, or work-hardening
and recovery, are happening at equal rate resulting in a micro structure that, on average,
does not change. In stage III creep, the creep strain rate starts to increase rapidly until
the material ruptures, e.g. due to the formation of cracks and voids.67,142 For the sake of
simplicity, the following considerations and simulations are based on the assumption that
the material undergoes a stage II creep. That is, the density of dislocations ρJ is assumed
to not change appreciably over time, implying a constant micro structure. In this way, ρJ
becomes the decisive, tunable parameter of the creep deformation processes considered
in this work. The higher ρJ is, i.e. the more dislocations are present, the closer they are
relative to each other and consequently the more vacancies per unit-time can find their
way to or away from them. Specifically, the higher ρJ , the smaller the bulk viscosity K
and thus αij in eq. (6.20) becomes bigger.

To get a rough idea of the numerical value of ρJ a little estimation is in order. Assume
a grain of cubic proportions with side length equal to the film thickness, dF ≈ 1.6µm,
and volume VG = d3

F . All surfaces are, for this rough estimate, assumed to consist of
dislocations capable of vacancy generation. The dislocation cores, the volume where
vacancies are generated, are assumed to have the width of one atomic layer, that is
∆ = V

1/3
UC . Counting the 6 surfaces of the cube-shaped grain the total volume of those

dislocations is given by: VJ = 6d2
F∆. The dislocation density ρ0

J then is:

ρ0
J :=

1

VJ
=

1

6d2
F∆

. (6.28)

For the CIGSe system at the reference state this is: ρ′,0J = 1.4 · 1020 m−3. For CISSe the
value is: ρ′,0J = 1.8 · 1020 m−3. In the following the jog-density will be tuned around the
value ρ′,0J using a factor ξJ , called the jog-density factor:

ρJ := ξJρ
′,0
J . (6.29)

6.1.5 Thermodynamics of Vacancy Diffusion

From the thermodynamical non-equlibrium treatment, presented in the appendix C.5 and
mostly according to Svoboda et al.,128,75 follow furthermore the diffusion potentials Mk

and the chemical potential for vacancies µ0
V introduced in eqs. (6.19) and (6.20):

Mk = M0
k − σΩk (6.30)

µV := µ0
V − σΩ. (6.31)

∗Or diffusion in general. However, because vacancies are assumed to furnish the main diffusion path
this boils down to the same statement.
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This result for Mk is equivalent to what was found in chapter 5 on stress influenced
diffusion in eq. (5.37) assuming elastic coefficients independent of composition and disre-
garding the influence of the elastic energy density on the diffusion potential∗. The second
summand can be interpreted as the work done against the hydrostatic stress σ upon
transporting the average lattice site volume Ω along a distance Ω

1
3 , i.e. along the side of

one unit cell. Note that the Mk depend on the stress via Ωk and µV via Ω. This reflects
that the average volume of an atom of species k is Ωk and that of a vacancy is equal to
the average lattice site volume Ω as scrutinized elsewhere (eq. (C.22)).

M0
k = µ0

k − µ0
V is the diffusion potential without stress, given as the difference of

the stress-free chemical potentials of the diffusing species and a vacancy. The stress-free
chemical potentials are calculated from the stress independent Gibbs free energy density
relative to the reference state, g′,0, according to the same scheme as in section 4.1.5, but
now for 3 diffusing species. Using equivalent steps as before, an analogous relation to
eqs. (4.21) and (4.24) for g′,0 and its total differential are found:

g′,0 ≡
A,B,V∑
i

µ0
i ρ
′
i (6.32)

dg′,0 =

A,B,V∑
i

µ0
i ρ
′
0dλi. (6.33)

Which, under the network constraint λV = 1− λA − λB, transform to:

g′,0 ≡
A,B∑
i

(µ0
i − µ0

V )ρ′i + µ0
V =

A,B∑
i

M0
i ρ
′
i + µ0

V (6.34)

dg′,0 =

A,B∑
i

(µ0
i − µ0

V )ρ′0dλi =

A,B∑
i

M0
i ρ
′
0dλi. (6.35)

This relation then gives the defining equation for the diffusion potentials for the two
independent diffusing species in terms of g′,0:

M0
k∈{A,B} :=

1

ρ′0

∂g′,0

∂λk

∣∣∣
λj 6=k

= µ0
k − µ0

V . (6.36)

If the Gibbs free energy density is given, then the three eqs. (6.32) and (6.36) can be used
to solve algebraically for the three chemical potentials µ0

i∈{A,B,V }.

µ0
A =

1

ρ′
g′,0 + (1− λA)M0

A − λBM0
B (6.37)

µ0
B =

1

ρ′
g′,0 − λAM0

A + (1− λB)M0
B (6.38)

µ0
V =

1

ρ′
g′,0 − λAM0

A − λBM0
B. (6.39)

The Gibbs free energy density g′,0 for the stress-free case remains to be determined in
order to proceed, which is done along the lines of section 4.1.5, see eq. (4.31)111

g′,0 = h′,0 − Ts′. (6.40)

∗The elastic energy’s influence is negligible since it is proportional to σ/E and generally σ � E.
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The entropy s′ is given as the usual entropy of mixing for three species analogous to
eq. (4.37) which, after usage of the network constraint, takes the form:

s′ = −ρ′0kB (λA lnλA + λB lnλB + (1− λA − λB) ln (1− λA − λB)) . (6.41)

The enthalpy h′,0 measures only the change in binding energy and the formulation in
eq. (4.34) according to Xue et al.131 is generalized by replacing ω−→ωA and 1 − ωA−→ωB.
The ωi ≡ λi/(1− λV ) are the compositions given in eq. (2.6). This gives:

e′bind := ρ′0(1− λV )
λAλB

(1− λV )2
ξ(ωA) = (1− λV )ρ′0ωAωBξ(ωA) (6.42)

ξ(ωA) := ξh
(
αω2

A + βωA + γ
)
. (6.43)

This definition then converges to the vacancy-free form, i.e. eq. (4.34) for∗ λV−→0.

6.1.6 Equilibrium Vacancy Content

Last on the agenda is a calculation of the equilibrium vacancy content, λeqV . The stress-free
chemical potential for vacancies is assumed to take the form µ0

V := kBT lnλV + Ef
V . Ef

V

is the stress-free formation energy for vacancies.85,111 Defining λeq,0V := exp(−Ef
V /(kBT ))

as the stress-free equilibrium vacancy content† it is found that:

µ0
V = kBT lnλV + Ef

V = kBT lnλV + kBT lnλeq,0V

µ0
V = kBT ln

λV

λeq,0V

. (6.44)

Using eq. (6.31) together with eq. (6.44) results in:

µV = µ0
V − σΩ = kBT ln

λV

λeq,0V

− σΩ = kBT ln
λV
λeqV

(6.45)

⇒ λeqV := λeq,0V exp

(
σΩ

kBT

)
. (6.46)

Knowing the stress-free vacancy equilibrium content and the stress, eq. (6.46) is then
used to calculate the vacancy equilibrium content under hydrostatic stress conditions.
Compressive stresses, i.e. with σ < 0, apparently lead to a lowered equilibrium content
while tensile stresses raise it accordingly.

A value for the equilibrium vacancy content at zero stress is obtained the following
way: Korhonen et al.113 found Cu-vacancy densities in CIGSe materials around ρVCu ≈
0.5 · 1024m−3 at room temperature. This will be used also as an approximate value
for CISSe. Furthermore, all vacancies will for simplicity be regarded as Cu vacancies‡.
Remembering that there are nCu = 4 Cu lattice sites in any given unit cell, the total

∗And in this form it is homogeneous of degree 1 in the molar fractions λA and λB : e′bind(aλA, aλB) =
ae′bind(λA, λB).

†That this quantity really is the equilibrium vacancy content can be shown by means of an equilibrium
analysis of the process of adding/removing a vacancy from a crystal under stress.111

‡In the cited work Cu and Se vacancies were found whereas the formation energies for Cu vacancies
were lower.
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number of Cu lattice sites in one cubic meter is NCu := nCu/V
UC . So the Cu vacancy

fraction at room temperature then is

λCuV =
ρV V UC

nCu
≈ 0.003. (6.47)

Note that this is measured with respect to the Cu lattice. However, In and Ga and Se
and S diffuse also on their respective lattice sites, containing nL sites, with Cu vacancies
coming on top as additional lattice sites to the interdiffusing atoms. The total number
of accessible lattice sites in a unit cell is then n = nL + nCuλ

Cu
V . The vacancy content

relative to the whole accessible lattice at room temperature then is:

λRTV =
nCuλ

Cu
V

nL + nCuλCuV
=

(
1 +

nL
nCuλCuV

)−1

. (6.48)

The correction given by this is relatively small for small vacancy contents λCuV � 1. To get
a value for the vacancy content at process temperature T , called λeq,0V , the value at room
temperature TR value is taken as reference to obtain the vacancy formation enthalpy under
zero stress, e0

V . The defining relation, along the philosophy behind eq. (6.46), reads:111

λRTV = exp

(
sV
kB

)
exp

(
− e0

V

kBTR

)
. (6.49)

The first factor containing sV , the vibrational entropy change, arises from the oscillation
the atoms perform around their equilibrium positions and is taken as a constant of value
2.111 Equation (6.49) is then solved for e0

V and the result is inserted back into eq. (6.49),
now for temperature T instead of TR, resulting in λeq,0V , the equilibrium vacancy content
at process temperature in a state of zero stress.

e0
V = −kBTR

(
lnλRTV −

sV
kB

)
(6.50)

λeq,0V = exp

(
sV
kB

)
exp

(
− e0

V

kBT

)
. (6.51)

This is then used in eq. (6.46) to calculate λeqV (σ).

6.1.7 Theoretical Summary

Given a formula for the stress-independent Gibbs free energy density g′,0, eq. (6.40),
the stress-independent chemical potentials µ0

k, eqs. (6.37) to (6.39) can be calculated
from which the stress-dependent diffusion potentials Mk and the chemical potential µV
follow, eqs. (6.30) and (6.31). With those at hand, the equations for the fluxes jk and
the vacancy generation rate αij follow from eqs. (6.19) and (6.20). Then the diffusion
eqs. (6.2) and (6.5) can be stated, remembering α =

∑
i αii.

For the numerical solution to a given composition λA/B(z) at a time point tm, first
the generalized eigenstrain εEij is calculated via time integration by the explicit Euler
forward method of eq. (6.12) with the values of αij and jk at the previous time point
tm−1. They are assumed to be zero at t0. The result can be used to calculate the in-plane
stress eq. (6.15) and with that all other quantities needed to state the diffusion eqs. (6.2)
and (6.5). These are then solved by explicit Euler forward integration and give λA/B(z)
at time point tm+1.
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6.2 Creep and Diffusion Model in CIGSe

6.2.1 Summing Up

The setting is similar to what was presented in section 5.2.1. Species A is in the following
taken as Ga and B as In with λV = 1 − λGa − λIn. The compositions are: ω ≡ ωGa =
λGa/(1 − λV ), measuring the GGI, and ωIn = 1 − ωGa. However, in the following the
molar fractions λGa/In are usually shown.

The values used for the system’s parameters are given in appendix A. The parameters
that are going to be used to fit the model are: the average diffusion coefficients of indium
and gallium, D?In/Ga, the Young’s modulus of CIGSe E, the enthalpy factor ξh and the

jog-density ρJ or, equivalently, the jog-density factor ξJ , see eq. (6.29).

The equations are solved numerically, as explained in section 6.1.7, with the usual
no-flow boundary conditions for the Ga- and In-fluxes and a total gallium composition of
ω = 0.27 present at the onset of interdiffusion.

6.2.2 Simulation Setting

Once a set of parameters (E, ξh, ξJ ,D?Ga/In) is chosen, the model is numerically integrated
until a steady-state is reached. The EDXRD spectra is then calculated for different
simulation times as in the previous two chapters, see section 3.2.3. The time axis is then
stretched and shifted around the time point t = 0 min. to find a best fitting spectra
for the particular model and simulation that was calculated. The process is described in
sections 3.2.4 and 4.1.6. The transformed time is given by: t̃ = ft+ s.

For future reference four different parameter sets are defined for which various simu-
lation results will be compared:

(A) : (E = 70.4GPa, ξh = 2, ξJ = 1× 10−5) (6.52)

(B) : (E = 70.4GPa, ξh = 2, ξJ = 1× 10−2) (6.53)

(C) : (E = 70.4GPa, ξh = 2, ξJ = 1× 102) (6.54)

(D) : (E = 70.4GPa, ξh = 1, ξJ = 1× 102) (6.55)

Note that extensive parameter searches were not performed in this chapter. This is
because the explicit Euler method was chosen as numerical method for time integration.
This, with the highly-nonlinear equations solved for this chapter, severely restricts the
size of the time step that can be used for stable integration. An extensive parameter
search then was computationally not feasible in the scope of this thesis. Rather, different
representative simulations were sought after that could highlight the diffusion dynamics
in certain, promising, parameter ranges. E.g., with low jog-densities, (A), no stress reduc-
tion is expected and dynamics should resemble that from the previous chapter 5. With
very high ξJ a rapid stress-reduction is expected. This, according to the dynamics map
fig. 5.8, can lead to two different dynamical situations, depending on the size of ξh. Either,
for low ξh, the system is left without critical-points or steady-states and thus is expected
to homogeneously interdiffuse, (D), while for ξh > 1.7, (C), the diffusion dynamics should
be influenced by the critical points induced by the binding energy and entropy, see ap-
pendix B. And with (B) one simulation with intermediate jog-densities was selected as
additional representative.
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Figure 6.5: a) Color coded photon intensities over time
showing the EDXRD spectra recorded during selenization of
CIGSe, b) Simulated EDXRD spectra for parameter set (A),
c) Comparisson of simulated and measured spectra at specific
times. Diffusion coefficients are: D?Ga = 7.3 · 10−13 cm2/s
and D?In = 2 · 10−12 cm2/s.

Figure 6.6: a) Color coded photon intensities over time
showing the EDXRD spectra recorded during selenization of
CIGSe, b) Simulated EDXRD spectra for parameter set (B),
c) Comparisson of simulated and measured spectra at specific
times. Diffusion coefficients are: D?Ga = 6.3 · 10−13 cm2/s
and D?In = 1.7 · 10−12 cm2/s.

6.2.3 Diffusion Coefficients

Note that although two independent tracer diffusion coefficients are in use now, the time
axis can still be transformed to best fit the measurement. A simulation over time t and
with given D?i , i ∈ {Ga,In}, is then equivalent to a simulation over time t̃ with D̃?i = D?

i /f ,
so both diffusion coefficients are divided by the factor f . This is because in the diffusion
eq. (6.2) there are two summands: The one containing ji, the diffusive flux, and the
other proportional to the vacancy generation rate α. The diffusive flux is, via eq. (6.19),
proportional to the phenomenological coefficients Lki which, via eq. (6.21) and eqs. (6.22)
and (6.23), depend on the Ai coefficients and the tracer diffusion coefficients. With these
dependences in mind it is easily shown that if D̃i = fDi, then j̃ = fj , variables with
a tilde on top signaling that they are evaluated for the D̃i. As for α: it depends via
eq. (6.20) on 1/K which according to eq. (6.26) is proportional to the average tracer
diffusion coefficient D from eq. (6.27). Again taking D̃i = fDi, it is obvious that α̃ = fα.
So f can be factored out from the diffusion equation and be absorbed into the time-scale,
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as claimed. However, the ratio between D̃Ga and D̃In can not be fitted in this way but has
to be fixed. This is done using measured values for the tracer diffusion coefficients (thus
implying that the measured diffusion coefficients ratios, rather than their absolute values
which are changed to fit the simulations, have more physical value). Simulations with
other tracer diffusion coefficient ratios were also performed but found to vary only very
slightly in the produced steady-states and parameter predictions. This is mainly due to
the fact that the steady states are determined mainly by the diffusion potential gradients
M,z which are independent of the diffusion coefficients them selfs, see appendix B for
details on the steady-states. However, the dynamics leading to the steady state may
still be changing as a result of differing diffusion coefficient ratios. E.g., if one diffusion
coefficient is very small in comparison to the other, the slower diffusing species will define
the overall time scale of the process, much prolonging the time till equilibrium is reached.

Figure 6.7: a) Color coded photon intensities over time
showing the EDXRD spectra recorded during selenization of
CIGSe, b) Simulated EDXRD spectra for parameter set (C),
c) Comparisson of simulated and measured spectra at specific
times. Diffusion coefficients are: D?Ga = 2.3 · 10−13 cm2/s
and D?In = 5.5 · 10−13 cm2/s.

Figure 6.8: a) Color coded photon intensities over time
showing the EDXRD spectra recorded during selenization of
CIGSe, b) Simulated EDXRD spectra for parameter set (D),
c) Comparisson of simulated and measured spectra at specific
times. Diffusion coefficients are: D?Ga = 7 · 10−14 cm2/s and
D?In = 1.9 · 10−13 cm2/s.

The tracer diffusion coefficient measurements used were taken from Namnuan et al..62

They measured diffusion coefficients for, among other settings, Cu-poor CISe and CGSe
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samples on SLG. The measurements for In and Ga were averaged to obtain an ap-
proximation for the respective tracer diffusion coefficients in CIGSe, resulting in D?Ga =
8.8 · 10−13 cm2/s and D?In = 2.5 · 10−12 cm2/s. So indium is the faster diffusing species ac-
cording to these measurements with a tracer diffusion coefficient ratio of: D?Ga/D?In ≈ 0.4.

As to the Young’s modulus and the enthalpy factor ξh, the results from the previous
chapter on stress diffusion are used. In section 5.2.2 the dynamics of the stress-influenced
diffusion equation were investigated and it was found that tuning the enthalpy factor
instead of the Young’s modulus resulted in physically more viable results because of the
smaller in-plane stress values for the best-fitting simulation. Taking the measured Young’s
modulus167 of E = 70.4 GPa, the optimization with respect to the enthalpy factor resulted
in a best-fitting simulation for ξh = 2. These two numerically values are then preferably
used in the following simulations.

6.2.4 EDXRD Spectra and Steady States

Figures 6.5 to 6.7 show the EDXRD spectra resulting from tracer diffusion coefficient
fitting for simulation runs with differing jog-density factors: ξJ ∈ {10−5, 10−2, 102}. For
very low jog-density factors, see fig. 6.5 b), the spectrum resembles very much the best-
fitting result from the previous chapter, see fig. 5.9.

This is not very surprising since for low jog-densities (as is implied by low jog-density
factors), according to eqs. (6.24) and (6.26), the viscosity K of the material becomes
huge (implying a more rigid material) and so the vacancy production rate becomes
small. For a vanishing vacancy production rate, however, the diffusion- and eigenstrain-
eqs. (6.2) and (6.12) resemble the equations from the vacancy-independent diffusion model,
eqs. (4.10) and (5.3) and so equivalent dynamics can be expected. The physical reason
for this is that with only few places for vacancy generation present, the vacancies behave
like a conserved quantity and stresses are consequently not reduced. The system then hits
the same stress-induced equilibrium states as in the previous chapter, see appendix B,
resulting in very similar EDXRD spectra.

Figure 6.6 b) shows the resulting spectra for an intermediate jog-density ρJ . It is
clearly seen that the result does not resemble the stress-diffusion from the previous chap-
ter but new dynamics evolve: namely the 112 peaks now start converging. This results
finally in a single peak emerging from the sample. This behavior already hinds at stress-
relaxation. Since more vacancy sources and sinks are present, their generation becomes
more frequent with each one releasing stress on the specimen. And with released stress
the restoring force on the diffusion couple diminishes noticeably and this leads to further
interdiffusion until the thin-film is perfectly intermixed. The corresponding Ga distribu-
tions for different times are depicted in fig. 6.9 a). In the beginning the interdiffusion
happens fast with the Ga rich layer diminishing in height considerably, but then the pro-
cess slows down. This happens as the compositions in the Ga- and In-rich parts near the
critical compositions ω̃ defined by the entropy and the binding energy, black dotted line
in fig. 5.8. Also, even so enough jogs are present to account for some appreciable stress
reduction, they are scattered around considerably so that the time scale of the vacancy
generation is slower than the time scale of the interdiffusion due to the still relatively
small ξh. Consequently the interdiffusion carries on with the compositon step diminishing
slowly in height until, ultimately, a homogeneous compositional distribution is reached
and interdiffusion stops. This process, however, might happen so slowly that after a given
process time an appreciable inhomogeneity might persist, even giving the impression of
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Figure 6.9: For parameter set (B): The molar fractions for Ga and In, λGa and λIn, together with their diffusion potentials,
MGa and MIn, and their fluxes, jGa and jIn, are shown from a) to f).

being stuck in a steady-state while it actually is not.

In fig. 6.7 b) the resulting spectra for a simulation with rather high jog-density factor
of ξJ = 100 is shown. The new dynamic that ensues here is clearly visible. The Ga
rich 112 peak does not merely converge onto the In rich 112 peak, as was consistently
observed during the simulations so far, but the Ga peak intensity diminishes while the In
peak grows in width without both peaks overlapping. The gap that develops in-between
the 112 peaks hinds at certain compositions in-between pure CISe and CGSe phases that
are consistently not present inside the film during the interdiffusion process. Figure 6.10
a) shows the corresponding Ga distribution throughout the film for different simulation
times. The reason for the missing diffraction signals at certain intermediate energies
leaps out immediately: The step in Ga composition does not smooth out anymore but
gets consumed away. I.e., the step itself moves towards the back contact of the film while
its form, its height, stays roughly unaltered. Certain compositions that lie in-between
the maximal composition on the left and the minimal compositions on the right of the
step do not occur inside the film and this accounts for the gap in-between the Ga- and
In-rich 112 reflexes. This behavior basically follows because the composition approaches
the critical compositions explained in appendix B.5, see especially fig. B.3 d) which shows
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Figure 6.10: For parameter set (C): The molar fractions for Ga and In, λGa and λIn, together with their diffusion
potentials, MGa and MIn, and their fluxes, jGa and jIn, are shown from a) to f).

very similar dynamics for an interdiffusion simulation only containing binding energy
and entropy contributions and no stress terms. Because of the critical points of M0 the
derivative of the stress-independent diffusion potential vanishes: M0

,ω = 0. Because of
the high jog-density no appreciable stresses develop in the first place and so the fluxes
- shown in e) and f) - only depend on M0 and tend to be small almost everywhere, see
eq. (B.24): j = −LM0

,ωω,z. If M0
,ω becomes small then only at places with large gradients

ω,z do fluxes develop: The place of the Ga step. So the flux is comparatively high at the
step position and low everywhere else and so the step becomes consumed away.

Figure 6.8 b) shows a spectra for a simulation that used ξJ = 100 and ξh = 1, so with
many jogs but rather low enthalpy factor. In such a simulation the signals again, like for
the simulation with intermediate jog-density factor fig. 6.6, converge towards each other.
The reason for the homogenization lies in the altered enthalpy factor which changes the
diffusional dynamics of the couple. The critical points of the enthalpy are not hit during
the interdiffusion with ξh = 1, see the dynamics map for CIGSe in fig. 5.8. Then because
of the high vacancy-jog density the stress that develops due to interdiffusion is reduced
rapidly∗. Because no stress is present the system can not settle on the stress-induced

∗The time-scale being determined by the number of jogs in a given volume and thus by the average
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equilibrium state and since also no enthalpy critical points are present at the chosen
parameter combination, the system has no choice but to homogeneously interdiffuse.

In the following, attention will be focused on the simulations of parameter sets (B) and
(C) since they are interesting representatives of the diffusion dynamics with intermediate
jog-density factor, (B): ξJ = 0.02, and high factor: (C) ξJ = 100.

6.2.5 Vacancies

In figs. 6.11 and 6.12 the vacancy content λV - a) - and the equilibrium vacancy content
λeqV - b) - are shown for parameter sets (B) and (C), see eq. (6.46). The dynamics of
λV is determined by two different processes at this stage: The production of vacancies
and by vacancies that are transported by diffusion into or out of the relevant part of
the system, as is dictated by the diffusion eq. (6.5) for vacancies. For low jog-densities,
(B), the vacancy content is raised most at the front, in the In rich part. This is because
indium diffuses towards the back-contact and with no indium to follow from the right, the
number of vacancies increases at the front. Also, towards the back contact the vacancy
content increase because Ga diffuses out of the region towards the front-contact, leaving
behind vacancies. That the rise is not as high as in the In-rich part is because the region
is smaller, allowing for more in-diffusion of In than Ga was able to diffuse into the depths
of the In-rich layer. This is exacerbated because In diffuses faster than Ga. Consequently,
the vacancy content must decrease most around the initial jump where big gradients
lead to fast diffusion, as observed. This also happens because with low jog-densities the
diffusion happens faster than vacancy generation. With increasing in-plane stresses, see
fig. 6.17, the vacancy generation starts having effects: In the Ga-rich layer compressive-
and in the In-rich layer tensile stresses develop and lead to the annihilation and generation
of vacancies in the respective parts of the film.

This can also be understood from the equilibrium vacancy content, see eq. (6.46),
shown in fig. 6.11 b). Because of the huge stresses that for parameters (B) still develop,
the equilibrium vacancy content changes drastically: Being lowered to effectively zero
at the back and raised to over 0.4 towards the front. The lowering is since compressive
stresses make it harder to form a vacancy and the rise since tensile stresses favor vacancy
formation. The vacancy production, see fig. 6.13 b), depends on the chemical potential of
vacancies which itself depends on the logarithm of the fraction λV /λ

eq
V : α ∝ − ln(λV /λ

eq
V ),

see eqs. (6.24) and (6.25). So if λV < λeqV then α > 0 and so vacancy generation is
happening, otherwise annihilation.

In fig. 6.11 a) the vacancy production then leads to an increase in vacancies in the
indium rich part due to production. The Ga rich part is not merely as much affected
by this because of the continued influx of fast diffusing In atoms from the right, which
balance the still slow annihilation of vacancies.

For a high jog-density as for parameter set (C) the first observation is that the vacancy
production, fig. 6.14 b), is much higher in magnitude than for parameters (B) since it is
proportional to ξJ . Because there is now an abundance of jogs, the vacancy content
effectively follows the vacancy equilibrium value - fig. 6.12 a) and b). This behavior is
indicative of a state of ideal sources and sinks for vacancies, eq. (6.6). In this state sources
and sinks are so abundant in the material that differences between vacancy content and
vacancy equilibrium content are rapidly balanced during the process. λeqV itself does not
change much since it only depends on the stresses which are heavily reduced due to the

distance a vacancy has to travel to it and its diffusion coefficient.
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Figure 6.11: For parameter set (B): The vacancy molar
fraction λV , the equilibrium vacancy molar fraction λeqV and
the chemical potential for vacancies µV are shown from a)
to c).

Figure 6.12: For parameter set (C): The vacancy molar
fraction λV , the equilibrium vacancy molar fraction λeqV and
the chemical potential for vacancies µV are shown from a)
to c).

increased vacancy generation rate, see fig. 6.18. The vacancy equilibrium content in fact
changes so little that the vacancy-content in the Ga-rich layer is consistently lower than
the equilibrium value and in the In-rich part it is always bigger. This is because In diffuses
faster, lowering the vacancy content in the Ga-rich layer and vice versa. This diffusional
effect then is bigger than the change in vacancy equilibrium content due to the low stresses
and, effectively, vacancies are produced on the left- and annihilated on the right-side of
the jump.

The dynamics of λV and λeqV for parameters (C), with a peak moving towards the back
contact, gradually smoothing out and going over to a classical intermixing, follows the
general behavior of In and Ga themselves - the moving step in fig. 6.10 a) and b). This
over-imposed dynamic is often seen in derived quantities.

In figs. 6.13 and 6.14 a) the bulk viscosity K is depicted. Because it is inversely
proportional to the jog-density ρJ it diminishes if the former increases, see eq. (6.26).
K, as a material parameter, determines how strongly the material resists in response to
a driving force for vacancy-generation, or more generally to a driving force for creep-
deformation. So a lower bulk-viscosity, as for (C), indicates strong creep deformation,
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Figure 6.13: For parameter set (B): The bulk viscosity K
and the scalar vacancy production α are shown in a) and b).

Figure 6.14: For parameter set (C): The bulk viscosity K
and the scalar vacancy production α are shown in a) and b).

determined via α ∝ 1/K, eq. (6.24). The inhomogeneity of the bulk-viscosity over the
layer is mostly because of the dependence of D (that is the average diffusion coefficient)
on the compositions with K ∝ 1/D∗. In a Ga-rich layer D ≈ D?Ga and for an In-rich layer:
D ≈ D?In , see eq. (6.27). Since In diffuses faster than Ga, D?In > D?Ga and so K is larger
in the Ga-rich part, i.e. the part of the material containing the slower diffusing species
resists creep-deformations more strongly. This is because D determines the mean-time
for a vacancy to get annihilated and since the average diffusion coefficient in the Ga-rich
part is lower this process will simply take more time.

6.2.6 Material Deformations

In figs. 6.15 and 6.16 various quantities that contribute to the deformation of the material
are depicted for parameter sets with intermediate and high jog-density, (B) and (C). The
strain produced by the homogeneous part of the vacancy generation in in-plane direction
εµ‖ , the in-plane component of the deviatoric strain contribution, εs‖, and the diffusional

eigenstrain εj‖ - see eq. (6.20) - are shown in a), b) and c), respectively. Also the (negative)

sum of these three components, the negative total in-plane eigenstrain (i.e. the strain
induced by the in-plane stresses), εσ‖ = −εE‖ , eq. (6.12), is shown in d). The diffusional

strain in c) is for both parameter sets,(B) and (C), positive on the left layer and negative
on the right, with the gradient increasing over time. This is, of course, because indium
comes with a bigger partial volume then gallium and so the volume on the left increases
after an In-Ga exchanges while it decreases on the right from Ga-In interchanges. The
diffusional eigenstrain for (C) thereby grows to a little larger absolute values since the
interdiffusion, due to the decrease in stress, advances further than in (B).

∗Also the fraction λV /λ
eq
V has some effect.
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Figure 6.15: For parameter set (B): The in-plane components of the homogeneous vacancy production strain εµ‖ , the

deviatoric creep strain εs‖ and the diffusional eigenstrain εj‖ are shown from a) to c). In d) the negative sum of a) to c), the

stress-induced strain εσ‖ is shown.

However, the vacancy related eigenstrain terms in a)-b) do increase significantly with
increasing ξJ from (B) to (C). The in-plane vacancy production strain εµ‖ follows roughly

the vacancy production rate itself, figs. 6.13 and 6.14 b). This is because εµ‖ is just the

time integration of α, see eqs. (6.20) and (6.24): ε̇µij = α/3. Due to the time integration
also some of the initial inhomogeneities in the homogeneous in-plane vacancy production
strain εµ‖ are smoothed out: fig. 6.16 a).

The deviatoric contribution to the strain - εs‖ - is caused by the deviatoric stress, see

section 6.1.3, and is proportional to the hydrostatic stress∗. Consequently for (B) and
(C) it is negative in regions of compressive stress and positive otherwise. All vacancy
generation strains are opposing the strain induced by diffusion εj‖ - which is isotropic and

thus equal in in- and out-of-plane direction (the functional being determined by In being
the bigger and faster species). The total eigenstrain and thus the induced stress-strain
(remember, the stress is always such that perfect in-plane rigidity is guaranteed) are then
reduced drastically with increasing jog-density.

In figs. 6.17 and 6.18 the in-plane stress σ‖ is shown which clearly diminishes with
higher jog-densities due to the increased vacancy generation and annihilation. For the
stress: σ‖ ∝ −εE‖ and so the it follows the respective negative total eigenstrain. With in-
creasing ξJ the vacancy-related strains increase and counteract the diffusional eigenstrains
more and more, resulting in dramatically reduced in-plane stresses from (B) to (C).

For an extended discussion of those results, see section 6.4.

∗This is only true for the specific assumption of homogeneity and stress-state made here.
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Figure 6.16: For parameter set (C): The in-plane components of the homogeneous vacancy production strain εµ‖ , the

deviatoric creep strain εs‖ and the diffusional eigenstrain εj‖ are shown from a) to c). In d) the negative sum of a) to c), the

stress-induced strain εσ‖ is shown.

6.3 Creep and Diffusion Model in CISSe

6.3.1 Summing Up

The settings are similar to what was presented in section 5.3.1. Species A is taken as Se
and B as S with λV = 1 − λSe − λS. The compositions are: ω ≡ ωSe = λSe/(1 − λV ),
measuring the SES, and ωS = 1− ωSe.

The values used for the system’s parameters are given in appendix A. The parameters
that are free to fit are the average tracer diffusion coefficients of selenium and sulfur,
D?
Se/S, the Young’s modulus of CISSe E, the enthalpy factor ξh and the jog-density ρJ .

The equations are solved numerically with the no flux boundary conditions at the
back of the film and total absorbing boundary conditions at the front, as was done in the
previous two chapters.

6.3.2 Measurement and Simulation Setting

As before, once a set of parameters (E, ξh, ξJ ,D?Ga/In) is chosen the model is numerically
integrated up to a steady-state. The EDXRD spectra is calculated and the time axis is
stretched and shifted around the time point t = 0 min. to find a best fitting spectra, as
in sections 3.2.4 and 4.1.6.
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Figure 6.17: For parameter set (B): The in-plane stress σ‖
is shown.

Figure 6.18: For parameter set (C): The in-plane stress σ‖
is shown.

Figure 6.19: a) Color coded photon intensities over time
showing the EDXRD spectra recorded during selenization of
CISSe, b) Simulated EDXRD spectra for parameter set (A),
c) Comparisson of simulated and measured spectra at specific
times. Diffusion coefficients are: D?Se = 8.8·10−13 cm2/s and
D?S = 1.8 · 10−12 cm2/s.

Figure 6.20: a) Color coded photon intensities over time
showing the EDXRD spectra recorded during selenization of
CISSe, b) Simulated EDXRD spectra for parameter set (B),
c) Comparisson of simulated and measured spectra at specific
times. Diffusion coefficients are: D?Se = 7 · 10−13 cm2/s and
D?S = 1.4 · 10−12 cm2/s.
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Figure 6.21: a) Color coded photon intensities over time
showing the EDXRD spectra recorded during selenization of
CISSe, b) Simulated EDXRD spectra for parameter set (C),
c) Comparisson of simulated and measured spectra at specific
times. Diffusion coefficients are: D?Se = 3.5·10−12 cm2/s and
D?S = 7 · 10−12 cm2/s.

Figure 6.22: a) Color coded photon intensities over time
showing the EDXRD spectra recorded during selenization of
CISSe, b) Simulated EDXRD spectra for parameter set (D),
c) Comparisson of simulated and measured spectra at specific
times. Diffusion coefficients are: D?Se = 2.3·10−12 cm2/s and
D?S = 4.7 · 10−12 cm2/s.
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Note that also in this chapter extensive parameter searches were not performed because
of the extensive computational toll on the time integration. Different representative simu-
lations were again sought that highlight different diffusion dynamics in certain, promising,
parameter ranges. For future reference five different parameter sets are defined for which
various simulation results will be compared:

(A) : (ξh = 1.2, ξJ = 1× 10−5) (6.56)

(B) : (ξh = 1.2, ξJ = 1× 10−2) (6.57)

(C) : (ξh = 1.4, ξJ = 1× 103) (6.58)

(D) : (ξh = 1.4, ξJ = 50) (6.59)

(E) : (ξh = 1.6, ξJ = 1× 103) (6.60)

For all: E = 71.7 GPa and D?
Se = 0.5 · 10−13 m2/min and D?

S = 1 · 10−13 m2/min before
the time-stretching process.

As for the Young’s modulus and the enthalpy factor ξh, the results from the previous
chapter on stress diffusion are taken into account. In section 5.3 the dynamics of the
stress-influenced diffusion equation were investigated and for a fixed E = 71.7 GPa an
enthalpy factor ξh = 1.2 was found to best fit the measured EDXRD spectrum, at least
in the sense that the steady-state final position of the one remaining reflex approximately
coincides with the measured peak position. This is why ξh = 1.2 is used in the simulations
(A)-(B).

With low jog-densities, (A), no stress reduction is expected and dynamics should
once more resemble that from the previous chapter 5. With very high ξJ a rapid stress-
reduction is expected. All parameter sets except (C) start with the standard initial Se
distribution: A pure CIS phase inside the film everywhere except in the front-layer which
stays constant at an SES of 0.1 during the process. Parameter set (C) is a simulation
using the initial S distribution that resulted from the search for a best-fit at time t = 0
min., see fig. 4.6. Parameter set (E) corresponds to a simulation with rather high ξh and
ξJ which, according to the dynamics map fig. 5.17, should be influenced by the presence of
critical compositions ω̃ induced by the binding energy and entropy, see appendix B. With
(B) one simulation with intermediate jog-densities and low ξh was selected as additional
representative.

6.3.3 Diffusion Coefficients

Individual tracer diffusion coefficients for S and Se are rather hard to come by (see sec-
tion 4.1.3) but reported values lie between 2 · 10−13 cm2/s127 and 7 · 10−12 cm2/s.60

Because of the insecurity in measured values and because the specific choice of the
diffusion coefficients fraction does not alter the diffusional dynamics very greatly, see
section 6.2.3, a pair of diffusion coefficients is chosen as fixed for all diffusion simulations.
Sulfur is chosen as the fast diffusing species and D?Se/D?S = 0.5 is set fixed.

After setting the diffusion coefficient fraction and the other simulation parameters, the
simulation is integrated in time. Then again the time stretching and shifting is done in
order to find the best fitting time-scale of the performed simulation and with it numerical
values for the diffusion coefficients. If the time is stretched by a factor f , then D̃i = fDi.
See the extensive discussion in section 6.2.3.

6.3.4 EDXRD Spectra and Steady States
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Figure 6.23: a) Color coded photon intensities over time
showing the EDXRD spectra recorded during selenization of
CISSe, b) Simulated EDXRD spectra for parameter set (E),
c) Comparisson of simulated and measured spectra at specific
times. Diffusion coefficients are: D?Se = 8.3 ·10−13 cm2/s and
D?S = 1.6 · 10−12 cm2/s.

Figures 6.19 to 6.23 show the EDXRD
spectra resulting from tracer diffusion co-
efficient fitting for simulation runs (A)
to (E). For low jog-density factors, see
fig. 6.19 b), the spectrum resembles very
much the best-fitting result from the pre-
vious chapter, see fig. 5.18. This is be-
cause with not too many jogs being present
the vacancy production rate becomes small
and so the diffusion- and eigenstrain-
eqs. (6.2) and (6.12) resemble the equations
from the stress-influenced diffusion model,
eqs. (4.10) and (5.3). Equivalent dynamics
can consequently be expected.

Figure 6.20 b) shows the resulting spec-
tra for an intermediate jog-density ρJ . It is
clearly seen that the result does not resem-
ble the stress-diffusion from the previous
chapter but new dynamics evolve and the
convergence of the two 112 peaks is slowed
down The behavior resembles what was
observed with parameter set (B) for the
CIGSe simulations. Since more vacancy
sources and sinks are present, their genera-
tion becomes more frequent which releases
stress and thus the restoring force on the
diffusion couple. This leads to further in-
terdiffusion until the thin-film is perfectly
intermixed. The corresponding S distri-
butions for different times are depicted in
fig. 6.24 a). In the beginning the interdif-
fusion happens rather fast with the S rich
layer diminishing in height, but then the
process slows down. This happens as the
compositions in the S-rich part passes the
critical points defined by the entropy and

the binding energy, the black dotted line in fig. 5.17. Jogs are still scarce and so the time
scale of the vacancy generation is slower than the time scale of the interdiffusion. But
with time stress is released and the stress-induced compositional step diminishes (see the
kink towards the front in fig. 6.24 a) that at first is relatively stable and then degrades).
Ultimately a homogeneous compositional distribution is reached and interdiffusion stops.

In figs. 6.21 and 6.22 b) the spectra for rather high ξJ = 1000 and ξJ = 50 ((C) and
(D)) are depicted. It is found that both simulations produce rather similar dynamics.
This is because the density of vacancy sources and sinks is already for ξJ = 50 so high
that the vacancies are rapidly generated and annihilated and so can efficiently follow their
equilibrium composition. The sources and sinks are then called ideal. Because more jogs
do not make the sources more ideal, the dynamical differences observed between such high
jog densities are marginal. However, the simulations in figs. 6.21 and 6.22 differ in the used
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Figure 6.24: For parameter set (B): The molar fractions for Ga and In, λGa and λIn, together with their diffusion
potentials, MGa and MIn, and their fluxes, jGa and jIn, are shown from a) to f).

initial S distribution: For (C) the fitted initial distribution - from fig. 4.6 at time t = 0 min
- is used while (D) is run with the standard pure S initial distribution. By setting ξh = 1.4,
compositions for both simulations pass close to the critical compositions and both show
similar dynamics to that for CIGSe with high jog-density and high enthalpy factor, see
fig. 6.7. The S rich 112 peak does not only shift towards lower energies but diminishes
in intensity while, at the same time, a new Se rich 112 peak emerges at lower energies,
gaining intensity. A clear gap in the spectrum between Se and S rich peak is indicative
of the missing compositions inside the thin-film. This behavior, as before, might be
explained with the S step being consumed and certain intermediate compositions thus not
being present inside the system, which makes itself felt by the missing 112 reflexes. This
simulation behavior follows from the composition at the step crossing the critical points,
as explained in appendix B.5, see especially fig. B.3 d). In fig. 6.25 the S distribution
for different times for simulation (C) are shown. The step and its movement are clearly
visible. Note also that the initially present inhomogeneities, like bumps in the initial S
distribution, are quickly flattened out during the interdiffusion.

Figure 6.23 b) shows spectra for a simulation with high jog-densities and enthalpy-
factor, parameter set (E). In this case the spectrum pretty much resembles the spectra
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Figure 6.25: For parameter set (C): The molar fractions for Ga and In, λGa and λIn, together with their diffusion
potentials, MGa and MIn, and their fluxes, jGa and jIn, are shown from a) to f).

measured for CIGSe with two different 112 peaks remaining constantly separated. This is
because for such high enthalpy-factors the simulated compositions hit the critical ones0
early and the compositional gradient ω,z is not big enough to overcompensate the influence
of M0

,ω ≈ 0 (critical point) and so j ∝M0
,ωω,z → 0. The Se and S distributions are shown

in fig. 6.26 a). The compositional step starts approaching towards the back contact but
slowing down considerably, effectively creating a steady-state. Note, however, that is not
really a steady-state but, again, just a part of the interdiffusion with very slow dynamics -
see the diffusion potential for S shown in c) which clearly is not homogeneous everywhere.

In the following, attention will be focused on the simulations of parameter sets (B) and
(C) since they are interesting representatives of the diffusion dynamics with intermediate
jog-density factor, (B): ξJ = 0.02, and with high factor: (C) ξJ = 1000 with initial Se
distribution from fit.

6.3.5 Vacancies

In figs. 6.27 and 6.28 the vacancy content λV - in a) - and the equilibrium vacancy content
λeqV in b) are shown for parameter sets (B) and (C), see eq. (6.46). As before, the dynamics
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Figure 6.26: For parameter set (E): The molar fractions for Ga and In, λGa and λIn, together with their diffusion
potentials, MGa and MIn, and their fluxes, jGa and jIn, are shown from a) to f).

of λV is determined by the production and transport of vacancies by diffusion into or out
of the relevant part of the system.

For intermediate jog-densities, (B), the vacancy content is raised throughout the layer
due to the, relatively fast, out-diffusion of S from the film, leaving behind vacancies.
Due to the high compressive stresses developing, vacancy equilibrium values are radically
lowered throughout the film. This then leads to the vacancy production being negative,
fig. 6.29(b), indicating the annihilation of vacancies in order to bring them closer to their
equilibrium value. Then, with ensuing time, vacancies are annihilated and vacancy and
vacancy equilibrium compositions slowly approach their stress-free values.

For high jog-densities, both the vacancy content and the vacancy equilibrium content
are almost constant due to the large stress reduction, compare figs. 6.33 and 6.34. For (C)
the in-plane stress reduces to a maximum of 3 MPa (down from GPa). Then, because the
equilibrium vacancy content primarily depends on the (hydrostatic-) stress σ, eq. (6.46),
it stays effectively constant during the process, just following the stress distribution with
a small kink.

As before in section 6.2.5 the vacancy content for (C) is consistently, if slightly, larger
than the equilibrium vacancy content. This results in λV > λeqV and so in vacancy anni-
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Figure 6.27: For parameter set (B): The vacancy molar
fraction λV , the equilibrium vacancy molar fraction λeqV and
the chemical potential for vacancies µV are shown from a)
to c).

Figure 6.28: For parameter set (C): The vacancy molar
fraction λV , the equilibrium vacancy molar fraction λeqV and
the chemical potential for vacancies µV are shown from a)
to c).

hilation with α < 0, see fig. 6.30 b). As expected by the higher ξJ , for (C) the vacancy
production is orders of magnitude greater then for (B), resulting in the huge observed
stress-reduction and convergence of λV and λeqV in the first place. This, as for high ξJ in
CIGSe, is again indicative of a state of ideal sources and sinks for vacancies, eq. (6.6).

In figs. 6.29 and 6.30 a) the bulk viscosity K is depicted for (B) and (C). The overall
decrease of K with increasing ξJ is again because K ∝ 1/ρJ , eq. (6.26), and ρJ increases
linearly with ξJ . The dynamics of K over the course of the interdiffusion then follows the
overall dynamics of the S / Se distribution with S-rich regions experiencing lower K due to
the higher diffusivity of S, leading the material to generate vacancies faster in these regions
and thus to resist creep deformations less. On the contrary, Se rich layers, containing the
slower diffusing species, resist creep deformations more because of the hindered vacancy
migration and thus experience higher numerical K values.
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Figure 6.29: For parameter set (B): The bulk viscosity K
and the scalar vacancy production α are shown in a) and b).

Figure 6.30: For parameter set (C): The bulk viscosity K
and the scalar vacancy production α are shown in a) and b).

6.3.6 Material Deformations

In figs. 6.31 and 6.32 the quantities contributing to material deformations are shown for
(B) and (C). The in-plane strain produced by the homogeneous vacancy generation εµ‖ ,
the in-plane strain contribution by the deviatoric creep-strain εs‖ and the diffusional strain

εj‖ (eq. (6.12)) are shown from a) to c), respectively. The total negative eigenstrain or

stress-induced strain εσ‖ = −εE‖ is shown in d).

The diffusional strain in c) is for both parameter sets, (B) and (C), positive throughout
the layer: first rising at the front and over time increasing till the back of the film. This
is because selenium has a larger partial volume than sulfur and consequently the stress-
free lattice site volume increases: a tensile positive eigenstrain develops due to atomic
transport. The diffusional eigenstrain for (C) grows to larger absolute values is expected
because the interdiffusion, due to the decrease in stress, advanced further then in (B).

The vacancy related eigenstrains shown from a) to b) increase significantly with in-
creasing ξJ from (B) to (C), while the total strain shown in d) decreases strongly. The
in-plane vacancy production strain εµ‖ , being the time-integral of the vacancy production,

follows roughly the course of α, figs. 6.29 and 6.30 b). For both parameter sets (B) and
(C) this means that since the vacancy production is always negative, also εµ‖ is negative.

Furthermore, because for (C) α has the form of a kink that moves to the left, the strain
εµ‖ rises first in the region where α is significantly different from zero. The form of the
vacancy production is governed by the in-plane stress, figs. 6.33 and 6.34, which is com-
pressive for (B) and slightly tensile for (C). As usual, the compressive stress for relatively
low jog-densities results from the Se partial volume being bigger. The stress in (C) is
slightly tensile initially because of an overshooting vacancy annihilation which leads to
the formation of tensile stresses. But the stress effectively converges to zero over the
course of the interdiffusion.
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Figure 6.31: For parameter set (B): The in-plane components of the homogeneous vacancy production strain εµ‖ , the

deviatoric creep strain εs‖ and the diffusional eigenstrain εj‖ are shown from a) to c). In d) the negative sum of a) to c), the

stress-induced strain εσ‖ is shown.

The deviatoric creep-strain εs‖, caused by the deviatoric stress and its overall effect
on a homogeneous distribution of dislocations’ Burger’s vectors, see section 6.1.3, is pro-
portional to the time integral over the hydrostatic stress. Consequently, it is negative in
regions of compressive stress and positive vice versa for (B) and (C). The specific form
of εs‖ for (C) is result of the peculiar form of the (tensile) in-plane stress σ‖ (which is just

proportional to the hydrostatic-stress), fig. 6.34. The in-plane creep strain then results
from εs‖ ∝

∫
σdt in the same way as εµ‖ resulted from εµ‖ ∝

∫
αdt above. As the tensile

stress peak sweeps over the layer, the creep-strain components then rise (for (C)) or drop
(for (B)) accordingly.

The total, or generalized, creep eigenstrain in in-plane direction εE‖ then is the sum of
those three contributions: The diffusional-, the homogeneous vacancy-generation- and the
deviatoric vacancy-generation eigenstrain. The general effect of this is a huge reduction
in the total eigenstrain and with it a reduction in in-plane stress - this comes although
the individual absolute values for the different strain contributions may be quiet huge.

6.4 Discussion

In summary, the presence of vacancies inside the material, their participation in diffusional
processes and in particular their involvement in inelastic material deformations due to
their generation at and interaction with crystal dislocations can and does change the
dynamics and the outcome of diffusion simulations. This change may be strong if many
sources and sinks (jogs) are present in the materials - as e.g. with both parameter sets
(C).

Qualitatively distinct dynamical regimes for the interdiffusion dynamics were identified
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Figure 6.32: For parameter set (C): The in-plane components of the homogeneous vacancy production strain εµ‖ , the

deviatoric creep strain εs‖ and the diffusional eigenstrain εj‖ are shown from a) to c). In d) the negative sum of a) to c), the

stress-induced strain εσ‖ is shown.

- dependent on the specific parameters chosen. First, for a low jog-density ρJ vacancies
are hardly generated because sources and sinks are scarce and the dynamics mimic what
was found in the previous chapter on stress influenced diffusion. Parameter sets (A) give
examples for that for both materials. For high jog-densities, three different diffusional
regimes can be distinguished. If the parameters of the system are chosen such that
the entropy- and enthalpy of mixing contributions to the diffusive fluxes cancel, critical
compositions are said to occur (indicated by the black dotted lines in figs. 5.8 and 5.17,
for CIGSe and CISSe). For CISSe critical compositions appear at lower enthalpy factors
ξh (relative to CIGSe). High density of jogs ρJ and low enthalpy factors ξh (relative
to the appearance of critical compositions in the dynamic maps), as is seen for CIGSe
in (D), result in a rapid relaxation of the developing diffusional stresses. No further
fixed- or critical-points are present in these cases and the diffusion process resembles a
Fickian diffusion process with total homogenization. Then, high ρJ and ξh (high enough to
have critical compositions present according to the dynamic maps), as in (E) for CISSe,
lead to an effective stop of the interdiffusion. This is because the flux at a volume
element with a critical compositions is reduced strongly, even around places with strong
compositional gradients. However, the interdiffusion is not really at an equilibrium state
- as the pertaining diffusion potential gradients give away - but rather evolve under a
regime of very slow dynamics.

Obviously, see e.g. fig. 6.7 b), the simulations with high jog-density do not resemble
the measurements for CIGSe very well. The Ga rich 112 diffraction peak is not smoothly
shifting towards lower diffraction energies (as expected from ordinary intermixing) but
diminishes in intensity and then disappears. All the while the In rich 112 peak increasing
in intensity. This is opposed to observations. Consequently, the presence of relatively low
jog-densities inside CIGSe might be concluded from the predictions of this model. This
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Figure 6.33: For parameter set (B): The in-plane stress σ‖
is shown.

Figure 6.34: For parameter set (C): The in-plane stress σ‖
is shown.

is because the measurement clearly shows a state of constant separation of the two 112
peaks, implying a steady-state or at least a state of very slow dynamics. As such the
measured state of the system may only appear to be stable, while it actually evolved on
a much slower time scale.

Two clearly distinct time scales can best be discerned for lower jog-densities, as given
by parameter set (B) for both materials, see figs. 6.6 and 6.9 for the spectrum and the Ga
distribution over time for CIGSe. Here, after an initially fast interdiffusion, as soon as the
system’s composition approaches the critical compositions, the interdiffusion slows down
and the vacancy-generation becomes the time-scale defining process. This is because the
stress that develops and hinders interdiffusion has to be reduced by the process of vacancy
generation in order for the interdiffusion to carry on. This, because of the relatively low
ξJ and thus ρJ , leads to high viscosities K and so to a relatively slow time scale for this
process in comparison to the interdiffusion itself. It might then very much be possible,
inferring from the given model, that an intermediate number of jogs being present in a
sample can lead to such dynamics: A steep Ga gradient being present due to relatively
high stresses and those stresses in turn changing the vacancy equilibrium composition.
Putting into operation vacancy generation and annihilation processes which change the
material’s volume, releasing internal stresses and allowing the interdiffusion to carry on
very slowly. So slowly, in fact, that the Ga step might, in a typical annealing experiment,
seem frozen and stable when it actually is not.

The parameter set (B) for CISSe also leads to a final homogenization of the film with
an initial fast interdiffusion followed by prolonged and slowed down phase during which
further interdiffusion depends on the advancement of vacancy generation. This can be
seen in fig. 6.20 b) where the diffraction signals initially converge fast, followed by a
stage during which the resulting Se-rich 112 peak follows a bow-like movement (dropping
below the diffraction energy for pure CISe and then rising again) because of the release
of compressive stress which leads to a shrinkage in the perpendicular direction of the
system, that is in 112 direction which is probed by EDXRD, raising the diffraction energy
accordingly.

However, the simulations using parameter sets (C) and (D) for CISSe - with high
jog-densities - do correspond somewhat to the respective measurement as seen in fig. 6.21
a) and b). There the initial Se-S step - fig. 6.25 a) - is consumed, moving towards
the back of the film rather than classically homogenizing- Therefor certain intermediate
compositions are absent from the film which consequently produces a gap in the EDXRD
spectra in-between the S- and Se-rich 112 peaks; as measured. The simulated S-rich
diffraction energy then drops slightly, converging onto a stable diffraction energy - with
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the aforementioned gap between it and the Se-rich 112 signal persisting. Because the
compositions in the S-rich part of the film are approaching the critical compositions of
the interdiffusion model, the fluxes decline everywhere except around the steep Se-S step.
The S-rich layer then stays at roughly constant (critical) composition but diminishes in
width: with the compositional step approaching the back of the film, see fig. 6.25 a) and
b). This consumption of the S-rich phase results in the removal of S-rich diffraction signals
and so the simulated S-rich 112 diffraction signal diminishes in intensity. The composition
at which the step then moves to the left is determined by the critical points, as seen in
fig. B.2 d).

In comparison to the CISSe measurement, the simulated S-rich 112 diffraction peak
shifts too much towards lower energies in the beginning of the process, indicating that
the critical composition and so the height of the S-Se step should be larger than it is.
The measured reflex nearly remains at constant diffraction energies while diminishing in
intensity. Since the critical points depend heavily on the binding energy, this function,
its form and magnitude then need to be understood very well in order to produce better
predictions.

The model predictions and simulations presented here then depend much on the exact
form and magnitude of the binding energy function. It is this function that determines
the magnitude and presence or absence of critical points and thus very basically the
diffusional dynamics. Additionally, the binding energy is exactly the quantity that is the
most difficult to determine exactly. The predictions of this section then have to be taken
with a grain of salt. An analysis of theoretical possibilities rather than of experimental
facts.

In light of the here developed model it can be stated that: If dislocations and vacancies
are present in high numbers in CIGSSe thin-film materials, they should become important
players during certain processes at high temperatures, especially interdiffusion. The mea-
sured spectra for CIGSe might be interpreted as indicating a low to intermediate density
of jogs present inside the material. For CISSe a rather high jog density would have to be
postulated. The exact form of the binding energy might help to explain the differences
encountered here between measured and simulated spectra. Furthermore, the dynamics
of the jogs themselves was ignored for this model although they are known to experience
dynamical changes during processes at high temperatures and pressures.152 This leaves
open possibilities for future refinement and expansions of interdiffusion models including
creep.
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Conclusions

This thesis analyzed interdiffusion in polycrystalline CIGSSe thin-films confined to a rigid
substrate. For them and for the wider class of functional thin-films, especially semicon-
ductors, the elemental distribution throughout the films are of utmost importance for the
performance of the device. Functional semiconductor thin-films are often formed dur-
ing high temperature processes where bulk diffusion is activated and thus is expected to
contribute largely to equilibrium compositional distributions.

Especially the manufacturing process of the materials studied here involve a high-
temperature period as part of the annealing process during which chemical reactions and
phase changes have ceased, a persistent lattice structure has formed and interdiffusion
is expected to take place. For CIGSe interdiffusion begins after selenization (and after
the CIGSe phase structure has formed) and for CISSe during selenization. In and Ga or
Se and S can then interchange positions on their respective sub-lattices. Nevertheless, in
some manufacturing processes steep compositional gradients persist even after prolonged
periods of annealing. The compositional grading directly induces gradings into the band
gap of the material which in turn heavily influences the performance of the device. The
mechanisms that lead to the formation and, after all, to the stabilization of these com-
positional gradients then must be well understood in order to design and produce highly
efficient solar cell absorber materials.

Many experimental studies which analyze diffusion processes in thin-films assume an
underlying Fickian diffusion model and derive diffusion coefficients and other parameters
on these assumptions. But in chapter 4 a Fickian diffusion model was explicitly shown to
not account very well for basic experimental findings during the experiments conducted
for this thesis. So, if the intermixing could not be well described by a Fickian-, i.e.
entropy driven, diffusion process alone, then an expansion of the diffusion model had to
be found in order to account for some of the most basic experimental observations during
selenization of Cu-Ga-In precursors and CIS.

In chapter 5 the elastic deformation of the thin-film was introduced and its interaction
with the thick substrate investigated. It has been known for some time, since Gibbs at
least, that stresses change diffusional dynamics. This is because they directly make their
influence felt on the diffusion potentials, that is on the thermodynamic driving forces
acting on the respective diffusion couples, generally impeding the process. Interdiffusion
of atoms having differing sizes, i.e. partial molar volumes, on a crystalline lattice will
inevitably lead to elastic deformations of the material: expanding the material in the
region initially filled with the smaller species and contracting in the region initially filled
with the bigger one. This alone will not necessarily influence the interdiffusion dynamics
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if the material is expanding freely. But the presence of a thick substrate on which the
thin-films are usually mounted is expected to impede in-plane deformations and lead to
the formation of internal stresses. The substrate is modeled as straining the thin-film such
that it always fits perfectly onto the substrate. The stresses needed for this deformation
of the thin-film are the in-plane stresses that develop during the interdiffusion.

In chapter 5 a diffusion model taking into account the effects of these stresses was
developed and compared to CIGSe and CISSe EDXRD measurement data. The Young’s
moduli, the diffusion coefficient and magnitude of the enthalpy of mixing were fitted in
order to make the simulation best fit the measurements. The such developed diffusion
model predicts the stabilization of the interdiffusion before total homogenization of the
film was achieved, in line with experimental findings for CIGSSe thin-films. This is
because increasing stresses imply that new atoms that get inserted into an already stressed
region have to perform elastic work against those stresses in order to enter. At some point,
when the stresses are high enough, the atoms can not continue interdiffusing anymore and
thus a steady state develops. The exact form of this state was found to depend on the
magnitude of the Young’s modulus and on the the binding energy for the considered
compound; with higher Young’s moduli leading to large stresses developing faster and
stopping interdiffusion at earlier stages. This means, higher equilibrium compositional
gradients are found. Also a higher enthalpy of mixing leads to larger equilibrium gradients.

This model contained the effects of stress and predicted the behavior of the CIGSe
EDXRD spectra at least phenomenologically well. Ga and In from the two initially pure
CISe and CGSe phases start interdiffusing until an equilibrium state is reached in which
two homogeneous phases - of differing composition, one Ga-rich and one In-rich - have
formed. These two resulting phases are still in contact (the phase boundary being at
the same place as initially) but interdiffusion having ceased. In the simulated EDXRD
spectra this presents itself as two distinct 112 diffraction signals consistently diffracted off
of the sample, as observed experimentally.

The predicted diffusion coefficients for In and Ga also fell quiet well into the range
of already reported values (this goes for all diffusion coefficients determined in the scope
of this thesis). The parameters leading to an optimal match between simulation and
measurements were literature values of the Young’s modulus together with a fitted value
of the binding energy.

For CISSe the situation was more complex. Although the stress-involving interdiffu-
sion model led to a good prediction of the equilibrium state of the system, the observed
intermediate diffusion behavior was not predicted very well, indicating that the diffusion
process in this case is more complicated than for CIGSe. This intermediate behavior of
intermixing is predicted by the model as a process in which steep compositional gradi-
ents between the phases smooth out rapidly - although in the equilibrium state steep
gradients may reappear. However, EDXRD measurements do not confirm this simulated
behavior. Rather, what may be concluded from the measurements is that steep com-
positional gradients do not smooth out during interdiffusion but merely shift positions
- thereby consuming one of the phases of the system. The immediate effect of this is
that certain compositions in between the compositions of the pure initial phases are never
present inside the film during interdiffusion - thus leading to gaps in-between the 112
diffraction peaks emerging from the Se- and S-rich phases in the EDXRD spectra.

Furthermore, for both materials high stresses - in the order of or above the yield-
stress - are predicted by the model. Although polycrystalline thin-films are known to
be able to withstand high stresses - higher than their respective bulk-materials -, this
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expectation changes during the presence of high homologous temperatures. In this case,
plastic deformations can become important even for stresses that are lower than the yield
stress of the materials. These processes, summarized under the term creep, were analyzed
in chapter 6.

Creep deformations can have diverse physical reasons: The movement of dislocations
by gliding or climbing, the migration of grain-boundaries or the generation of vacancies.
Which of those processes is dominant at given process parameters is determined by the
activation conditions. E.g., the generation of vacancies is activated if the vacancies are
sufficiently mobile, as under high homologous temperatures, and if enough sources and
sinks are present for them to be generated. In line with the continuum models developed
before, a continuum model was developed that took into account the generation and an-
nihilation of vacancies at dislocations. It is experimentally known that CIGSe and CISSe
have high numbers of dislocation lines (sources and sinks for vacancies) and vacancies
that are present. This makes a model taking those findings into account an obvious gen-
eralization. Because the vacancy-generations process is connected to a change in overall
volume of the system, it will necessarily influence the system’s stress-state. In fact, it is
found that compressive stresses introduce a tendency for volume reduction, i.e. annihi-
lation of lattice sites and thus vacancies, while tensile stresses introduce a tendency for
vacancy generation and thus volume expansion. Both processes were found to counter-
act the stresses that caused them in the first place. Vacancy-dislocation interactions are
found to have the potential to account for stress-reductions and to thus change diffusional
dynamics profoundly.

The simulation results then show different diffusional dynamics, dependent on the
model parameters. The central additional parameters for the creep-diffusion model is the
density of vacancy sources and sinks - also called the jog density - and the magnitude of
the binding enthalpy, called the enthalpy factor. For very low jog-densities the vacancies,
although they may not be in equilibrium, can not change considerably in number because
sources and sinks are too rare. So stress is almost not reduced and the simulations resemble
the ones found in the chapter on stress diffusion. For higher jog densities the dynamic
then splits into two with different behavior for low and high binding energies. With low
binding-energies the system will, upon stress reduction, homogeneously intermix. This
process depends on two time scales: An initially fast interdiffusion during which stresses
develop and the reduction of those stresses by vacancy generation which happens on
the time scale of the vacancy generation process. For very high jog densities, vacancies
are effectively in equilibrium all the time since they are rapidly created or destroyed.
The sources and sinks are said to be ideal and developing stresses are reduced almost
immediately. For high binding energies the critical compositions of the interdiffusion
equation become important. Leading to the development of new diffusional dynamics and
especially to behavior resembling the expected consumption of the initial compositional
step in the case of Se-S interdiffusion as discussed above. This then coincides better, at
least qualitatively, with the measured diffraction spectra.

For CIGSe the simulations best coinciding with measurements were those involving
stress, binding energy and low to intermediate jog densities. In light of the creep-diffusion
model developed it may well be possible that the observed stop in interdiffusion between
In and Ga is not an equilibrium steady state. Rather, the apparent stop may be attributed
to a considerable slow down in diffusional dynamic while the developed stresses are then
reduced by vacancy generation on another (larger) time-scale - a process that might be
slow due to the small density of jogs. On the other hand, the CISSe measurements may
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be interpreted in the light of simulations with high jog densities and a rather high binding
energy (so that critical compositions are present). In this way, the diffusion is everywhere
slowed down considerably except in the region of strongest compositional gradients. This
leads to the compositional step being consumed, producing a simulated 112 diffraction
signal better resembling the qualitative behavior of the measurement. Differences between
measurements and simulations however remain: E.g., a relatively strong shift of the S-
rich 112 peak diffraction energy towards lower energies is predicted by the model but
not supported by measurement. Due to the computationally intensive nature of the
simulations, a very extensive parameter search was not performed for the creep-containing
model and so there may well exist other parameter combinations for which simulations
and EDXRD measurements better agree.

Understanding compositional gradings is, of course, not only a problem of avoiding
detrimental gradients as in the case for CIGSe where the sequential production often re-
sults in somewhat non-optimal Ga gradients. The understanding of the conditions for sta-
bility of compositional- and thus band gap gradings can be viewed as important in its own
right since modern functional semiconductor materials for energy production rely more
and more on a deliberate tuning of their local properties. CIGSSe absorber layers with
correctly tuned Ga gradient (not without a gradient) are leading to high performances.168

The same - but not necessarily for the element Ga - goes for perovskites,169 cadmium tel-
luride films,170 kesterites,171 gallium arsenide absorbers172 and even for quantum dots.173

For all those materials the correctly tuned compositional gradients and their stability are
important factors for high performance and are surely influenced by diffusional processes,
stresses and microstructural changes due to the interaction of dislocation with e.g. vacan-
cies. Understanding compositional gradings without considering these profound physical
effects then seems quiet unrealistic. All in all, this thesis shows that stresses, vacancies,
dislocations and their mutual interaction are important for interdiffusion processes and
should be investigated thoroughly in order to gain a full understanding of and thus control
over the production and operation of functional thin-film materials.
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Appendix A

Tables and Software

A.1 Parameter Tables

Structural Parameters - Measurements
Phase

CGSe CISe CIS

Lattice Parameter - a (nm) 0.5614 - [103] 0.5781 - [103] 0.5528 - [174]
Lattice Parameter - c (nm) 1.1031 - [103] 1.161 - [103] 1.108 - [174]

Coefficient of Thermal Expansion
- αa (10−6/K)

13.1 - [175] 11.4 - [176] 12.78 - [174]

Coefficient of Thermal Expansion
- αc (10−6/K)

5.2 - [175] 8.6 - [176] 9.38 - [174]

Young’s Modulus - E (GPa) 90.3 - [139] 69.7 - [177] 73.6 - [178]
Poisson’s Ratio - ν 0.27 - [139] 0.36 - [177] 0.33 - [178]

Yield Stress σY - (GPa) 1.1 - [167]
Melting Temperature TM - (◦C) 1200 - [144]

Number of Cu lattice
sites per unit cell - nCu

4

Number of Ga / In lattice
sites per unit cell - nGI

4

Number of Se / S lattice
sites per unit cell - nSES

8

Table A.1: Structural Parameters of used compounds in this work. Note that the values given for E and ν are obtained
by Reuss averaging of the components of the elastic stiffness tensor reported in the cited references.179 The yield stress and
melting temperature are reported for CIGSe by Luo et al.167 and Baek et al.,144 respectively, and used as reference values
for all compounds studied in this work.
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Experimental Setting
Compound Selenized
CIGSe CISSe

Process Temperature - T (◦C) 600 500
Diffraction Angle - 2θ (◦) 6.08 6.26

Mass of Se Droplets
in reaction chamber - mSe (mg)

8 100

Total GGI of
Cu-Ga-In precursors - ωT

0.27 -

Reaction Box Volume - VB (cm3) 107

Table A.2: Experimental settings used during the selenization of the corresponding absorber. These values were also used
for the appropriate EDXRD simulations as described in section 3.2.

Simulation Parameters
Simulated Compound

CIGSe CISSe

Enthalpy Coefficient - αh (eV) 0.1261 0
Enthalpy Coefficient - βh (eV) −0.1091 0
Enthalpy Coefficient - γh (eV) 0.1018 0.1018

Thin-Film Thickness - dF (µm) 1.6 2
Young’s Modulus - E (GPa) 70.4 - [167] 71.7

Poisson’s Ratio - ν 0.3 - [180] 0.35
Jog Density - H ′0 (1020/m3) 1.4 1.8

Incidence Angle - θI (◦) 2.5
Cu Vacancy Density - ρVCu (m−3) 0.5 · 1024 - [113]

Reference Compositions - (ω′A, ω
′
B) (0.5, 0.5)

Vibrational Entropy Factor - exp( sV
kB

) 2 - [111]

Vacancy Correlation Factor - fV 0.78 - [163]
Room Temperature - TR (◦C) 20

Standard Deviation for
diffracted EDXRD signals - σG (keV)

0.01

Table A.3: Simulation parameters used during numerical calculations. Note that ρVCu is only reported for CIGSe but
nevertheless the same value is used for the CISSe simulations. The Young’s modulus and Poisson’s ratio for CISSe are,
since direct measurement values are not known to the author, taken as the average of the values for CISe and CIS given in
table A.1.



A.2 Used Software

The numerical simulations were implemented in C++181 using Qt creator.182 For plotting
purposes QCustomPlot183 and Mathematica 11184 were used. For writing this document
LATEX and Texmaker185 were used and for producing in-document schematical pictures
TikZ was employed.

Appendix B

Interdiffusion Dynamics

B.1 Steady State Jump

This section reviews the dynamics and possible equilibrium states of the interdiffusion
equations with enthalpy and stress terms taken into account. For theoretical background
on the interdiffusion model see chapter 5.

0
0.

5
1

z̄ dF

z

G
G

I

ωL0

ωL

ωR

ωR0

ω̄
ω̄

0
ω
T

∆ω0

∆ω

ωTdF (1− ωT )dF

Figure B.1: Schematics of possible initial (orange) and fi-
nal (solid blue and dotted black) compositional distributions.
Variables needed for the calculations are highlighted. For ex-
plications, see the text. The dotted orange and blue lines mark
the average compositions at the jump points of the respective
distribution.

The steady state of the diffusion, i.e.
the states in which the compositions do not
change with time anymore, is given by the
vanishing of the diffusive fluxes†. Gener-
ally, chemical equilibrium implies the van-
ishing of the spatial gradients of the diffu-
sion potentials.

Let a subscript variable separated by a
comma denote the partial derivative with
respect to this variable. Remembering that
for the diffusion potential: M = M0(ω) +
Mσ(ω, ω0) with ω(z) and ω0(z) being the
composition throughout the thin-film dur-
ing the steady (t → ∞) and initial-states,
respectively. See fig. B.1 where ω0(z) is
depicted in orange and ω(z) in solid blue
for a simulation ending in a final composi-
tion that has a jump and in dotted black
for a simulation that is homogeneous in the
steady-state. The constant composition is

then equal to the total composition inside the thin-film. The vanishing of the diffusion

†Generally, dynamical equilibria in which the composition does not change while fluxes are non-
vanishing might also be envisioned, however due to the geometry of the systems under scrutiny, closed
on both or at least on one side, such equilibria cannot occur.
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potential gradient M,z leads to:

M,z = (M0
,ω +Mσ

,ω)ω,z +Mσ
,ω0
ω0,z ≡ 0 (B.1)

⇒ ω,z = −
Mσ

,ω0

M0
,ω +Mσ

,ω

ω0,z = −Θ(ω, ω0)ω0,z (B.2)

⇒ Θ(ω(z), ω0(z)) :=
Mσ

,ω0

M0
,ω +Mσ

,ω

ω0,z. (B.3)

If the initial distribution ω0(z) is step-function like with a jump at one point and be-

ing constant otherwise with values ω
L/R
0 left and right from the jump point z̄, then its

derivative with respect to z is a delta function, formally:

ω0(z) := ωL0 −

=:∆ω0︷ ︸︸ ︷
(ωL0 − ωR0 )H(z −

=:z̄︷ ︸︸ ︷
ωTdF ) , H(x) =

{
0 , x < 0

1 , x ≥ 0
(B.4)

⇒ ω0,z = −∆ω0δ (z − z̄) . (B.5)

H is the Heaviside-, or step-, and δ is the delta-function, which is the derivative of the
former. dF is the thickness of the film and ωT is the total content of species A within
the film. All of species A is initially concentrated in a pure layer at the back contact, i.e.
on the left side of the jump point in fig. B.1. Then z̄ = ωTdF is the z coordinate of the
initial compositional jump.

Now, from eq. (B.5) and eq. (B.2) it follows that also the gradient of the steady
state composition ω,z has the form of a delta-function. Hence, an analogous equation to
eq. (B.4) can be taken as an ansatz for ω∗

ω(z) := ωL −
=:∆ω︷ ︸︸ ︷

(ωL − ωR)H(z − z̄) (B.6)

⇒ ω,z = −∆ωδ (z − z̄) . (B.7)

Integrating eq. (B.2) over the thin film with eqs. (B.5) and (B.7) in mind then gives:

∆ω = ∆ω(ω̄, ω̄0) = −Θ(ω̄, ω̄0)∆ω0. (B.8)

Here, ω̄ = 1
2
(ωL + ωR) denotes the average composition at the jump point in the initial

state, ω̄0, and in the steady state, ω̄. As long as Θ 6= 0, the final steady state of the
diffusion process is not homogeneous but contains a jump of magnitude ∆ω.

The function Θ depends on composition at the jump point in the steady state, which
is not known a priori. To proceed further the geometry of the set-up can be taken to the
rescue, with slightly differing approaches for the experiments involving CIGSe and CISSe.

B.2 Set-Up for CIGSe

The mass inside the thin-film is conserved during the process, with selenization already
finished. So the total content at the time of the steady-state is equal to the initial total

∗Note that the delta function taken as initial condition via eq. (B.5) around the point z̄ enforces that
the final steady state composition needs to have a jump also at the same z coordinate, z̄. This is since
the delta function vanishes everywhere except exactly at its argument.
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content. Also, initially all of species A is contained at the back contact, the total content
of species A is:

ωTd = ωLdL + ωRdR

⇒ ωT = ωLωT + ωR(1− ωT ). (B.9)

Here, dL = ωTdF and dR = (1 − ωT )dF are the width of the thin-film to the left and to
the right of the jump point, respectively.

This eq. (B.9) together with ∆ω = ωL − ωR can be solved algebraically for the left
and right compositions in dependence of ∆ω and ωT :

ωL = ∆ω(1− ωT ) + ωT (B.10)

ωR = ωT (1−∆ω) (B.11)

⇒ ω̄ =
1

2
(ωL + ωR) = ωT +

1

2
(1− 2ωT )∆ω(ω̄, ω̄0). (B.12)

In the last equation the magnitude of the jump, ∆ω, itself depends on ω̄ via eq. (B.8) and
so this is an implicit equation for ω̄. It can be used to calculate the average composition
at the jump point if the initial magnitude of the jump, ∆ω0 and the average initial
composition ω̄0 at the jump point are known. In the case of two initially pure layers, their
numerical values are: ∆ω0 = 1 and ω̄0 = 1/2.

To solve the eq. (B.12) iteratively, first an initial guess for ω̄ is chosen and called x0.
This can e.g. be x0 ≡ ωTA, since this is the homogeneous composition the system will go
to for vanishing stresses. With this, Θ(x0, ω̄0) and then ∆ω are calculated via eqs. (B.3)
and (B.8). Inserting ∆ω into eq. (B.12) gives the next iteration: x1. With this the cycle
can be restarted. One or two iterations give good accuracy already. Once satisfying values
for ω̄ and ∆ω(ω̄) are found, the left and right values are calculated via∗

ωL = ω̄ +
1

2
∆ω (B.13)

ωR = ω̄ − 1

2
∆ω. (B.14)

B.3 Set-Up for CISSe

For the interdiffusion in CISSe the situation is somewhat easier. The jump is exactly at the
front layer of the film because initially the film contains solely sulfur and the atmosphere
outside the front layer contains selenium. The front layer is then assumed to exhibit a
constant Se content equivalent to the equilibrium content between gaseous atmosphere
and crystal. That this is a reasonable assumption is discussed in appendix C.1. In other
words, ωR = ωR0 is a constant. Thus ∆ω0 = 1 − ωR0 and ω̄0 = 1/2(1 + ωR0 ). Then
calculating ∆ω by eq. (B.8) gives ωL as:

ωL = ∆ω + ωR (B.15)

⇒ ω̄ =
1

2
(ωL + ωR) = ωR +

1

2
∆ω(ω̄, ω̄0). (B.16)

This is the implicit equation for the average composition at the jump point for the inter-
diffusion experiments involving CISSe.

∗Note that eq. (B.12) can in some special cases be solved exactly. However, in cases where composition
dependent elastic coefficients or partial molar volumes are considered, numerical solutions have to be
found.
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B.4 Behavior of Θ

To understand the steady-state behavior, the function Θ can be evaluated further. Note
that Mσ depends on the composition via the stress and thus via the stress-strain, εσ. If
the small contribution from the composition dependent elastic coefficients to the diffusion
potential is neglected, then the diffusion potential, as can be seen in eq. (5.7), depends on
the composition only via the difference between the actual and initial composition, ω−ω0.
Consequently, the derivatives of Mσ with respect to the initial and final compositions are
of equal absolute value but with differing signs: Mσ

,ω0
= −Mσ

,ω. Using this in the definition
from eq. (B.2),

Θ(ω, ω0) =
Mσ

,ω0

M0
,ω +Mσ

,ω

=

(
M0

,ω

Mσ
,ω0

− 1

)−1

. (B.17)

The steady-state jump size thus depends on the relation between the derivatives of M0

and Mσ. Already here it can be seen that a vanishing contribution of Mσ leads to Θ→ 0
and thus to a vanishing of the steady state jump, ∆ω → 0 (from eq. (B.8)). On the other
hand, for a dominating Mσ � M0 it follows that: Θ → −1 and so ∆ω → ∆ω0. This
means for a dominating contribution of the stress terms to the interdiffusion, basically no
interdiffusion takes place and so the initial jump is equal to the steady state jump.

Going further, the derivatives of the diffusion potential can be evaluated. Recalling
from eqs. (5.36), (5.37) and (5.39) that M0 = e′bind,ω − Ts′,ω and Mσ = −Ωσ with σ ∝
Ω(ω − ω0), the derivatives of the diffusion potential are:

M0
,ω = e′bind,ω,ω − Ts′,ω,ω (B.18)

Mσ
,ω0

= −Ω2 E

1− ν
(B.19)

e′,ω,ω = −2ρ′0ξh (−βh + 3ω((−1 + 2ω)αh + βh) + γh) (B.20)

s′,ω,ω = − ρ′0kB
ω(1− ω)

. (B.21)

For CISSe the enthalpy function is defined by αh ≡ βh ≡ 0.
These relations then give:

Θ(ω, ω0) =

(
−1− ν

E

M0
,ω

Ω2
− 1

)−1

. (B.22)

The magnitude of the step in the final composition-distribution thus depends on the
Young’s modulus, as expected. And for E → 0, the fraction inside the brackets tends to
infinity and the inverse to 0. So Θ and with it the final step vanish. On the other hand,
for E →∞ the term in brackets and thus Θ tend to −1 and so ∆ωA = ∆ω0

A. The initial
state is thus equal to the final state and so no diffusion occurs. Intermediate values of E
will then lead to a non-homogeneous steady-state distribution.

B.5 Critical Compositions and Enthalpy

Note that Θ is not only dependent on the Young’s modulus but also on the terms contained
within M0

,ω, particularly on the enthalpy factor ξh, see eq. (B.20). For a vanishing ξh ≡ 0,
only the entropy term survives and the steady-state is solely determined by the Young’s
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modulus. For non-vanishing ξh, the exact size of the jump and the dynamics in general
is determined by the interplay between ξh, the entropy and E.

The enthalpy function postulated by Xue et al131 is always positive, implying that
the intermixing of In and Ga in CIGSe is an endothermic process requiring the addition
of energy. The entropy term −Ts′, in contrast, is negative because energy is released
due to the increase in entropy. Both terms, the entropy and endothermic enthalpy, thus
counteract each other.

If ξh is such that for some composition ω̃ the binding energy- and entropy-derivatives
are equal: e′bind,ω,ω(ω̃) ≈ Ts′,ω,ω(ω̃), then the stress-independent part of the diffusion
potential gradient vanishes:

M0
,ω = e′bind,ω,ω − Ts′,ω,ω = 0. (B.23)

The solutions ω̃ to this equation are in the following called critical compositions of M0.
Note that the ω̃ depend on the specific set of parameters chosen. If the composition
within the system happens to be everywhere equal to some critical value ω̃ (there may
exist more then one) and no additional stresses are present, then the interdiffusion comes
to a halt.

eq. (B.23)
=====⇒ j ≡ −LM0

,z = −LM0
,ωω,z → 0. (B.24)

Note, however, that if not all points in space share the same critical composition, then
in general these points do not constitute fixed-points of the interdiffusion. The reason
is that M,ω = 0 is not a sufficient condition for a steady state. For a steady-state the
diffusion eq. (4.10) needs to vanish, i.e. ∇j ≡ 0. So for a steady state to develop, not
only the derivative of the diffusion potential needs to vanish at a given point but also its
second derivative has to be 0. On the other hand, the solution found in appendices B.2
and B.3 was constructed from an ansatz, the step-like compositional distribution, that
ensures the vanishing of all second order derivatives and so these solutions really constitute
steady-states.∗

If stress is present, then for M0
,ω = 0 the diffusion is determined only by the stress-

dependent Mσ
,z and the flux is given by j = −LMσ

,z, see eq. (4.15). Furthermore, with
eq. (B.19) and Mσ

,ω = −Mσ
,ω0

this results in:

j ≡ −LM,z = −L(

≈0︷︸︸︷
M0

,ω ω,z +Mσ
,ωω,z +Mσ

,ω0
ω0,z)

⇒ j = −L E

1− ν
Ω2(ω,z − ω0,z). (B.25)

This means that if the stress-independent contributions at some ω̃, then the flux is driven
by the difference between the compositional gradients at the initial and actual state. This
flux can be expected to be around an order of magnitude smaller then the original flux
because of its dependence on the difference in compositional derivatives.

∗The only point at which this is not clear is the jump point itself. But since the jump’s derivative
is a delta function with constant coefficient, see eq. (B.7), its second derivative vanishes. This can be
envisioned imagining a delta peak as a very steep peak around some center. It will have a second derivative
symmetrical around the center at which the peak is located and so any average of the second derivative
over an arbitrarily small interval around the center will vanish. This can be interpreted, if one is careful
enough, as the vanishing of the derivative of the delta function.
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With this in mind, eq. (B.24) can be interpreted as follows: Although compositions ω̃,
i.e. solutions to eq. (B.23), do not generally constitute fixed points of the interdiffusion,
they define regions in phase space where the fluxes become an order of magnitude smaller
and so interdiffusion slows down considerably. These points and their surroundings are
then sources of novel dynamics and are examined in the next section. This dynamic
ensues at places inside the thin-film where compositions cross or approach the critical
compositions ω̃.

B.6 Dynamics Maps

As laid out before, there are two kinds of “fixed-points” of the diffusion equation. The
ones that arise as solutions to eqs. (B.12) and (B.16) for ω̄ which are genuine fixed-points
that lead to a vanishing of the interdiffusion altogether (because they are constructed
accordingly). Then there are the solutions to eq. (B.23), denoted by ω̃, which constitute
points at which the interdiffusion is slowed down considerably, whether stresses are present
or not according to eq. (B.25) or eq. (B.24), respectively. These are fixed-points only if
all positions in the system exhibit some critical composition ω̃.

Figure B.2: Plot showing the steady-state behavior of the
diffusion equation for CIGSe for different enthalpy factors ξh.
The composition at the jump point, ω̄ is shown in dotted grey,
the equilibrium composition to the left and right of the jump,
ωL/R, are shown in solid red and green, respectively. In dotted
black the solutions to eq. (B.23) are shown. The vertical lines
in magenta with labels a) to c) refer to the simulations shown
in fig. B.3. See text for details.

To grasp the variable dynamical situa-
tions that can develop for different param-
eter values a plot like fig. B.2 can be help-
ful. Here the solutions to the steady-state
eqs. (B.12) and (B.16) and the critical com-
positions, {ω̄, ωL, ωR, ω̃}, for CIGSe are
shown for different ξh and for a fixed E =
70.4 GPa as blue, red and green curves and
as dotted black lines, respectively. The size
of the steady-state jump ∆ω can be read of
as the difference at a given value of ξh be-
tween the solid red and green curves. ∆ω
is seen to increase with increasing enthalpy
factor. This is because for increasing ξh
the term M0

,ω decreases, see eq. (B.22), and
thus Θ gets closer to one, corresponding to
a more and more hampered interdiffusion.

The vertical, magenta-colored and a)
labeled line in fig. B.2 corresponds to a
simulation with ξh = 1. The Ga-content

distributions for different times of such a simulation for CIGSe is shown in fig. B.3 a).
The black-dotted line shows the steady-state that is read off from the intersections of the
magenta line with the red and green curve in fig. B.2 for a). As shown, for such relatively
low enthalpy factors the equilibrium analysis gives fairly accurate predictions and the
Ga composition indeed converges as expected to the stress steady-state ω̄ according to
eqs. (B.12) and (B.16).

Furthermore, in fig. B.2 for values of ξh exceeding ξh ≈ 1.7 the eq. (B.23) starts to
exhibit solutions, i.e. there exist values of ω̃ for which the equation is fulfilled. Those
solutions are shown in fig. B.2 as black dotted lines. The diffusive fluxes at points in
space inside the system which exhibit compositions around those black-dotted lines then
diminish considerably. For stress-influenced diffusion only places with strong differences in
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the compositional gradients between actual- and initial-state will contribute significantly
to the flux. I.e., places with large (ω,z − ω0,z), see eq. (B.25). For stress-free diffusion
only places with strong gradients in composition ω,z exhibit relatively large fluxes, see
eq. (B.24).

For ξh > 1.7 the simulations settle in a steady-state that resembles the form eq. (B.6),
but the numerical values of the left and right composition differ from what would be
expected from the red and green curves in fig. B.2. See fig. B.3 b) as a simulation
example. The dashed black line corresponds to the stress steady-state and the dotted
black line shows the critical value belonging to the enthalpy, eq. (B.23). Figure B.3b)
show that for such enthalpy factor values the simulation settles in-between those different
steady-state compositions. This might well hint at the critical compositions (the black

Figure B.3: Ga distributions for CIGSe simulations with different enthalpy factors ξh. Figure a), b) and c) corresponds
to the magenta lines labeled accordingly in fig. B.2. Figure d) corresponds to the same enthalpy factor as for figure c) but
without stresses. See text for details.

dotted curve in fig. B.2) forming an attractive region for the equilibrium phase point
of the system. Attractive in the sense that the equilibrium value, e.g. for ωL, will be
“dragged” towards the dotted line, away from the red-curve. This is of course only
educated guessing and a detailed analysis of the fixed-points and their stability for the
interdiffusion system would be in order to finally settle the steady-state behavior of the
system for all parameter values. This would certainly go beyond the scope of the present
work. However, note that for enthalpy factor approaching 2.5 in fig. B.2 the steady-state
is well described by the left composition ωL approaching a composition ω̃ corresponding
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to the critical compositions. See fig. B.3 c) as an example. This behavior, most likely, is
because according to eq. (B.25) the flux around places with such a critical compositions
is only determined by the difference in compositional gradients. But since the critical
compositions for high ξh are close to the starting composition ωL0 ≈ 1 of the interdiffusion,
the compositional gradients ω,z can only have changed very slightly before the critical
compositions are approached and so the fluxes very rapidly drop to low magnitudes.

Last, but not least, fig. B.3 d) shows a simulation at ξh = 2.4, the same value as for
fig. B.3 c), with the difference that in this simulation stresses were disregarded and the
interdiffusion is only dependent on enthalpy and entropy. The dotted black line in fig. B.3
d) shows the numerical value of the critical compositions, corresponding to the intersection
of the magenta c) line with the upper branch of the black-dotted line in fig. B.2. The
composition values within the initially Ga-rich part can be seen to rather rapidly approach
this critical compositons. At the same time, the jump can be seen to disintegrate and
move towards the back contact while the composition value at the edge always roughly
corresponds to the critical compositions. This behavior can be comprehended with the
help of eq. (B.24) for stress-free diffusion. While M0

,ω approaches zero at all places which
have a composition close to the critical value, ω ≈ ω̃, only places with a strong gradient
ω,z will have a non-vanishing flux j. This is, first of all, the edge itself. So while the
Ga compositions in the left part of the film approach the critical value and the fluxes
nearly vanish around it, only the flux directly at the edge is considerably different from
0, leading to the movement of the edge to the left and to the consumption of the Ga-step.
Resulting, in the end, in a homogeneous Ga distribution throughout the film.

Plots like fig. B.2 can then be used to quickly grasp different possible dynamical
situations the simulations might produce according to different parameter values.



Appendix C

Kinetics and Thermodynamics

C.1 Se Flux at CISSe Front Layer

The magnitude of the flux of Se atoms impinging onto the surface of the thin-film during
selenization experiments performed for CISSe is roughly estimated. See section 3.1 for
the experimental details. The volume of the reaction box is given as VB ≈ 100 cm3. The
total mass of Se placed inside the reaction box is mSe = 100 mg. The process temperature
is T = 500 ◦C and the mass of atomic Se is given by uSe = 80 u, with u denoting the
Dalton, 1u ≈ 1.66 · 10−27 kg.

The quantity that is to be calculated is the flux, i.e. the number N of Se molecules
impinging onto a surface area A during time ∆t: jSe := N

A∆t
, see section 4.1.3 on the

definition of the flux. This quantity is intimately connected to the pressure p = F/A
inside the chamber and thus, especially, at the surface of the thin-film. F then is the
force experienced by Se molecules as they hit the surface and A is the surface area. The
force on a single molecule is approximated by the change in momentum ∆m when hitting
the surface. For N molecules hitting the surface during time ∆t:

F := N
∆m

∆t
= pA (C.1)

⇒ N

∆tA
= jSe =

p

∆m
. (C.2)

To proceed, first the pressure p is determined: As the temperature is raised inside
the furnace and reaction chamber the solid Se droplets are assumed to evaporate into a
diatomic gas of Se2.115 This Se gas then fills the whole volume of the reaction chamber
which prior to raising the temperature was in a state of high vacuum. The pressure inside
the reaction chamber is then approximated from the ideal gas law assuming all the Se
evaporated into a diatomic gas:

pVB = nSeRT =
1

2

NSe

NA

NAkBT =
1

2

mSe

uSe
kBT

⇒ p ≈ 4.000Pa. (C.3)

In the above equation R = NAkB is the gas constant, NA = 6.02 · 1023 is Avogadro’s
number, NSe is the number of Se atoms present and nSe is the number of moles of diatomic
Se gas inside the chamber. The 1/2 stems from the fact that the number of diatomic
molecules is half the number of Se atoms present, obviously.
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Next, to calculate eq. (C.2) the change in momentum ∆m must be found. The collision
between an Se molecule and the thin-film surface can be regarded as a standard collision
between a very light particle and a very heavy, immobile counterpart. The momentum
then does not change in magnitude during the collision but only in orientation: The Se
molecules are reflected at the surface. Be the momentum prior to the collision m and
afterwards −m, then |∆m| = 2|m| ∗. The momentum m itself is given by the mass
and velocity vSe of the molecules: m = 2uSevSe. The velocity of an Se molecule can be
approximated by kinetic gas theory from which it is known that the kinetic energy of one
molecule is equal to nfkBT with nf some pre-factor derived from the number of degrees
of freedom. The number of degrees of freedom for a diatomic gas is 7: three translations,
three rotations and one oscillation. Then nf = 7/2 and for the kinetic energy EK :

EK =
1

2
(2uSe)v

2
Se =

7

2
kBT

⇒ vSe =

(
7kBT

2uSe

) 1
2

(C.4)

⇒ |∆m| = 4uSe

(
7kBT

2uSe

) 1
2

. (C.5)

With eqs. (C.3) and (C.5) the flux in eq. (C.2) can be calculated:

jSe =
p

∆m
≈ 50

mol

s m2
. (C.6)

This rough estimate shows that the flux impinging onto the surface of the thin-film from
the gas-phase is bigger than the Se flux that is transported into the film via diffusion, see
e.g. fig. 4.9 c).

C.2 Volume Thermodynamics

In an interdiffusion process each atom, corresponding to its species, is assigned a so called
partial atomic- or molar†- volume Ωi. This is indicating the atom’s size if embedded within
the crystal structure. If two atoms of different species with differing partial volumes or an
atom and a vacancy then exchange places on the lattice, the local volume changes by the
difference in partial volumes. In this section a quick review of the calculation of partial
volumes is presented.

The total volume of a thermodynamic system V is an extensive quantity of state and
generally depends on the number Ni of particles of species i in the system and on the
stress that acts on it. However, the effect of stresses and strains is covered elsewhere, e.g.
in chapter 5, and the volume here is understood as the volume in the stress-free state.

The total differential of the volume V = V (NA, NB, NV ) for a system involving two
particle species A and B and vacancies can then be written as

dV =

A,B,V∑
i

ΩidNi. (C.7)

∗Only the absolute value is needed for the calculation of the pressure.
†Both, atomic- and molar-volumes are proportional to each other with the constant Avogadro’s number

being the proportionality factor. So both only differ in their respective unit.
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The Ωi are the partial volumes of species i, i.e. the volume associated with a single atom
of species i∗. Note that only the mobile species are accounted for in the sum. E.g.,
during interdiffusion of Ga and In in CIGSe Cu and Se are assumed to be homogeneously
distributed and so not to change their distribution on average. But they of course also
contribute to the overall volume V of the system. Each Ωi then really measures the volume
of species i and a constant contribution from the average volume of the surrounding
matrix. Equation (C.7) can be integrated immediately using Euler’s theorem, yielding

V =

A,B,V∑
ΩiNi (C.8)

1/N
==⇒ V

N
≡ Ω =

A,B,V∑
Ωiλi =

A,B∑ :=Ωi−ΩV︷︸︸︷
Ω̄i λi + ΩV . (C.9)

Here, N is the total number of lattice sites (or mol) inside the crystal and Ω thus the
volume per lattice site. In the second line the network constraint was used. The quantities
Ω̄i are called partial differential volumes and measure the difference in volume between
the atomic species and vacancies†.

Calculating the total differential of the volume, eq. (C.8), and comparing with the
defining differential of V , eq. (C.7), reveals the Gibbs-Duhem relation for the partial
volumes,

0 =

A,B,V∑
NidΩi (C.10)

1/N
==⇒ 0 =

A,B,V∑
λidΩi. (C.11)

The Gibbs-Duhem relation and the network constraint eq. (2.8) are then used to calculate
the differential of the lattice site volume Ω from eq. (C.9), giving

dΩ =

A,B,V∑
Ωidλi (C.12)

λV =1−λA−λB========⇒ dΩ =

A,B∑
Ω̄idλi. (C.13)

The partial differential atomic volumes are then well defined as the partial derivatives of
Ω because dΩ is a total differential,

Ω̄i :=
∂Ω

∂λi

∣∣∣
λj 6=i

= Ωi − ΩV . (C.14)

If experimental values for the unit cell size of the different phases are given, then the
partial differential atomic volumes can be calculated. Denote the unit cell volume in a
pure phase of species i as V UC

i and the maximum number of available lattice sites for
the interdiffusing species as n. Then the volume associated with one lattice site (of the
interdiffusing species) is given by:

Ω̃i :=
V UC
i

n
. (C.15)

∗In this interpretation the Ni are the numbers of atoms of species i. If Ωi were to denote the partial
molar volumes then the Ni were the number of mol of i.

†Here the vacancies were chosen as dependent species by virtue of the network constraint. However,
the theory can be formulated equivalently choosing any species as dependent one.
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According to Vegard’s law, i.e. according to the principal of alloying described in sec-
tion 2.3.2, the average lattice site volume of a mixture of phases with differing unit cell
volumes is phenomenologically given by

Ω =

A,B,V∑
i

Ω̃iλi. (C.16)

To connect the measured atomic volumes Ω̃i with the partial differential atomic volumes
Ωi, eq. (C.14) in connection with eq. (C.16) is used. Note that despite the similarity
between eq. (C.16) and eq. (C.9): Ω̃i 6= Ωi, generally. Specifically, the phenomenological
atomic volumes for pure species Ω̃i are composition independent while the partial atomic
volumes Ωi can depend on composition.

C.2.1 No Vacancies

If vacancies are omitted from consideration then the dependence of partial volumes on
measured volumes is rather simple after all: They are equal. To see this, first note that
λV ≡ 0 = 1− λA − λB and thus dλB = −dλA. This is used in eq. (C.13) to calculate the
total differential of Ω,

dΩ =

:=ΩA−ΩB︷︸︸︷
∆Ω dω = Ω̄dω

⇒ Ω̄ = ∆Ω. (C.17)

Here ω ≡ λA was used. The relations eqs. (C.9) and (C.16) then read for vanishing
vacancies:

Ω =

:=Ω̃A−Ω̃B︷︸︸︷
∆Ω̃ ω + Ω̃B = ∆Ωω + ΩB. (C.18)

From the first relation the partial differential volume Ω̄ can be calculated via eqs. (C.14)
and (C.17) giving:

Ω̄ = ∆Ω =
∂Ω

∂ω
= ∆Ω̃. (C.19)

With this and eq. (C.18) it follows immediately that:

ΩA = Ω̃A (C.20)

ΩB = Ω̃B. (C.21)

So the partial atomic volumes are equal to the measured volumes corresponding to pure
phases.

C.2.2 Vacancies

If a connection is to be made between the partial volumes defined by eq. (C.14) and
eq. (C.9) and the phenomenological volumes Ω̃i given by measurements or simulations,
eq. (C.16), then a model describing the volume of vacancies Ω̃V has to be adopted. In
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this thesis the ideas of Svoboda et al.75 are followed and the vacancy volume is defined to
be equal to the average atomic volume of the phase mixture.

This is equivalent with the following notion: Imagine a small volume element W of
the crystal including vacancies, jogs and the binary diffusion couple A and B with given
compositions λi, i ∈ {A,B, V }. Imagine a number NV of vacancies being produced at the
jogs and then diffusing out of W , being replaced by substitutional elements while keeping
the original composition inside W unchanged. As the NV substitutional elements A and
B diffuse into W to take the vacancies’ lattices sites, they add an average volume of NV Ω
to W , Ω being the average lattice site volume at the composition of W . The increase in
volume of NV Ω can then be interpreted as the volume change due to the generation of
NV vacancies of volume Ω̃V :

NV Ω̃V = NV Ω = NV

(
A,B,V∑
i

Ω̃iλi

)

⇒ Ω̃V = Ω = λV Ω̃V +

A,B∑
i

λiΩ̃i

⇒ Ω = Ω̃V =

A,B∑
i

λi
1− λV

Ω̃i =

A,B∑
i

ωiΩ̃i = ω∆Ω̃ + Ω̃B. (C.22)

The vacancy volume is then equal to the average lattice site volume and thus composition
dependent. The average lattice site volume itself behaves like a quantity of mixing follow-
ing Vegard’s law for the relative compositions ωi, for which of course: ωB = 1 − ω with
ω ≡ ωA. The phenomenologial equation for Ω is then equivalent to the previous results,
eq. (C.18).

However, at the same time the lattice volume Ω depends on the partial volumes Ωi

according to eq. (C.9). This also defines the partial differential volumes, eq. (C.14). The
partial differential volumes can then be calculated using the phenomenological equation
for Ω, eq. (C.22), in eq. (C.14):

Ω̄A = ΩA − Ω =
∆Ω̃

1− λV
(1− ω) (C.23)

Ω̄B = ΩB − Ω = − ∆Ω̃

1− λV
ω. (C.24)

The Ω̄k are the partial differential volumes, measuring the local change in size when a k
atom is interchanged with a vacancy, which is defined to be of local average lattice site
volume. Note that the following handy relation holds:

0 =

A,B∑
k

Ω̄kλk =

A,B∑
k

Ω̄kωk. (C.25)

Using this in Ω = Ω̃V =
∑A,B Ω̄iλi + ΩV immediately gives:

ΩV ≡ Ω̃V . (C.26)

The partial volumes for species A and B follow from eqs. (C.23) and (C.24):

ΩA = Ω̃A + (1− ω)ωV ∆Ω̃ (C.27)
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ΩB = Ω̃B − ωωV ∆Ω̃. (C.28)

Here the “vacancy content” ωV ≡ λV
1−λV

was defined for convenience. With these rela-
tion, eqs. (C.26) to (C.28) the partial volumes of species A and B and vacancies can be
calculated from the measured volumes Ω̃A/B at all compositions.

However, for simplicity and because the difference in dynamical behavior of the simu-
lation is minimal, unless otherwise noted the partial volumes Ωi are usually evaluated at
the reference compositions: Ωi = Ωi(λ

′).

C.3 The Reference State and Thermal Expansion

C.3.1 Reference State

For multiple reasons it is convenient to define a state of the material in which it’s volume
- denoted V - does not change. This state is called the reference state which takes up an
associated constant volume, the reference state volume V ′ ∗. Generally, quantities defined
or expressed w.r.t. the reference state are denoted with a prime.

The reference state is useful in thermodynamical calculations because the density of
the system defined w.r.t. the reference volume will stay constant during the process if no
lattice-sites are created or destroyed. This simplifies many calculations. Also determining
the elastic state of the material includes calculating the deformations that the material
undergoes and because deformations are relative quantities a material state has to be
specified with respect to which to measure the changes in shape and volume. It will become
apparent that it is beneficiary to express those quantities with respect to a constant
reference volume.

It is especially advantageous to select as reference state the stress free state of one
of the participating phases.79 This, however, does not imply that the reference state will
be overall stress-free because the actual material is a mixture of different phases and
its stress-free configuration will therefor generally differ from the reference state. The
configuration of the material that actually is stress-free is referred to as the stress-free
state.

The reference state is arbitrarily chosen to be the state exhibiting a lattice parameter
equivalent to the free deformation of the equal mixture of both components. In the case
of CIGSe the gallium and indium phase are equally present in the reference state. In the
case of CISSe a mixture containing equal parts of selenium and sulfur is the reference
state. So the reference state is the state in which the compositions are given by:

CIGSe: ω′Ga = 0.5 , ω′In = 0.5 ⇐⇒ CuIn0Ga1Se (C.29)

CISSe: ω′Se = 0.5 , ω′S = 0.5 ⇐⇒ CuInS0Se1 (C.30)

C.3.2 CTEs

Also temperature changes influence the lattice parameter and therefor have to be consid-
ered in the definition of material states. Since the processes are conducted at elevated but
constant temperatures, see chapter 3, the temperature will not explicitly be kept track of

∗Technically, a one-to-one mapping can be defined which maps, for all times, each point of the actual
volume of the material to a point in some constant staying volume, the reference volume.
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and all lattice parameters are understood to be taken at the constant process tempera-
ture, T . To relate the literature values of lattice parameters with their values at different
temperatures, the CTEs are used. Be a(T ) the lattice parameter at temperature T and
a0 the literature value of the lattice parameter at some temperature T 0 (normally this is
equal to the room temperature, TR), then the Coefficient of Thermal Expansion (CTE)
can be defined by a Taylor expansion of a around T 0:

a(T ) =

=:a0︷ ︸︸ ︷
a(T 0) +

∂a

∂T

∣∣∣
T=T 0

:=T−T 0︷︸︸︷
∆T

⇐⇒ a(T ) = a0

1 +
1

a0

∂a

∂T

∣∣∣
T=T 0︸ ︷︷ ︸

=:αa

∆T

 = a0(1 + α∆T ). (C.31)

The quantity αa is the CTE in the direction a. It is generally dependent on composition
and on the crystallographic direction along which it is measured, i.e generally αa 6= αc.
Since the deformations caused by changing temperatures are assumed to lie in the linear
elastic regime, this behavior can be captured adequately by postulating a relation in the
form of eq. (2.4) for the CTEs∗

The connection between the CTEs for different crystallographic directions and the
CTE of the effective lattice parameter ā, which is called ᾱ, remains to be shown. This
connection will depend on the unit cell geometry and since tetragonal materials are inves-
tigated here, this special case will be treated. To find the connection, the unit cell volume
is calculated at an elevated temperature, T , once with the lattice parameters a and c and
then with the effective lattice parameter ā = (V UC)1/3:

V UC(T ) = a(T )2c(T ) = a2
0c0(1 + (2αa + αc)∆T ) (C.32)

⇐⇒ V UC(T ) = ā(T )3 = ā3
0(1 + 3ᾱ∆T ). (C.33)

The fact that thermal expansion coefficients are small quantities was used and terms of
higher than linear order in the CTE are omitted. Comparing (C.32) and (C.33), it is
found that:

ᾱ =
1

3
(2αa + αc). (C.34)

Here αa and αc are assumed to depend on the composition ω according to (2.4).
Equation (C.34) together with eq. (C.31) is then used to calculate the effective lattice

parameter at elevated temperatures from literature values for the different crystallographic
directions. See appendix A.

C.4 Diffusion Coefficients

This section gives a brief overview about different definitions of the diffusion coefficients,
thus extending the discussion given in section 4.1.3.

∗The CTEs need to be quantities that follow Vegard’s law if the lattice parameters are also. This
follows by demanding that changing the order of processes that influence the lattice parameter does not
change the resulting value: Temperature- followed by compositional change (i.e. mixing) or vice versa.
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The tracer diffusion coefficient, D?i is the proportionality factor between the flux and
the density gradient for species i, as in eq. (4.11): ji = −D?i ρi,z ∗. This equation holds
if there are no additional driving forces on the diffusing species than the effect of the
entropy of mixing.

C.4.1 Intrinsic Diffusion Coefficient

Additional driving forces on species i can be represented as an additional and effective
velocity field v̄i that contributes to the diffusive flux:85

ji = −D?i ρi,z + ρiv̄i = −DIi ρi,z. (C.35)

This equation then defines the intrinsic diffusion coefficient DIi . The intrinsic diffusion
coefficient is connected to the tracer diffusion coefficient by the thermodynamic factor
denoted αT :

DIi = D?iαT . (C.36)

For diffusional processes involving only the entropy of mixing DIi must be equal to the
tracer diffusion coefficient D?i and so αT ≡ 1 in this case.

To find an equation for αT and thus for the intrinsic diffusion coefficient, the gen-
eralized Fick’s law eq. (C.35) can, for two interdiffusing species without vacancies, be
connected to the representation of the flux using the gradient of the diffusion potential:
j ≡ jA = −LM,z, see eq. (4.15). Because M = µA − µB the gradients of the chemical
potentials need to be determined. Phenomenologically the chemical potentials are given
by the thermodynamic activity γi:

86

µi = µ0
i + kBT ln(γiλi). (C.37)

Here, µi0 is the chemical potential of the pure species i, i.e. γi = 1 (ideal solution) and
λi = 1. The activity coefficient then encompasses, for the chemical potential, diffusional
driving forces that go beyond the entropy of mixing (i.e. for ideal solutions). These
chemical potentials are not independent but connected by the Gibbs-Duhem relation,
see eq. (4.22):

∑
i λiµi,z = 0. Inserting eq. (C.37) into the Gibbs-Duhem relation and

evaluating the gradient gives:

µi,z = kBT

(
1

λi
λi,z +

∂ ln(γi)

∂z

)
(C.38)

Gibbs-Duhem
=======⇒ 0 =

∑
i

λi
∂ ln(γi)

∂z
. (C.39)

Here
∑

i∈{A,B} λi,z = 0 for the two-component system was used (because
∑

i λi = 1).

Evaluating the gradient of the diffusion potential M using eqs. (C.38) and (C.39) it is
found:

j = −LM,z = −L (µA,z − µB,z)

⇒ j = −LkBT
(

1

λAλB
λA,z +

(
∂ ln(γA)

∂z
− ∂ ln(γB)

∂z

))
∗As before, a subscript separated by a comma symbolizes the partial derivative with respect to this

variable.
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⇒ j = −L kBT

λAλB

(
1 +

∂ ln(γA)

∂ ln(λA)

)
λA,z. (C.40)

In the final step the identity ∂f/∂ ln(x) ≡ x ∂f/∂x was used. Comparing eq. (C.40) to
eq. (C.35) (with ρi = ρλi and ρ being the total density in the reference state and thus
constant) the phenomenological coefficient and the thermodynamic factor are found:

ρDI = ρD?αT = L
kBT

λAλB

(
1 +

∂ ln(γA)

∂ ln(λA)

)
⇒ L = D? ρ

kBT
λAλB (C.41)

⇒ αT = 1 +
∂ ln(γA)

∂ ln(λA)
. (C.42)

Note that for the case of vanishing additional driving forces γ ≡ 1 and thus αT ≡ 1, as
demanded.

C.4.2 Interdiffusion Coefficient and Darken’s Equations

If, additional to diffusional driving forces, the observer moves relative to the laboratory
with some average velocity v̄, then the diffusional flux can be written as follows:85

ji = −DIi ρi,z + ρiv̄ =: −Dρi,z. (C.43)

This equation defines the interdiffusion coefficient D which is independent of the particle
species and gives the rate of smoothing of an initial compositional gradient.

To understand the interdiffusion coefficient the following considerations help∗. Imag-
ine, first, to describe the diffusion process relative to the local lattice (i.e. from the
material reference frame). The diffusive fluxes relative to the lattice are given by the con-
stitutive relations jli = −DIi ρi,z and the lattice velocity is v̄l. The same diffusional problem
can be described from the center of volume system (or center of mass or mole, all with
equivalent results). The fluxes in the center of volume are denoted j�i and the velocity of
the center of volume is v̄�. Because the observed fluxes must be the same, regardless of
the used reference system, the diffusive fluxes in the center of volume description can be
described by the fluxes relative to the lattice:

jli + ρiv̄
l = Ji = j�i + ρiv̄

�∑
i Ωiρi=1

======⇒∑
i Ωij�i =0

vl − v� = −
∑
i

Ωij
l
i

=⇒j�i = Ωj 6=i
(
(1− λi)jli − λijlj 6=i

)
. (C.44)

Inserting the constitutive relations for the fluxes jli into eq. (C.44) and considering that∑
i Ωidρi = 0 (which follows by dividing eq. (C.9) by Ω, forming the differential on both

sides and using the appropriate Gibbs-Duhem eq. (C.10)) an equation for the diffusive
flux relative to the center of volume is found:

j�i = −
(
ρBΩBDIA + ρAΩADIB

)
ρi,z (C.45)

⇒ D = ρBΩBDIA + ρAΩADIB. (C.46)

∗Mostly taken from the very nice introduction by Sekerka.122
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This is a generalization of Darken’s result166 for the interdiffusion coefficient for species
with differing partial volumes. Note, however, that this description supposes the de-
scription of the diffusion process from within the center of volume (- or mass or mole)
frame. This is done in most derivations of Darken’s relation implicitly by assuming a
very long sample in comparison to the diffusion zone. In this work, however, no such
assumption about frames is made and so the intrinsic diffusion coefficients are used, not
the interdiffusion coefficient.

Furthermore, the lattice velocity v̄l can be assumed to be much smaller then the
average velocity of atoms partaking in the interdiffusion and can thus be neglected in
setting up the diffusion equation, eq. (4.10). This can be seen as follows: The lattice
velocity is caused solely by the elastic and plastic deformation of the underlying lattice.
During the process time this only results in a total deformation of the thin-film in the
order of some percent of its original extent. However, during the process time atoms move
through the whole thickness of the thin-film, their velocity must thus be much larger then
the average lattice velocity.

C.5 Thermodynamics of Intediffusion with Vacancy

Generation

In a rigorous manner, the fluxes jk and the vacancy generation rate αij introduced in sec-
tions 6.1.3 and 6.1.4, can be determined by means of non-equilibrium thermodynamics.82

The following is mostly according to Svoboda et al..128,75 The fields of the problem, i.e.
the fluxes and αij, which can generally vary with position and are thus fields in the clas-
sical sense, can be obtained as solutions to a variational principle. This principle, going
back to Onsager,129 states that the fields are such that the rate of energy dissipation, q,
of the system is maximal while being equal to the rate of flow of Gibbs free energy out
of the system: ġ = −q. If both conditions are to be fulfilled for known functions q and ġ
of the fields, then Lagrange multipliers ξ can be used to find the extrema of q under the
condition ġ+q = 0. The derivative (actually, the variation) of the function f = q+ξ(ġ+q)
can then be calculated with respect to the fluxes and the vacancy generation rate to find
ξ = −2. Inserting this into f , the following handy relation results whose solutions are
used to determine the fluxes and αij:

δ
(
ġ +

q

2

)
= 0. (C.47)

Here, δ is the variation symbol and ġ is the time derivative of the Gibbs free energy
density. Both, g and q, depend on the fluxes and on αij which for the variation are
considered as independent variables. The variational procedure in eq. (C.47) then calls
for the derivation with respect to the jk and αij. Given n − 1 independent fluxes and
n2 αij values, there are n− 1 + n2 derivatives of eq. (C.47) that can be calculated. This
together with the constraint

∑
i ji = 0, relating the diffusive fluxes, gives the n(n + 1)

constitutive equations for n fluxes and the n2 components of the vacancy generation rate
αij.

The dissipation q is given as the sum of the fluxes and the vacancy generation rate,
each multiplied to their respective driving force, Fi:

q = αijF
α
ij +

∑
k

jkFk. (C.48)
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F α
ij is a rank two tensor determining the tendency of the system to create or annihilate

lattice sites. Furthermore, the fluxes and αij are assumed to depend linearly on their
driving forces∗.128,82,75 Designating the proportionality coefficients as Ak and Bijkl, then
jk = AkFk and αij = BijklF

α
kl. Bijkl is a rank 4 tensor somewhat analogous in inter-

pretation to the elastic stiffness tensor Cijkl and can be interpreted as containing the
information that determines how strongly the material deforms in which direction in re-
sponse to a given driving force for lattice site creation. Solving these relations for the
driving forces and inserting them into eq. (C.48) gives the dissipation in terms of the
fluxes and αij. Inserting into eq. (C.48) gives:

q = Bijklαijαkl +
∑
k

j2
k

Ak
. (C.49)

To use the variational eq. (C.47) the derivative of the Gibbs free energy density remains
to be calculated. To do this accurately, the change in energy density due to the change
in volume has to be considered explicitly. The total Gibbs free energy of the system G
is the integral over the Gibbs free energy density g, G =

∫
gdV , where the integration

is extended over the entire system’s volume. Then g is split into two parts, one stress
dependent and one stress independent part, g = g0 + gσ, as in eq. (5.39). The g0 part
can be calculated analogously to eq. (4.21) as the sum g0 =

∑
k µ

0
kNk over the stress

independent chemical potentials µ0
k. The stress dependent part is just the mechanical

gibbs-free energy density, with eq. (6.13) and eq. (5.41) resulting in: gσ = σεσ/2. With
these preparations done the time derivative of G can be calculated transforming terms of
the form dV̇ with the relation dV̇ = (V̇ /V )dV .128

Resulting from good book keeping are the following relations:

Ġ =

∫
ġdV (C.50)

ġ =
αij(µV δij − sijΩ)

Ω
+

A,B∑
k

jk∇Mk (C.51)

Mk := µ0
k − µ0

V − σΩk (C.52)

µV := µ0
k − µ0

V − σΩ. (C.53)

σ and sij are the hydrostatic and the deviatoric stress, respectively. The µ0
k and µ0

V are
the stress-independent chemical potentials of atoms of species k and of vacancies.

Next, eqs. (C.49) and (C.50) are plugged into the variational eq. (C.47) and the deriva-
tions with respect to the jk and αij are calculated. The result are the flux eqs. (6.19)
and (6.21) to (6.23). And for the vacancy generation rate tensor it is found that:

αij = −Bijkl
(µV δkl − sklΩ)

Ω
. (C.54)

To proceed calculating for an isotropic material αij, the tensor Bijkl can be split into
two contributions: One that only couples to the diagonal of an input tensor with the factor
K−1

1 , the inverse bulk viscosity, and one that couples to the off-diagonal components with
a factor K−1

2 , the inverse shear viscosity. Equation (C.54) can then be written

αij = − µV
K1Ω

δij +
1

K2Ω
sij. (C.55)

∗In technical terms the dissipation is assumed to be a quadratic form in the fluxes and αij .
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A detailed analysis of arbitrary distribution of dislocations with different burgers vec-
tors throughout a material can then provide deeper inside.162 Assuming that the dislo-
cations are homogeneously distributed through the material and carefully counting all
distributions from differently oriented dislocations, one can calculate how many vacancies
are generated in unit time on average at a given dislocation. Assuming that all gener-
ated vacancies will diffuse out of the volume element, the appropriate atomic flux can
be calculated. From this information the rate of Gibbs free energy density change and
the dissipation can be calculated and the variational principle can be again solved using
eq. (C.47). From this results the vacancy generation rate αij in dependence of the burg-
ers vectors present. Averaging over non-textured material results, upon comparison to
eq. (C.55) in equations for K1 and K2:

K1 = 3K (C.56)

K2 =
15

2
K (C.57)

K =
fRT

2πD̃?āHΩ

λV
λeqV

. (C.58)

This with eq. (C.55) results in the same relation as used in eq. (6.20).
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