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Zusammenfassung
Diffusionsinduzierte Strukturübergänge haben eine hohe Bedeutung für das Wachstum und
die Verarbeitung sowie den Betrieb von Bauelementen aus Halbleiterheterostrukturen. Und
obwohl die Untersuchung von Diffusionsmechanismen zu den grundlegenden Problemen
der Materialwissenschaft gehört, sind die meisten bisher verwendeten experimentellen Me-
thoden eher makroskopisch mit geringer räumlicher Auflösung. Andererseits eröffnen sich
neue Wege für ein besseres Verständnis von Festkörperphasenübergängen durch die Mög-
lichkeiten, einzelne Atome und ihre kollektive Bewegung in modernen Transmissionselek-
tronenmikroskopen (TEM) mit speziellen Probenhaltern direkt zu beobachten. Die Verwen-
dung dieser leistungsstarken Technik zur direkten Beobachtung von Strukturübergängen, die
im TEM unter kontrollierten Bedingungen stattfinden, eröffnet die Möglichkeit, Phänomene
zu untersuchen, die sonst übersehen würden. In dieser Arbeit wurde in situ TEM genutzt,
um Phasendiffusionsprozesse in Echtzeit mit hoher räumlicher Auflösung während struk-
tureller Übergangsphänomene in verschiedenen Systemen zu untersuchen, die durch eine
zunehmende Anzahl von Einflussparametern wie Kristallorientierung oder Dehnung cha-
rakterisiert sind.

Die Messung der Interdiffusion an planaren Grenzflächen zwischen (Al,Ga)As-Schichten
unterschiedlicher Zusammensetzung während des Glühens sollte als Fallstudie betrachtet
werden, um die Leistungsfähigkeit und die Grenzen der in situ-Methode zu beurteilen, be-
vor komplexere Phasenübergänge untersucht werden. Ein neuer hybrider Probenpräpara-
tionsansatz in Kombination mit einer Kohlenstoffbeschichtung wurde verwendet, um die
Interdiffusion in der Heterostruktur bei Temperaturen bis zu 800 Grad Celsius mit der in si-
tu Weitwinkel-Dunkelfeld-Rastertransmissionselektronenmikroskopie (HAADF STEM) zu
untersuchen. Die beobachtete Grenzflächenverbreiterung zeigte eine starke Abhängigkeit
der Diffusionskoeffizienten von der lokalen Zusammensetzung von Al und Ga. Als nächstes
wurde HAADF STEM verwendet, um die Phasenseparationsbildung von Bi-reichen Clus-
tern in einem Ga(Sb,Bi)-Film direkt zu beobachten. Die Ergebnisse zeigten, dass sie sich
durch spinodale Zersetzung bilden. Weiterhin konnte gezeigt werden, dass der Trennungs-
prozess einen stationären Zustand erreicht, bei dem der Energiegewinn durch die Phasen-
trennung durch die zunehmende Volumenspannung in den Bi-reichen Clustern ausgeglichen
wird. Der komplexeste strukturelle Übergang, der in dieser Arbeit untersucht wurde, ist die
Festphasenepitaxie (SPE) von Ge auf Fe3Si, die zur Bildung einer neuartigen epitaktisch
stabilisierten FeGe2-Phase führt. Mittels in situ hochauflösendem (HR)TEM konnten die
verschiedenen Schritte dieses Phasenübergangs alle in Echtzeit beobachtet werden. Die Er-
gebnisse zeigten, dass eine intermediäre CsCl-ähnliche Phase von FeGe2 zunächst durch
einen diffusionsbegrenzten Prozess Schicht für Schicht von der Ge/Fe3Si-Grenzfläche aus
wächst. Nach einer bestimmten Filmdicke wandelt eine zweite Umwandlung den Film in
eine tetragonale Schichtstruktur von FeGe2 um. Dieser Prozess beginnt ebenfalls an der
Grenzfläche zum FeGe2 und kann auf Dehnung zurückgeführt werden.

Die Ergebnisse zeigen die Vorteile, die in situ TEM für die Untersuchung von struktu-
rellen Phasenübergängen in Heterostrukturen bietet. Es werden neue Wege zur Realisierung
der Präparation und Untersuchung von Querschnittsproben im TEM aufgezeigt, die dazu
beitragen könnten, diese Technik auf eine breitere Palette von Materialien und Bauelemen-
ten anzuwenden.
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Abstract
Diffusion induced structural transitions have a high significance for the growth and process-
ing as well as the operation of semiconductor heterostructure devices. And although the
study of diffusion mechanisms belongs to the fundamental problems in materials science,
most experimental methods used so far are rather macroscopic with low spatial resolution.
On the other hand, new avenues for a better understanding of solid-state phase transitions
are emerging through the possibilities to directly observe individual atoms and their collec-
tive motion in modern transmission electron microscopes (TEM) with specialized sample
holders. Using this powerful technique to directly observe structural transitions occurring
inside the TEM at controlled conditions opens up the possibility to investigate phenomena
that would be otherwise missed. In this work, in situ TEM was utilized to investigate phase
diffusional processes in real time with high spatial resolution during structural transition
phenomena in various systems which are characterized by an increasing number of impact
parameters such as crystal orientation or strain.

The measurement of interdiffusion at planar interfaces between (Al,Ga)As layers of dif-
ferent composition during annealing should be considered as a case study to assess the per-
formance and limitations of the in situ method before investigating more complex phase
transitions. A new hybrid sample preparation approach combined with carbon coating was
used to investigate the interdiffusion in the heterostructure at temperatures up to 800 ◦C with
in situ high angle annular dark field scanning transmission electron microscopy (HAADF
STEM). The observed interface broadening revealed a strong dependence of the diffusion
coefficients on the local composition of Al and Ga. Next in situ HAADF STEM was used to
directly observe the phase separation formation of Bi-rich clusters in a Ga(Sb,Bi) film. The
results showed that they form by spinodal decomposition. Further, it could be shown that the
separation process reaches a steady state, where the energy gain by phase separation is bal-
anced by the increasing volume strain in the Bi-rich clusters. The most complex structural
transition investigated in this work is the solid phase epitaxy (SPE) of Ge on Fe3Si resulting
in the formation of a novel epitaxially stabilized FeGe2 phase. By using in situ high resolu-
tion (HR)TEM the different steps of this phase transition could all be observed in real time.
The results showed that an intermediate CsCl-like phase of FeGe2 grows first by a diffusion
limited process layer-by-layer from the Ge/Fe3Si interface. After a certain film thickness, a
second transformation transforms the film into a tetragonal layered structure of FeGe2. This
process also initiates at the interface to the FeGe2 and can be attributed to strain.

The results show the advantages that in situ TEM offers for the investigations of structural
phase transitions in heterostructures. New pathways to realize the preparation and investi-
gation of cross section samples inside the TEM are provided, which could help to apply this
technique to a wider array of materials and devices.
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1 Introduction

Transmission electron microscopy (TEM) is one of the most popular characterization meth-
ods for the investigation of semiconductor heterostructures due to its high resolution and
the availability of a wide array of complementary signals, which enable a nearly complete
description of the sample structure on an atomic level [1]. The extension of TEM to the
direct in situ observation of structural transitions has recently been gaining attention due
to developments in microscopes and, most importantly, new sample holder designs [2–5].
In situ TEM allows the controlled triggering of physical or chemical processes inside the
microscope while simultaneously observing the response by any available imaging mode.
A multitude of stimuli have already been demonstrated, such as heat, mechanical stress,
electrical voltages, or magnetic fields. Even performing the experiments in liquid or gas en-
vironments with dynamically controlled flow has become possible. This opens up a plethora
of applications in chemistry, materials, and life sciences.

The understanding of solid-solid phase transformations is of key importance for many
technological applications, but regarding the kinetics, many open questions remain [6]. Es-
pecially in the case of heterostructures, the formation mechanisms are often determined by
dynamic processes at the interfaces and solid-state diffusion of atoms. The most important
questions here are the growth kinetics of a particular phase in different directions relative
to the crystal structure and heterostructural interfaces. Further, the influence of the dimen-
sions and morphology of the structures have to be taken into account. To answer all these
questions, real-time investigations with high spatial resolution are necessary, which can be
provided by in situ TEM.

Owing to the global effort towards electrification and a reduction of environmental dam-
age, two research areas have developed as the focus of attention for in situ TEM, namely
rechargeable battery technology and catalysis [7, 8]. However, much of the work in these
and other fields has been limited to the investigation of nanoparticle or nanowire samples
due to the difficulty of obtaining thin specimens for TEM with well-controlled, clean sur-
faces and no changes to the structure or chemistry of the material. This approach is not
always available for the investigation of structural transitions related to interdiffusion or
interfacial strain, as these critically depend on the sample geometry. For example, the ex-
change reaction of Al diffusing into a Ge nanowire and forming an Al-Ge alloy has been
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Introduction

investigated by in situ TEM [9]. There, it was found that the velocity of the reaction front
varied for an unpassivated wire surface but showed a smooth movement in the presence of an
Al2O3 shell, demonstrating the importance of controlled surfaces. For this reason, this work
aims at improving the preparation of samples and using this to investigate the stability and
diffusion-driven phase transitions in heterostructure systems, which are relevant for modern
devices.

For this work, three different structural transitions were investigated where diffusion is
the main driving force. The first is interface broadening by interdiffusion in an artificial HS.
The second is diffusion-driven phase separation in a metastable dilute semiconductor. The
last investigated process is a diffusion-driven solid phase epitaxy (SPE) process that includes
a solid-solid phase transition between multiple metastable structures.

Interdiffusion at heterostructural interfaces is a fundamental process with high technolog-
ical relevance for the growth, functionality, and deterioration of many devices. This is espe-
cially true for systems with relevant length scales of a few atomic layers. While diffusion has
long been investigated [10], there are still open questions about the kinetics, especially con-
cerning anisotropy and interactions with defects. To investigate these, a spatially resolved
real-time investigation can provide insights, which would otherwise be difficult to obtain.

Phase separation can occur in metastable materials when a less intermixed phase is ener-
getically more favorable. In this case, diffusion can lead to the emergence of clusters with a
composition different from the surrounding matrix [11, 12]. In this process, many different
properties of the sample, particularly the proximity of interfaces and crystalline defects, can
have a strong influence not only on the kinetics but also on the resulting structure. The in-
vestigation of the mechanisms of phase separation structures can help improve the stability
of novel metastable materials.

The primary investigation in this work is an SPE process that combines the aspects of
interdiffusion, phase stability, and epitaxial strain. There have been very in situfew studies
of SPE in real space. This means that the interpretation of the transition process relies on
simulations, and intermediate steps can not be recognized at all if they only exist locally. In

situ TEM is ideally suited to fill this gap and observe the whole phase transition process in
cross-sectional geometry and in real-time.

Outline First, the theory and literature on the investigated structural transitions are de-
scribed. This chapter will outline the open questions and experimental challenges while
introducing the theoretical foundations for the quantitative analysis of the results. The next
chapter revolves around the research device used in this work, the Transmission electron mi-
croscope (TEM). It starts by introducing the physical working principles, the most critical

2



Introduction

device parts, and the different signals available for analysis. Afterward, it is explained how
an image is formed, focusing on the important techniques for this work, high-resolution
transmission electron microscopy (HRTEM), scanning transmission electron microscopy
(STEM), and energy-dispersive X-ray spectroscopy. The following chapter expands on the
application of TEM for in situ investigations. The applications and related challenges are
illustrated as well as solutions to make these experiments possible. The critical factor for
this is the specialized TEM holder using high-performance micro-electromechanical sys-
tem (MEMS)-chips as well as the choice of a suitable imaging mode. A whole chapter is
dedicated to the preparation of specimens for in situ TEM investigations. Here, the state-
of-the-art techniques will first be described: conventional thin-film polishing and focused
ion beam (FIB) in situ lift out. Then a new hybrid approach is presented that promises to
combine the advantages and avoid the drawbacks of the other methods.

The following three chapters present the experiments and results of this work. The first
one about the interdiffusion in (Al,Ga)As heterostructures constitutes two major parts. These
are the surface protection via carbon coating to prevent sublimation at the temperatures
necessary to overcome the diffusion barrier and then the quantitative analysis of high an-
gle annular dark-field (HAADF) STEM image series to measure interdiffusion for different
compositions and length scales. The following chapter presents the case of a metastable
GaSbBi film where at elevated temperatures, uphill diffusion occurs, leading to the forma-
tion of clusters. The process of their emergence is analyzed, shedding light on the involved
phase separation process. Further, the location of the clusters and the influence of the sample
surfaces on this is explored. The last and most extensive experimental chapter is about the
SPE of Ge on cubic Fe3Si. In this chapter, HRTEM videos of the SPE process as different
stages are combined with static HAADF STEM and energy dispersive X-ray spectroscopy
(EDX) investigations to obtain a complete understanding of the involved two-step phase
transformation. Special attention is paid to the role of interdiffusion and strain, which both
are essential for the resulting metastable layered structure.
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2 Diffusion Related Structural Transitions

The following chapter contains a short overview describing the investigated structural tran-
sitions. A focus is placed on open questions and ways in situ TEM can contribute to the
research. First, the fundamentals of diffusion and methods of investigating it are explained.
Then the role of phase stability is described, and the case of phase separation is discussed.
Next, the process of solid phase epitaxy is described. Last, the investigated material systems
and previous research are summarized.

2.1 Elemental Diffusion in Solid Materials

In the following, a brief description of the fundamentals of diffusion in solids is given, based
on the descriptions in a book chapter by Derek Shaw [10]. The methods for investigating
this diffusion are presented, showing where in situ TEM can offer additional insight.

2.1.1 Fundamental Aspects of Diffusion

The diffusion of atoms through space is a process that occurs in all forms of matter above the
temperature of absolute zero. This is also true for crystalline semiconductors, where atoms
are confined to discrete lattice positions.

Fick described the most fundamental and purely entropy-driven diffusion with two laws:

J = −D∇c (2.1)

and

δc

δt
= D∇2c (2.2)

where c is the concentration of an element, J is the flux of atoms per unit area, and D is
the so-called diffusion coefficient. Fick’s first law of diffusion describes the proportionality
between the concentration gradient and the diffusion flux. The second law describes the
resulting time-dependent evolution of the atomic concentration.
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2 Diffusion Related Structural Transitions

For a two dimensional (2D) interface with a concentration c = c0 for x > 0 and c = 0 for
x < 0 equation 2.2 can be solved with

c = c0

[
1

2
+ erf

(x
L

)]
(2.3)

with

L = 2
√
Dt. (2.4)

This means the interface widens until, after infinite time, a homogeneous concentration of
c0/2 is reached. The velocity of this process is then determined by the diffusion coefficient
D, which is generally temperature-dependent and follows the Arrhenius relation

D = D0 exp(−Q/kBT ). (2.5)

In this equation, T is the temperature, D0 is the maximum diffusion coefficient, kB is the
Boltzmann constant, and Q is the activation enthalpy. The latter describes the thermal activa-
tion necessary for diffusion. For a solid crystal, this includes the energy barrier to stretch the
bonds in order to jump to the next lattice position. Therefore the diffusion constant is gener-
ally much smaller in crystals than in liquids or gases and depends strongly on the diffusion
mechanism.

2.1.2 Diffusion Mechanisms in Crystalline Material

The diffusion in crystals can be categorized into the two main groups of defect- and non-
defect mechanisms. The latter consists of two neighboring atoms switching positions. This
process is generally believed not to play a significant role in semiconductor systems due to
the relatively high energy barrier. However, there are two defect point defect types that can
significantly enhance diffusion: vacancies and interstitials. In compound semiconductors,
there also are antisite defects. These defects can also interact or be ionized into different
charge states leading to complex diffusion mechanisms, each with different activation ener-
gies. In this regard, it is also important to distinguish between self-diffusion and impurity
diffusion. In the former case, the diffusant is a component of the matrix material. In the latter
case, it is a foreign element and therefore always alters the local crystal matrix. Generally,
impurity diffusion is much more relevant for applications because it changes the material
over time.

Vacancy diffusion consists of an atom jumping into a neighboring vacancy position. An
atom can only move by this mechanism if such a neighboring vacancy is present. Further,
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2.1 Elemental Diffusion in Solid Materials

this means that any net flux of atoms into one direction results in an equal flux of vacancies
in the opposite direction. Therefore, to sustain a vacancy-assisted diffusion mode over an ex-
tended time, a source for vacancies is needed. Interstitial diffusion circumvents the obstacle
of occupied neighboring lattice points by moving via interstitial positions in between. This
mode is primarily important for the diffusion of small atoms in a matrix of larger spacings.

Other diffusion modes like the intersticialcy, dissociative or Frank-Turnbull mechanism
consist of an interaction between different point defects. Further, also extended defects like
dislocations [13] and grain boundaries [14] can serve as effective channels for diffusion.
Therefore, the diffusivity generally strongly depends on the crystal microstructure. In par-
ticular, diffusion in crystals is generally not isotropic and progresses faster on higher density
lattice planes. Therefore, the orientation of the crystal or individual grains can have a large
influence. Additionally, under the effect of an electron beam, even high energy barriers can
be overcome by radiation-enhanced diffusion. All of these effects have to be taken into
account when planing an experiment to investigate diffusion processes. Because all these
mechanisms can contribute to the diffusion simultaneously, the effective diffusion coeffi-
cient Deff is the sum of all of these.

2.1.3 Measuring Diffusion

The direct observation of diffusion is very challenging due to the difficulty of measuring
single atom dynamics on lenght scales in the Ålength scale [15]. Therefore, typically only
the distribution of a diffusant after the process is investigated. Depending on the type and
geometry of diffusion, there is a range of different techniques available. However, most of
them are destructive because a cross-section of the diffusion region has to be exposed, or it
has to be removed step-wise between measurements. To then determine the concentration
profile, it is possible to either perform electrical measurements or directly probe the elemen-
tal distribution. The former allows for very precise measurements, but previous knowledge
of the dependency between electrical properties and diffusant concentration is necessary. An
example for the latter approach would be secondary ion mass spectrometry which can mea-
sure extremely low concentrations with a depth-resolution of several nanometers [16, 17].
The obtained distribution then allows calculating a diffusion length for one specific anneal-
ing time and one temperature. To obtain the diffusion coefficient, this has to be performed
with multiple samples under different annealing conditions.

Compositional interdiffusion across heterointerfaces can also be nondestructively inves-
tigated by high-resolution X-ray diffraction or photoluminescence. By comparing it with
theoretical calculations, the details of the high-resolution X-ray diffraction pattern allow the
determination of interface widths. Also, the photoluminescence signal of quantum wells is
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2 Diffusion Related Structural Transitions

modified by interdiffusion. Using a non-destructive investigation technique allows for suc-
cessive anneals on the same sample, which saves time and dramatically improves the compa-
rability of the data points. However, both techniques require extensive previous knowledge
or assumptions about the exact shape of the interdiffusion profiles and its influence on the
measured signal. Further, they offer a poor spatial resolution, which makes it impossible to
investigate local variations.

The TEM and its associated techniques are also often used to characterize compositional
interdiffusion due to its high spatial resolution over large investigation areas [18–21]. Most
importantly, TEM allows the investigation of diffusion processes in complex three dimen-
sional (3D) structures at the small length scales present in modern devices [22].

All the previously described techniques for measuring diffusion are based on repeated se-
quential annealing and investigation. However, this procedure has several drawbacks. Gen-
erally, the environmental conditions in the annealing chamber and the investigation device
are very different. Especially, it has been shown that the proximity to surfaces can strongly
affect the diffusion via the introduction of additional vacancies [23]. Changes introduced
during the transfer can therefore not be distinguished from the effects of the annealing.
Further, for each cycle, the sample has to be heated and cooled down. This is especially
important for short intervals at the target temperature.

In situ TEM offers the prospect of overcoming all of the previously described challenges.
It enables the observation and quantification of interdiffusion in modern semiconductor de-
vices with complex structures on length scales of a few nanometers. Further, it enables the
observation of the identical sample position at different annealing times, which significantly
improves the comparability of results and makes it possible to distinguish effects occurring
during the heating and cooldown periods.

2.2 Phase Stability

Phase stability is an essential factor for any application of a multi-component material in
a heterostructure. It is necessary to retain stoichiometry when growing additional films at
higher growth temperatures. This is especially true for compounds that are difficult to grow,
like Ga(Sb,Bi) alloys.

In the following section, the topic of phase stability and cluster formations will be sum-
marized based on the description in ref [24]. A more detailed explanation can be found in
ref [25]. Afterward, the applications and research of dilute bismides are presented.
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2.2 Phase Stability

2.2.1 Gibbs Free Energy

In section 2.1 only downhill diffusion based on Fick’s laws was discussed. However, also
other factors play a role in atomic diffusion. Generally, phase transformations are driven by
a minimization of the Gibbs free energy G with

G = H − TS (2.6)

where H is the enthalpy (energy), S is the entropy, and T temperature. For an enthalpy
term of H = 0, the diffusion in the alloy could be purely described by Fick’s laws favoring
infinite entropy S. This means that mixing would always be energetically favorable and
diffusion would continue downhill, meaning from high to low concentration, until a homo-
geneous mixed composition is reached everywhere in the material.

For most materials, H depends on the composition and cannot be neglected and can be
either positive, inhibiting intermixing, or negative, promoting it. A popular model to quan-
tify this is the so-called quasi-chemical model, which describes the change of enthalpy via
intermixing ∆Hmix as a function mainly of strain and a difference in binding energy between
mixed and pure phases, and often the enthalpy is found to favor separation into pure phases
[26]. In that case, one speaks of a miscibility gap where at a specific composition, the energy
cost of the enthalpy is greater than the energy gain by entropy.

The Gibbs free energy G(T,X) for such a simplified binary system A(1-X)BX with misci-
bility gap is sketched in figure 2.1(a) for a temperature T1. There are two minima outside of
which the alloy is thermodynamically stable because the system favors intermixing. There-
fore, any composition fluctuations would increase the total Gibbs free energy. The curve
showing the temperature at which these minima are found [see Figure 2.1(b)] is called the
binodal curve. The other important points in this are the inflection points where

d2G

dX2
= 0. (2.7)

In between those points, uphill diffusion will occur, where atoms diffuse from low to high
concentration, thus further increasing the gradient. Outside of these inflection points, the
alloy is metastable because for minor variations of the composition ∆X << 1

d2G

dX2
(X0) > 0⇒ G(X0) <

G(X0 + ∆X) +G(X0 −∆X)

2
. (2.8)

Therefore small changes in composition increase the energy. Only if a nucleus is formed
at a very different composition could it decrease. The line describing the temperature-to-
composition relation of the inflection points as depicted in Figure 2.1(b) is called chemical
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2 Diffusion Related Structural Transitions

Figure 2.1 (a) Simplified graph showing the dependence of the Gibbs Free Energy on the composition. (b)
Sketch showing the shape of typical binodal and spinodal lines, which follow the minima and turning points
of the Gibbs free energy, respectively. (Figure adapted from ref [25])

spinodal.

In the above description, the consideration of diffusion mechanisms and corresponding
energy barriers has been omitted. Therefore, even an unstable alloy may remain intact for
extended periods, especially if kept at low temperatures.

2.2.2 Cluster Formation

When an alloy is not in the thermodynamically stable regime, the formation of clusters can
occur. Two types of phase separation are schematically depicted in Figure 2.2. The first
mode in Figure 2.2(a) is called spinodal decomposition, which can occur if the material
composition lies between the spinodals in the thermodynamically unstable regime. As in-
dicated by the black arrows, this causes compositional fluctuations which, through uphill
diffusion, develop into clusters at stable compositions X1 and X2. In practice, however,
some additional factors are affecting this decomposition. If the lattice parameters or even
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2.2 Phase Stability

Figure 2.2 Sketches showing two modes of phase separation resulting in clusters. (a) Spinodal decomposition
based on uphill diffusion. (b) Nucleation of small clusters and subsequent growth by downhill diffusion in
the surrounding matrix. (Figure adapted from ref [25])
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2 Diffusion Related Structural Transitions

the structure between the separated phases differ strongly, this leads to additional strain and
interfacial energies. Therefore, the spinodal decomposition can be limited by these effects
and not continue till the equilibrium compositions at X1 and X2 are reached.

The process illustrated in Figure 2.2(b) is also possible in the metastable regime. Follow-
ing equation 2.8 infinitesimal fluctuations in compositions are not favorable, but if a nucleus
forms with a composition on the opposite side of the maximum in Figure 2.1(a), it is possible
for clusters to form by downhill diffusion. This phase separation process can then lead to a
similar result as the spinodal decomposition. However, instead of changing the composition
of the clusters during the process, they only grow in size. For that reason, observation of the
material during the phase separation can give valuable insights into the nature of the process.

2.3 Solid Phase Epitaxy

Modern Research seeks to combine new materials into epitaxial heterostructures to link
magnetic, electronic, and topological properties in customized ways. However, the direct
epitaxial growth of layer stacks consisting of very dissimilar materials has proven to be a
challenge due to the often very different growth temperatures of the various components
[27–29]. One approach to circumvent this fundamental problem is the so-called solid-phase
epitaxy (SPE), which offers great flexibility regarding the combined materials and the inter-
face topology [30, 31]. In this method, the material is not directly grown as a crystalline epi-
taxial film but is instead first deposited in an amorphous state and in a second step annealed
to initiate crystallization. A more exhaustive description of this technique, experimental
influences and applications with focus on Si and Ge is presented in ref [32].

2.3.1 Procedure

The experimental methods used for the application of SPE are very diverse due to the
flexibility of the technique. Common to all of them is the basic principle. A metastable
amorphous material is in contact with a crystalline substrate. During heating, local rear-
rangements at the crystalline-amorphous (c-a) interface occur, transforming the amorphous
material into the crystal structure of the substrate.

For the preparation of the sample before annealing, there are several different available
methods like plasma-enhanced chemical vapor deposition, evaporation, sputtering chemical
vapor deposition, physical vapor deposition, metal-organic chemical vapor deposition, and
molecular beam epitaxy [32]. Further, SPE is used to recrystallize materials that were amor-
phized during ion implantation. The choice of the method and the details of the procedure
can have a strong influence on the amorphous film structure and, therefore, affect the SPE
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2.4 Investigated material systems

process during annealing. The same applies to the heating. The temperatures required for
SPE are relatively low compared to direct crystalline growth of the same material. However,
the heating rates and target temperatures can strongly affect the diffusion and, consequently,
the resulting crystal structure.

2.3.2 Characterization of the SPE Process

The time-resolved investigation of SPE can be difficult since the c-a interface is generally
buried under solid material on both sides. A typical method used to monitor the motion of
the c-a interface is time-resolved reflectivity, which makes use of the difference in refractive
index between amorphous and crystalline phases [32]. This can be used to determine the
depth of the interface at any time to an accuracy of a few nanometers by exploiting inter-
ference between the surface and interface. However, a minimum thickness in the range of
some tens of nanometers of the amorphous layer is required.

Other techniques with a high spatial resolution like TEM are needed due to the require-
ment to grow thinner films and more complex interface topologies. Further, TEM can yield
insights in to the real space distribution of grains with different crystal orientations and
therefore help understand the factors promoting or hindering epitaxial alignment.

2.4 Investigated material systems

To progress the application of in situ TEM for the investigation of the above described struc-
tural transitions, three different material systems were selected as exemplary case studies.
In the following, the relevance of these materials and previous research on them will be
presented.

2.4.1 (Al,Ga)As Heterostructures

The name III-V semiconductor is used to describe the family of materials consisting of the
elements from group 13 (formerly group IIIB) and 15 (formerly group VB). These materials
are widely used for optoelectronic applications like light-emitting diodes, optical sensors,
lasers, and solar cells because of their direct band gap. In particular, the ability to form
ternary or quaternary alloys of these elements opens up the possibility to nearly indepen-
dently tune different material properties like the lattice parameter and the band structure
[33–35]. Except for the nitrides, which form in a wurtzite crystal (P63mc), they all share
the zincblende structure (P43m). This means that a further degree of freedom for the design
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2 Diffusion Related Structural Transitions

of customized devices can be gained by growing layered heterostructures of III-V materials
with different compositions.

The interfacial properties generally play a critical role in the functionality and perfor-
mance of devices [36]. This is especially true for the complex, layered heterostructures
grown from III-V compound semiconductors. There, each layer can comprise a ternary or
quaternary compound. This means that there are quite a lot of different possible configu-
rations for the interface in these materials [37]. Further, there is a strong influence of the
structural roughness [38, 39] and chemical width of the interface [40, 41].

The heterostructure investigated in chapter 6 is based on the ternary (Al,Ga)As system.
It offers the advantage of very low strains due to the close lattice match between AlAs and
GaAs. Their bulk lattice parameters differ by only 0.1 %. Therefore, alloys of the form
AlxGa1-xAs can be grown atop each other with any composition and thicknesses up to 1 µm
without the introduction of misfit dislocations at the interface [42]. The band gap, on the
other hand, changes from 1.42 eV in GaAs to 2.17 eV in AlAs while switching between
direct and indirect band gap at about 45 % Al fraction [43]. Further, (Al,Ga)As-GaAs het-
erointerfaces form a type I band alignment, thus (Al,Ga)As can act as a barrier for electrons
as well as holes. These properties make (Al,Ga)As an interesting platform for tunneling
diodes [44, 45], solar cells [46, 47] or quantum cascade lasers [48, 49]. The ability to
create a 2D electron gas at the interface between GaAs and (Al,Ga)As additionally makes
(Al,Ga)As an ideal model system for the discovery of new fundamental physical processes
in low-dimensional structures [50, 51].

For these applications, especially for the use of complex heterostructures with thin layers,
precise control of the interface characteristics is necessary, and interdiffusion can strongly
affect the local band structure, which needs to be taken into account when designing the de-
vices. There have been several attempts to determine the activation energy Q and prefactor
D0 describing this interdiffusion at different temperatures (see Equation 2.5) [20, 52, 53].
However, the measured diffusion coefficients sometimes varied by more than two orders of
magnitude for different experiments at the same temperature [52]. The two main factors
contributing to this spread are the composition dependence [53] and the influence of the
vacancy density [52]. This can make quantitative investigations difficult for complex struc-
tures as both composition and vacancy distribution change during the annealing. Adding on
to this is the fact that significant interdiffusion during reasonable time frames can often only
be observed at temperatures above 800 ◦C. However, GaAs starts to sublimate under high
vacuum conditions when heated to more than 600 ◦C to 700 ◦C [54–56]. Counter pressures
or coverage of the sample is necessary, which can influence the point defect density. There-
fore, it is advantageous to be able to investigate directly in a device structure that makes
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spatially resolved techniques necessary. TEM has, in many cases, been successfully used to
make do quantify the interdiffusion even for complex, layered systems [1, 20, 57]. However,
as described in section 2.1.3 the need to prepare a new TEM sample after each annealing
step means that results are not always comparable. This is especially important when in-
vestigating complex structures where inhomogeneities in the sample can be confused with
annealing effects. Therefore, this thesis shows a path to apply in situ TEM to overcome
these issues.

2.4.2 Dilute Bismides

The addition of bismuth into III-V semiconductors has gained growing attention due to its
effect on the band structure, namely a reduction in band gap and an increase in spin-orbit
splitting [58–60]. This makes them promising as an active material for optoelectronic de-
vices in the mid-infrared range between 2 µm to 5 µm.

The most researched alloy of this type is Ga(As,Bi), where compositions with a Bi con-
centration of up to 22 % has been reached [61, 62]. Multiple photoelectric devices for high
wavelengths could be built based on this material, including light-emitting diodes [63] and
laser diodes [64]. However, the growth of high-quality crystals with a large Bi incorporation
has proven difficult. Due to the large difference in size and electronegativity, Bi tends to seg-
regate towards the surface. Consequently, the longest measured photoluminescence wave-
length reported is 1.5 µm which corresponds to a Bi concentration of only 10.5 % [61, 65].
Further, Ga(As,Bi) is thermodynamically unstable due to the relatively large positive mix-
ing enthalpy and can therefore only be formed in a kinetically assisted growth regime at
low temperatures [66]. This can then lead to the formation of Bi-rich clusters, as shown by
Wu et al. [67]. There, a GaAs1-xBix epilayer was grown at relatively low temperatures of
220 ◦C and 315 ◦C and subsequently annealed at 600 ◦C to 800 ◦C. While the as-grown film
showed a homogeneous composition, clusters could be observed in the annealed samples. It
was found there that depending on the composition and annealing time, the formation was
resulted either from spinodal decomposition or by a nucleation-growth process (see Figure
2.2)

More recently, there has been progress in the growth of Ga(Sb,Bi). Due to Sb and Bi being
more similar in size and electronegativity, higher solubility of Bi in Ga could be expected.
Further, The band gap of GaSb is already much smaller than that of GaAs. This makes it a
promising alloy for the development of type I quantum well lasers in the 3 µm to 5 µm wave-
length range which can not be reached with other more established antimonide materials.
However, similar to GaAsBi the incorporation of high amounts of Bi into GaSb remains a
challenge, and no higher Bi composition than 14 % could be realized yet. Further, fluctua-
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2 Diffusion Related Structural Transitions

tions in the composition could be observed at higher Bi concentrations [68]. However, there
have been relatively few structural investigations of Ga(Sb,Bi) films on the nanoscale with
techniques like TEM. Therefore, the details of potential cluster formation in these materials
yet remain unexplored.

Due to the low incorporation rate of the large Bi into GaSb, a low temperature has to
be chosen during the MBE growth. This, however, leads to a very high density of point
defects in the as-grown film, which have to be cured out by annealing, where the thermal
stability is decisive. Often rapid thermal annealing is applied in these cases to reduce the
amount of diffusion during the curing process. For a sample with a Bi content of 6.2 %, it has
been shown by photoluminescence that up to two hours of annealing at 450 ◦C improved the
crystal quality. At the same time, longer times caused a degradation [69]. Investigations of
the effect of annealing could improve the understanding of stability and degradation effects
in Ga(Sb,Bi) films.

2.4.3 SPE-grown FeGe2

The system Ge on Fe3Si offers an interesting case study for the application of SPE to grow
layer stacks of materials with very different growth temperatures [71, 72]. For this nominally
lattice-matched cube-on-cube system, there is no influence of epitaxial strain, and pure Ge
is expected to form during solid-phase epitaxy. However, strong diffusion of Fe into the
Ge film is detected at relatively low crystallization temperatures and, instead of pure Ge
with a diamond structure, an epitaxial film with a Fe content of about 35 % is obtained [73].
According to the Fe-Ge phase diagram in this composition range, the formation of the stable
FeGe2 compound is expected with the tetragonal CuAl2 structure and space group I4/mcm

[74]. A structural model of this crystal is depicted in figure 2.3(a) and (c) viewed from the
[100] and [110] direction. X-ray and electron diffraction measurements together with high-
angle annular dark-field scanning transmission microscopy studies demonstrated, however,
that a different metastable crystal structure has formed, which is characterized by a novel
vacancy-ordered tetragonal FeGe2 of the P4mm [73]. The unit cell of this layered structure
is depicted in figure 2.3(b) and (d). Due to the novelty of this material, many aspects like the
strain state or the details of the crystallization process are yet unknown. Investigations of the
creation of this phase could shed light on some fundamental aspects of epitaxially stabilized
structures.

16



2.4 Investigated material systems

Figure 2.3 (a) and (c) Structure of the stable FeGe2 compound with the tetragonal CuAl2 crystal structure. (b)
and (d) Layered structure of FeGe2 observed after vacancy ordering. Green and orange balls represent Ge
and Fe, respectively. The structural models were made with the VESTA software [70]
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3 Transmission Electron Microscopy

3.1 Fundamentals

Transmission electron microscopy (TEM) is one of the most widely used structural char-
acterization tools on the scale of several nanometers up to micrometers. The flexibility of
viewing area, resolution in the picometer range, and the availability of additional recip-
rocal space and spectroscopic information make TEM and scanning transmission electron
microscopy (STEM) the methods of choice for the structural investigation of complex semi-
conductor structures.

The following section describes the basic working principles of the TEM and complemen-
tary techniques utilized in this work. Most of the descriptions and equations in this chapter
are based on the book on TEM by Williams and Carter [75]. For more detailed information
on the principles explained in the following, the reader is referred to this more exhaustive
work.

3.1.1 Working principle

In many aspects, TEM works similarly to visual light microscopy (VLM). However, there
are some significant differences, the most obvious of which is the use of electrons. This has
several implications on the device setup and interaction with the investigated sample. Most
importantly, though, it enables a much higher spatial resolution δ, which for VLM is limited
by the Rayleigh criterion for diffraction described by the equation [75]

δV LM =
0.61λ

µ sin β
(3.1)

and can be approximately translated to TEM as

δTEM =
1.22λ

β
. (3.2)

In these equations, λ is the wavelength of the probing radiation, µ is the refractive index
of the sample (for simplicity, a homogeneous material is assumed), and β is the collection
semi-angle of the magnifying lens. Approximating unity for µ sin β and 550 nm (green light)
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3 Transmission Electron Microscopy

Figure 3.1 Overview of signals created in the TEM. Figure adapted from ref [75]

for λ, this leads to a minimum resolution of 300 nm for VLM, which is on the length scale
of about 1000 Atoms in a solid material. For the electron beam in TEM, the wavelength is
given by the de Broglie relation

λ =
h√

2meE
, (3.3)

where E is the kinetic energy of the electron, me its mass, and h is the Planck constant.
Electron energies used in TEM of several hundred thousand electron volts yield theoretical
resolutions in the picometer range. In a real TEM, the resolution is limited by imperfections
of the lens system, which will be described later.

Beyond the improved resolution, the use of a high-energy electron beam has the advantage
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of strong interaction with the sample. While this causes the need for extremely thin samples
to avoid double diffraction, a strong contrast mechanism is needed when investigating small
sample volumes. Further, there is a large number of different signals generated inside the
TEM depending on the type of interaction process (see Figure 3.1). These allow operators
to investigate different aspects of the sample and correlate this information with a real space
image of the sample or even map out an area. Coherently elastically scattered electrons
are used to form diffraction patterns and images that reflect the local crystalline structure.
Several signals yield information on the electron shell and band structure inside the material:
inelastically and incoherently scattered electrons, characteristic X-rays, and Auger electrons.
Rutherford scattering on the atomic cores gives rise to elastically, incoherently scattered
electrons that can be used for Z-contrast imaging. For in situ TEM, the electron beam can
further be used as a stimulus for chemical and electrical processes in the sample.

3.1.2 Microscope Setup

A TEM mainly consists of three technical parts: The electron gun, the lens system, and a
detection system. A schematic of the JEOL 2100F is depicted in Figure 3.2.

Electron Gun

The gun provides a high-energy electron beam for TEM investigations. The main require-
ments are sufficient brightness and coherency. Older TEMs use thermionic electron sources,
which are heated up so electrons can overcome the work function and escape into the vac-
uum, where a high voltage of several 100 kV accelerates them. The microscopes used for
this work (a JEOL 2100F and a JEOL ARM200F) are equipped with a field emission elec-
tron source. Here, the electrons are extracted by applying a voltage of several kV to an
extremely sharp tungsten tip. The high electric fields around the tip are enough to pull
the electrons into the vacuum. This is done without heating in the cold field emission gun
(FEG) of the JEOL ARM and additional heating in the Schottky FEG of the JEOL 2100F.
Electron beams from FEG, especially cold FEGs, have a much smaller energy spread and
much higher brightness than those generated by thermionic sources. Further, the extraction
area is much smaller, which increases the spatial coherency. This is important for STEM
mode, where the electron beam has to be focused on as small a probe as possible.

Lens System

In contrast to VLM, the lenses in a TEM consist of electromagnet multi-poles with fixed
positions but adjustable focal lengths. The optical system of the TEM can be categorized
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3 Transmission Electron Microscopy

Figure 3.2 Schematic showing the most important lenses and apertures in a TEM

into three groups: The condenser system controls the electron beam that hits the sample, the
objective lens system forms an image out of the wave leaving the sample, and the projec-
tor/intermediate lens system further magnifies and projects the image on the viewing screen
or camera. The latter is also used to switch between image and diffraction mode in TEM.

Condenser Lens System The purpose of the condenser lens system is the formation
of the electron beam that hits the sample. Therefore, it controls the beam current impinging
on the sample and the illuminated area. This is combined with an aperture that filters out
the low coherency electrons at the edge of the beam. It can be switched between STEM or
TEM mode by focusing the beam to a small spot on the specimen or forming a near parallel
wavefront. Especially in STEM mode, the resolution of the microscope depends critically
on the size and shape of the electron probe formed by the condenser system.

Objective Lens System After the interaction between the electron beam and the sam-
ple, the objective lens system collects the electron wave exiting the sample and forms a first

22



3.1 Fundamentals

magnified image. In this image plane, the selected area diffraction (SAD) aperture can be
inserted to permit only electrons from a specific area of the sample to pass. A diffraction
pattern forms in the back focal plane of the objective lens that would correspond to the
Fourier transform of the image in an ideal optical system. By inserting an aperture (contrast
aperture) here, only electrons diffracted into a particular direction can be selected, which can
be used to image crystal defects or the composition through changes in the structure factor.
Further, this aperture can be used to filter out high frequencies which cause complicated
image contrasts (see 3.1.3). For TEM, the resolution and contrast are mainly decided by the
quality and alignment of the objective lens system.

Detection System

The simplest way of making a TEM image visible is the use of a luminescent screen. This
allows the real time observation of the sample while moving it and also of the diffraction
pattern while rotating the sample into zone axis. Charge-coupled device (CCD) cameras
are usually used to record TEM images and diffraction patterns. These CCD cameras can
also be used for video recording of in-situ experiments, and the frame rate then limits the
time resolution. For STEM, the images are serially recorded with dedicated detectors as
described in section 3.3.

3.1.3 Contrast in Transmission Electron Microscopy

When the electron beam traverses the sample, it can interact with it via Coulomb interaction.
Depending on the type of exchange, this can create different signals in the exiting electron
wave. The interactions can be divided into inelastic and elastic based on whether the elec-
trons in the beam have lost energy or not. For TEM, the elastically scattered electrons are
used, while the inelastic scattering events can be utilized to obtain spectroscopic informa-
tion via electron energy loss spectroscopy or energy dispersive X-ray spectroscopy (EDX),
which will be explained later (see section 3.4).

Electron diffraction

In VLM, the image contrast mainly stems from absorption. However, in TEM, the wave-
length of the electron beam is smaller than the interatomic distances in the observed sample.
This makes it possible to use a contrast based on the diffraction of the electrons on the
periodic array of atomic cores in a crystalline sample.

When considering diffraction, it is advantageous to handle electrons as a wave instead
of a particle. Further, the kinematic approximation can be applied for a thin sample where
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(a) Construction of the Ewald sphere (b) Formation of the diffraction pattern

Figure 3.3 (a) Construction of the Ewald sphere for an incoming wave vector ~k, an outgoing wave vector ~k′

and lattice vector ~g. (b) Sketch illustrating the effect of thin film relrods on the diffraction pattern on the
example of a cubic crystal viewed in [001]-direction.

only a single elastic scattering is assumed. For conventional TEM, the electron beam can
be considered as a parallel wavefront on the length scales of the crystal lattice. Huygens’
principle then states that every scattering center acts as the origin of a new circular wave with
the same wavelength as the incident wave. These outgoing waves then interfere, causing
a direction-dependent intensity modulation. Max von Laue formulated the condition for
constructive interference as [75]

~g = ~k − ~k′ (3.4)

ei
~R~g = 1 (3.5)

with ~R being a lattice point, ~g the wave vector difference between incoming (~k) and outgoing
(~k′) electron wave. This condition is fulfilled for a periodic array of ~g vectors, thus defining
the reciprocal lattice. This relationship can best be illustrated on the Ewald sphere as in
Figure 3.3(a). The spots in this image represent vectors that fulfill the Laue condition. In
the case of elastic scattering, the absolute values of the wave vectors of the incoming and
outgoing waves are the same. Thus the room of elastic scattering vectors is described by
the surface of a sphere, or in two dimensions a circle, with radius 1

λ
. Both conditions at the

same time would therefore be only fulfilled for a very limited number of points. However,
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TEM samples are very thin in viewing direction, which is equivalent to an elongation of the
spots in reciprocal space into relrods. As displayed in Figure 3.3(b), this, combined with
the high energy of the electron beam, creates a diffraction pattern with a large number of
visible spots. For a more quantitative understanding, the amplitude of scattered electrons for
scattering vector ∆~k can be calculated by summing the contributions of all atoms in a unit
cell

Ψ(∆~k) =
n∑
i=1

fi(θ)e
2πi~ri·∆~k

︸ ︷︷ ︸
F (∆~k)

·
N∑
l=1

e2πi~rl·∆~k

︸ ︷︷ ︸
G(∆~k)

(3.6)

where ~ri is the atom position within a unit cell and fi(θ) is the atomic scattering factor of
the atom i into a direction that deviates by θ degrees from the incidence. The coordinate rl
gives the position of the unit cell. The first part of this term, which has been named F , is
the structure amplitude and is the part that depends on the lattice structure. The other part
G is called shape amplitude and describes the influence of the external shape of the crystal.
While the latter part is responsible for elongating the reciprocal lattice spots into relrods, it
is F (∆~k) that contains the material and structure-specific information. Depending on the
fi(θ) and the lattice symmetry, the intensity of certain reciprocal spots can be 0 (these spots
are then called "forbidden"). Further, they can depend on the atomic composition in the case
of alloys.

3.2 High-Resolution Transmission Electron Microscopy

In HRTEM, the phase information of the transmitted electron beam is utilized for contrast
formation instead of just the amplitude. This makes it possible to visualize the phase shifts
of electrons passing through atomic columns and those passing between them. The resulting
image is then a visualization of the crystal lattice, albeit not a simple and easy to analyze
projection. However, the phase component of the electron wave cannot be directly detected.
Instead, multiple diffracted beams are selected and used to create an interference pattern in
the image plane, which can then be detected with a camera or luminescent screen. In the
following, the phase contrast image formation will be shortly described based on Ref. [75].

In general, the wave function of the electron beam after interacting with the sample can
be written as

f(r) = A(r)exp(iφt(r)), (3.7)
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where A(r) is the amplitude and φt(r) is the phase shift acquired while passing through the
sample. For HRTEM, we assume a homogeneous input wave function (plane wave) and a
very thin sample. This makes it feasible to set A(r) = 1. Thus all the spatial information
about the sample is solely contained in the phase of the exit wave. In the phase object
approximation, it is now assumed that φt(r) linearly depends on the specimen’s integrated
potential along the electron path Vt(r). The proportionality constant is called interaction
constant σ, which leads to the equation

f(r) = exp(iσVt(r)). (3.8)

Assuming a very thin sample, the projected potential Vt(r) this equation can be Taylor ex-
panded neglecting all terms of second-order and higher. The exit wave function then takes
the simple form (weak phase object approximation):

f(r) = 1 + iσVt(r). (3.9)

It is, therefore, under these assumptions a simple projection of the sample potential. How-
ever, the intensity on the screen or the camera I = |f(r)|2 ≈ 1. The reason that a phase
contrast can be observed at all is found in the change induced by the imaging system to the
exit wave. The imperfect lenses act as a point spread function, so the wave at the detector
becomes

g(r) = f(r)⊗ h(r′ − r), (3.10)

where h(r′ − r) is the contrast transfer function (CTF). This equation is more commonly
used in reciprocal form

G(u) = F (u)H(u), (3.11)

where the CTF H(u) can be written as the product of three different contributions.

H(u) = A(u)E(u)B(u) (3.12)

These new terms are

• The aperture function A(u), which describes the influence of the contrast aperture.
For HRTEM, it acts as a low-pass filter cutting of all high frequencies.

• The envelope function E(u) reflects the dampening of higher frequencies due to de-
focusing mainly caused by the energy spread and thereby limited spatial and temporal
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3.2 High-Resolution Transmission Electron Microscopy

coherency of the electrons leaving the sample.

• The aberration function B(u) has a more complex shape and depends mainly on the
defocus and the spherical aberrationCs. The latter is a lens imperfection that describes
the shorter focal length for larger distances to the optical axis.

The envelope function E(u) can cause a blur of the image, which is only a problem for
extremely high resolutions. However, the aberration function B(u) can cause substantial
confusion due to its complex shape. It can be written as

B(U) = exp(iχ(u)) (3.13)

with

χ(U) = π∆fλu2 +
1

2
πCsλ

3u4. (3.14)

This function periodically changes signs and can completely change the appearance of the
recorded image. For a perfect understanding of the image contrast, it would be necessary
to always record series of images at different defocus lengths and compare them to image
simulations. To get images that can be directly interpreted, the aberration function should
be nearly constant for as large a frequency range as possible. To this end, the defocus can
be chosen such that the two terms in equation 3.14 mostly cancel each other out in a wide
range of frequencies u. This is called the Scherzer defocus ∆fSch and depends on Cs and λ.

∆fSch = −
(

4

3
Csλ

) 1
2

(3.15)

While not making the contrast transfer function completely constant, the Scherzer defocus
still enables the direct interpretation of HRTEM images, especially of relatively simple crys-
tal structures.

HRTEM is an extremely powerful technique when investigating samples on an atomic
scale. It offers an extremely high resolution even the contrast can not always be interpreted
without image simulation, and most variations in the material also reflect in the HRTEM
image. Therefore, it is well suited to observe inhomogeneities or changes during in situ

investigations. The downside comes from the fact that the exact position of atoms within
the unit cell can only be obtained through simulations or by comparison with results from
complementary techniques like HAADF STEM.
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Figure 3.4 Sketch of the arrangement of the STEM detectors. The separate HAADF detector is only present
in the ARM200F.

3.3 Scanning Transmission Electron Microscopy

A completely different mode of operation for an electron microscope is STEM. Contrary to
TEM, the sample is not illuminated by a parallel beam but by a convergent one focusing on
a small spot on the sample. Consequently, no direct image of the specimen is recorded with
a camera or viewing screen. Instead, the STEM detector consists of a disc-shaped bright-
field detector in the direct beam path and at least one ring shape annular dark-field (ADF)
detector. The Jeol ARM200F has a second one with a larger diameter, called high-angle
annular dark-field (HAADF) detector. Further, the camera length can be virtually changed
by focusing/defocusing the exit electron wave. This is used to adjust the angle ranges, which
are incident on the different detectors. Thereby, also the Jeol JEM 2100F can be operated
in HAADF mode by setting a sufficiently small camera length and increasing the scattering
angle measured with the ADF detector. The detectors for STEM are generally not pixelated
and can therefore record a single intensity value per measurement. To obtain an image
of the sample, the focused electron beam is shifted by sets of deflector coils and thereby
scanned across the sample. For each position, an intensity is recorded, giving a value for
the corresponding pixel in the STEM image. This means that, contrary to TEM, no image
is magnified by electron lenses. Thus, the image resolution is primarily determined by the
size and shape of the electron probe, i.e., by the quality and alignment of the illumination
system.

The contrast visible in a STEM image is determined by the selected scattering angle range.
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3.4 Energy Dispersive X-ray Spectroscopy

Selecting a small angular range, including the direct beam with the BF detector, results in
an image with a bright background and dark contrast at crystal defects or other structures
causing strong diffraction. Similarly to HRTEM, it can be challenging to interpret because it
contains chemical, thickness, and diffraction data, which can frequently not be distinguished.
Also, surface inhomogeneities can have a strong influence on the image. For large angles,
Rutherford scattering dominates, which is strongly dependent on the charge of the nucleus
of the target. As the scattering probability also scales linearly with the electron path length
through the sample, the intensity of a HAADF STEM image follows [76]

I ∝ t · Zγ (3.16)

with thickness t and atomic number Z. The exponent γ is a dimensionless empirical constant
that depends on the details of the electron-matter interaction and the collection angle. For
pure Rutherford scattering on a single nucleus, γ would equal two, but for HAADF STEM
of solid samples, other factors have to be considered. For example, the nucleus charge is
partially screened by electrons, and depending on the collection angle, there is also some
residual diffraction contribution to the HAADF images. Therefore, for typical HAADF
conditions, γ is expected to be closer to 1.7. This still gives a strong contrast based on the
atomic number. Consequently, this technique is often referred to as Z-contrast imaging.

Due to its easy-to-interpret contrast, HAADF STEM has become one of the primary struc-
tural investigation techniques on a lower magnification as well as at atomic resolution. Com-
pared to other imaging modes in the TEM, it only has the disadvantage of a relatively low
signal-to-noise ratio, thus requiring long dwell times during the scanning, which can lead to
image distortions. This problem can be partly circumvented by using higher beam energies
or doses which causes a stronger sample degradation.

3.4 Energy Dispersive X-ray Spectroscopy

In a TEM, not only the electrons themselves can be used as a source of information. The
X-rays generated through inelastic interaction between the electron beam and the sample
also contain characteristic information about the specimen chemistry. In combination with
STEM, this yields spatially resolved spectroscopic data.

3.4.1 Generation of X-Rays in TEM

When the sample interacts inelastically with the electron beam, it can be ionized. Due to the
high acceleration voltage used for TEM, the energy is sufficient to eject electrons even from
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Figure 3.5 (a) Basic working principle of EDX. (b) Example of the EDX-spektrum of a sample containing Ge,
Fe, Si, Ga and As.

the deepest core levels. As depicted in Figure 3.5(a), the resulting holes are then filled by
higher level electrons, thus emitting a photon with a characteristic wavelength corresponding
to the energy difference between the two states. The resulting X-ray spectrum can then be
compared with data banks to identify the elements inside the sample. Moreover, the X-ray
signal intensity for a characteristic wavelength is proportional to the amount of the respective
element inside the interaction volume yielding a characteristic spectrum like, for example,
that depicted in Figure 3.5(b). This can be used to quantitatively determine the composition
of the sample by comparison with reference samples or computer simulations.

3.4.2 X-ray Detection and Processing

For X-ray spectroscopy in the TEM, an additional detector is placed above the sample inside
the column. For the JEOL JEM 2100F, this is a Si(Li)- and for the JEOL ARM200F, a so-
called silicon drift detector. They are both based on the same working principle, where each
X-ray photon generates electron-hole pairs inside a silicon layer in the detector. The number
of electron-hole pairs is proportional to the energy of the absorbed photon and generally in
the range of several thousand eV. The charge is then collected by an applied bias. Because
the detector can not count any further photons while it is reset to the neutral state, there
exists a dead time τ customarily given as a percentage of the total measurement time. The
difference between the two detector types lies in the arrangement of the contacts and the
doping of the absorbing Si layer. The Si(Li) detector uses a thick quasi intrinsic film where
p-type impurities are compensated by Li doping, and the bias is applied front to back. For
the Si-drift detector, the contacts are all on the back, and the bias is applied radially. Both
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Figure 3.6 Sketch illustrating the arrangement of the EDX detector and the process of recording a spectrum
image.

technologies offer similar energy ranges of typically up to 40 keV, and resolutions of just
above 100 eV under ideal circumstances [75]. However, Si(Li) detectors require constant
liquid nitrogen cooling to prevent the Li from diffusing to the contacts, and the contact
geometry of silicon drift detectors allows for much faster processing of the charge signal,
thus reducing the dead time and enabling a much higher count rate. This advantage, however,
can only be exploited when using a very bright electron source like the cold FEG in the
JEOL ARM200F. The charge pulses generated by the X-rays absorbed in the detector are
then amplified, digitized, and counted in a multi-channel analyzer.

For both EDX systems, the most crucial goal is maximizing the count rate. To that end, the
detector has to be placed between the objective pole pieces as close as possible to the sample
to maximize the collection angle. A sketch of the experimental setup is depicted in Figure
3.6. As previously mentioned, the most critical parameter is the maximization of the desired
collection angle marked blue in Figure 3.6. Further, the take-off angle is chosen as high as
possible to minimize the distance X-rays travel through the sample after being generated.
A collimator is used to reduce the undesired collection angle marked in green, limiting the
detection of noise from X-rays unintentionally generated by stray X-rays or electrons. The

31



3 Transmission Electron Microscopy

Be window is only necessary for the Si(Li) detector to prevent residual hydrocarbons from
condensing on the N-cooled detector.

To acquire an elemental map instead of a point spectrum, the EDX has to be used in
STEM mode. On each pixel of the STEM image, a spectrum is acquired for a specific dwell
time before moving to the next one. As indicated in Figure 3.6, all counts within a range of
channels can be correlated with a specific element and mapped over the whole image. As a
full spectrum is recorded in parallel at each point, several maps for each contained element
can be created at once.

3.4.3 Factors for Precision and Resolution of EDX Analysis

Several factors have to be considered when interpreting the results of EDX analysis, which
can either limit the spatial and energetic resolution, cause systematic quantification errors,
or influence the signal-to-noise ratio. In the following, some of the primary considerations
are shortly described.

Count Rate Especially for recording elemental maps with EDX inside the TEM, the
main limiting factor is always the count rate. If the count number n assigned to a particular
element in each pixel is too low, the signal-to-noise ratio is dominated by the counting error
∆n =

√
n. For EDX maps in TEM, the count number n is frequently only a single-digit

even after several minutes of mapping. Therefore, it is always tried to maximize the total
count number.

Sample Drift When the sample drifts during acquisition, this causes distortions similar
to those in STEM images. However, due to the low count rates for EDX, this effect would
be much stronger. To avoid the image distortion, a map is recorded for a set time τmeas
before the shift is determined using a cross-correlation algorithm and corrected. Therefore,
the error in position assigned to each count can be limited to ∆x = vτmeas, for a drift
velocity v. Reducing τmeas leads to an increased spatial resolution, but the additional time
for corrections negatively affects the count rate.

Beam Spreading Scattering inside the sample causes a spreading of the electron beam
while traversing the sample. In STEM EDX, this can lead to a tear-drop-shaped excitation
region below the nominal probe position. This can lead to X-ray signals from atoms outside
the intended region, leading to a reduced spatial resolution of EDX-maps. However, TEM
samples are very thin, generally below 100 nm. In this case, the spreading is limited to a few
nm. However, this can affect the study of interfaces, which appear widened in EDX maps.
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Reabsorbtion of X-Rays After generation, the X-rays can again interact with the sam-
ple before leaving it. In the case of absorption, this leads to an exponential reduction of the
intensity according to the Beer-Lambert law with an exponent proportional to the optical
path inside the sample. To reduce this effect, the sample orientation and geometry can be
chosen such that the amount of sample material between the probe and the detector is mini-
mized. Further, secondary X-rays from inelastic interactions can have a similar effect as the
previously mentioned beam spreading.

Spectral Line Width The energy resolution of Si(Li) and silicon drift detectors is typ-
ically at about 150 eV which is far above the natural line widths for the characteristic tran-
sitions measured. This means that fine structures can not be resolved. Further, this can
cause an overlap of peaks from different elements if they are close. When the windows for
assignment towards a specific element are not adjusted, this can lead to misallocation.

Detection Efficiency Not all wavelengths are detected with equal efficiency. For a
Si(Li) detector, the Be window is not entirely transparent at low energies, and very high
energy X-rays can pass through the detector without being absorbed. Therefore, each de-
tector has a wavelength-dependent cross-section with typically a relatively constant area
between 5 keV and 20 keV.
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Due to recent advances in microscope and holder technology, there has been a rapid growth
in the number of publications of time-resolved investigations in the TEM, which are also the
main focus of this work. In the following section, this technique is introduced with its appli-
cations and limitations. Then the resulting requirements on the sample holder, preparation,
and image acquisition are discussed.

4.1 Introduction

In many cases, it is not sufficient to investigate a sample before and after a process to under-
stand what happened in between. In-situ TEM can be used to investigate dynamic processes
while they happen instead of capturing a static situation. To this end, the setup has to be
modified to allow the introduction of the intended stimuli to the electron transparent spec-
imen inside the TEM. Further, the observation method must be working on a sufficiently
small timescale for the investigated process.

There are several advantages of in situ TEM compared to the static investigation of sam-
ples. When investigating dynamic processes without in situ methods, specimens would need
to be prepared, where the dynamics are "frozen" at different stages of the experiments. This
is not always possible if the driving stimulus can not be abruptly stopped at controlled posi-
tions of the experiment or the resulting intermediate state is not stable. Further, the samples
of different stages of the experiment could only be identical or similar under ideal circum-
stances conditions but would not show the same object at different times. This is a problem,
especially when the spread of starting parameters causes the sample to behave differently
in every iteration of the experiment. Differences could then never unambiguously be re-
lated to the stimulus. Additionally, practical considerations limit the number of intermediate
steps that can be observed and prevent a detailed understanding of complicated dynamic
processes. On the other hand, in situ TEM allows the direct observation of the changes in
a sample in response to conditions controlled by the operator. Depending on the temporal
resolution, information about any point in time of the reaction is available, whether this state
is stable or not.
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4.1.1 Applications

The ability to investigate buried heterostructural interfaces is one of the main advantages of
TEM. Most other techniques are either limited to the surface (scanning electron microscopy,
atomic force microscopy, scanning tunneling microscopy, . . . ) or do not offer sufficient spa-
tial resolution to probe variations on the atomic scale (X-ray diffraction, atom probe tomog-
raphy, . . . ). While TEM investigations of static interfaces have been perfected to precisely
describe local strain [1, 77–79], composition variations [18, 80–82] or electromagnetic fields
[83–85]. Recently, efforts have started to extend this to the investigation of dynamic changes
of the interface structure [86–88].

In the past, a variety of stimuli have been demonstrated including heat [89, 90], electri-
cal voltages [91, 92], mechanical stress [93, 94], light [95, 96], the electron beam [97, 98],
the introduction of various liquids or gases to the sample area [99, 100] or a combination
of those. The control of the reaction environment enables many different experimental ap-
plications but the requirements of electron microscopy also set certain limitations. Typical
processes that can be investigated with in situ TEM include degradation of devices or ma-
terials due to operational or environmental influences [101, 102], the growth of material
systems or structures [103, 104] or phase transformation on the nano-scale [105, 106].

4.1.2 Limitations and Challenges

For the use of in situ TEM, two sets of requirements have to be met. On one side, it has to
be ensured that the intended stimulus can be applied to the sample in a controlled manner.
On the other side, the specimen also has to be thin enough for electron transparency to be
observed in the TEM. Therefore, it is vital to understand the experimental conditions and
how they affect the results.

One primary consideration is the effect that the thin foil geometry of the sample has on
the investigated properties. It can have a significant influence on the observed electrical and
mechanical behavior. This is less of a problem for the investigation of nanoparticles or other
intrinsically small objects as they can be observed in the TEM as a whole. Therefore, their
surfaces are intrinsic properties of the sample and not experimental artifacts. However, the
environmental conditions inside the TEM have to be taken into consideration. Foremost,
this is the placement of the sample in a ultra-high vacuum necessary for the operation of the
electron beam. Low pressure can strongly affect the stability of certain materials, especially
at elevated temperatures. This can cause out-diffusion of separate elemental components,
thus affecting the stoichiometry [107], the in-diffusion of a high amount of vacancies [10]
or even the sublimation of the sample, which can occur far below the melting point at high
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vacuum [54, 108]. There are some practical solutions for this in the form of environmental
holders which allow the introduction of gases or liquids into a capsule surrounding the sam-
ple. However, the windows and the gas/liquid in the beam path adversely affect the imaging
resolution [109]. There is also the approach to encapsulate the sample with an oxide layer
or carbon coating even to allow the investigation of liquid specimens [90]. The applica-
tion of a similar coating procedure is explained in more detail in section 6.2. Further, the
electron beam itself can affect the sample. Possible interactions include knock-on damage,
specimen heating, or charging [110]. This is especially relevant when doing quantitative
measurements of properties like diffusion velocities or resistivity, because they can strongly
be affected by the electron beam generated point defects. To evaluate this effect it is advan-
tageous to compare in situ with ex-situ results and repeat experiments with different sample
thicknesses and electron doses.

Another primary challenge results from unintentional changes or damages introduced to
the sample during specimen preparation. In most cases, in situ observations require a dedi-
cated holder and specialized sample processing to control the experimental conditions. As
will be described in more detail in section 5 this causes several risks of damaging the struc-
ture of the sample or implanting impurities. Not all of these changes are obvious before
applying a stimulus to the specimen and can significantly affect results.

4.2 Setup

While there are dedicated in situ TEMs that have built-in devices that can modify the sample
during observation, mostly regular TEMs are used in combination with specialized in situ
holders. This then controls all the stimulus handling. The first in situ TEM holders were very
similar to the regular versions but with some attachments like a furnace to heat the sample
or an STM tip on a manipulator to contact it locally. These could use regular mechanically
ground and Ar+-ion sputtered samples. However, the use of modified specimen designs
offers significant advantages.

4.2.1 MEMS-based in situ TEM Holder

A relatively recent development is the use of microelectromechanical systems (MEMS)-
chips to facilitate in situ TEM measurements. These chips are commercially available and
implement all the functions necessary for in situ experiments on an area of some hundred
µm2 and a thickness of less than one µm. Lithographically grown heating spirals, contacts,
or piezo elements allow the precise control of the intended stimuli. Samples can be placed
in small electron transparent windows on the chip with the help of a focused ion beam (FIB)
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Figure 4.1 (a )Image of the DENSsolutions Ligthning D9+ sample holder (b) SEM image of the central area
of the Wildfire Nnanochip. (c) SEM image of the central area of the Lightning nanochip.

device, as will be explained in more detail in section 5.2. The DENSsolutions Lightning D9+
sample holder was used for all the in situ experiments presented in this work. It combines
the capabilities for heating and electrical biasing of the sample.

Sample Holder A photograph of the holder is depicted in Figure 4.1(a). The heart of the
system is the MEMS-chip which will be described in more detail below. It is placed inside
a tilting cradle in the tip of the sample holder and fixed with hex screws. This allows tilting
along two axes (combined with the rotation of the whole holder along its central axis) and,
therefore, the exact orientation of the specimen along a zone axis or in a certain diffraction
condition. An array of 8 contact needles is pressed on a matching set of pads on the MEMS-
chip. Four of those are used for heat control and the rest for electrical biasing. When tilting
the cradle, the needles do not move with it but instead scratch on the contact pads.

MEMS chip The type of stimulus applied to the specimen depends on the MEMS-chip
it is placed on. The two types of chips used for this work are presented in figure 4.1. The
Wildfire chip depicted in Figure 4.1(b) is a pure heating chip. While most of the chip is
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Figure 4.2 Example temperature profile of a Wildfire nanochip.

400 µm thick to provide stability in the center, there is a pit containing an 800 x 800 µm
wide only 400 nm thin SiNx film. Embedded in this, there is a tungsten heating spiral that is
connected to the four contact pads. While this central area is already electron transparent, it
is still too thick for sufficient TEM resolution. For that reason, there is an array of 5x22 µm
large holes at different positions inside the heating spiral. These are also available with a few
nanometer thin SiNx windows for drop-casting of nanoparticles. In any case, the specimen
has to be placed over those windows to be investigated.

The Lightning chip in figure 4.1(c) is built similarly, the main difference being the four
extra contacts. Those do not connect to the heating spiral but run straight to the only two
imaging windows in the center. In contrast to the heating spiral, they are not embedded in
the SiN but are deposited on top, making it possible to contact them to the sample with the
FIB device directly. To leave space for these biasing contacts, the heating spiral is shaped
differently and not located close to the window to reduce the influence of the heating currents
on any electrical measurements on the sample.
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Temperature control The contact pins on the sample holder can all be externally driven.
In practice, the DENSsolutions system contains a temperature control box that can be con-
nected with a computer using the Digiheater software. The two contacts attaching to the
ends of the tungsten heating spiral are then used to heat the sample area resistively. The
remaining two probes connecting to more inner locations of the spiral are used to measure
resistivity in a 4-point probe setup simultaneously. This configuration makes it possible to
obtain the electrical resistance independently of the contact between the needles and the
pads on the MEMS-chip. This can be correlated with the temperature of the spiral via the
Callendar-Van Dusen equation:

R(T ) = aT 2 + bT + c (4.1)

For the intended working range of the chips, the coefficient a can be assumed zero, and
the manufacturer of the MEMS-chips calibrates b for every batch. The remaining coefficient
c can then be calculated from the measured resistance at room temperature inside the micro-
scope. Using this, the software can precisely control the heating current to keep the sample
at the intended temperature with a stability of 1 K at 1200 ◦C. However, the precision of the
specimen temperature is a bit less with an error of up to 10 % due to inhomogeneous tem-
perature distribution inside the spiral, imperfect calibration constants, and deviations from
the assumed linear resistivity-temperature relation. However, the small thermal mass of the
spiral region allows for high-speed heating and cooling of the sample with temperature dif-
ferences of 1000 K in less than a second (provided the sample withstands the heat treatment).
Also, there is only a short settling time, reducing the sample drifts from thermal expansion
after changing the temperature. An example of the set vs. the measured temperature for a
rapid heating profile is depicted in figure 4.2, demonstrating the small delay time of only
≈1-2 s between input and measured temperature response even at temperatures of several
hundred degrees.

4.2.2 Thermal drift

Heating a sample to high temperatures can cause strong thermal expansion. For conven-
tionally prepared specimens, the large sample volume compared to the investigated area,
therefore, cause large drifts. This problem is exacerbated by the fact that temperature homo-
geneity is only achieved after a long settling time, causing more drift long after nominally
reaching the target temperature.

This is one of the main reasons for using dedicated MEMS-chips for heating experiments
in the TEM. The use of FIB-prepared lamellae dramatically reduces the sample size while
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Figure 4.3 Exemplary sample drift for the Wildfire heating chip at 1100 ◦C.

the supporting chip is constructed in a way that compensates most of the thermal expansion
effect. This reduces the drift to several nm per minute instead of tens of nm per second.
Figure 4.3 shows an example of a sample heated to 1100 ◦C with the x- and y-axes showing
the lateral drift and the color representing the time axis. The graph shows a continuous
random drift of less than 10 nm/min without any sudden shifts. Therefore, it can easily be
compensated by slow adjustments of the stage without losing view of the region of interest.

4.3 Image Aquisition

In principle, every investigation method inside the TEM can also be used in situ. However,
the temporal resolution is a critical parameter to consider when choosing the imaging mode
and parameters for an experiment. Further, the stability has to be taken into account as any
necessary alignment during the experiment causes gaps in the recording. For this thesis, all
time-resolved imaging was performed with either HRTEM or STEM.
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HRTEM HRTEM is well suited for continuous imaging because a strong image contrast
with a good signal-to-noise ratio can be achieved with relatively short exposure times. How-
ever, the time resolution is determined by the frame rate of the camera. In the present case,
the camera used was an UltraScan 4000 with a sensor of (61.2 × 61.2) mm2 in size and a
resolution of (4096 × 4096) pixels. The frame rate achievable with this camera is limited
by electronics rather than the exposure time. At full resolution the acquisition takes about 5
seconds resulting in 0.2 fps but for a (1024 × 1024) image this reduces to 1.3 s or 0.77 fps.
To record the video, images were recorded in continuous mode in Digital Micrograph ("Live
View") and saved with the screen capture software Camtasia Studio. Because the screen cap-
turing could not be synced with the image recording, a higher frame rate was used for the
screen capture, and a Matlab script filtered out any identical frames.

During acquisition, a live fast Fourier transformation (FFT) of the image can be calculated
and used to identify and correct a misalignment of the imaging system or drift of the spec-
imen height. Therefore, videos can be recorded over extended times without interrupting it
for alignment.

STEM In some experiments, STEM was used to record image series while annealing.
However, STEM images are recorded serially one pixel at a time, unlike TEM images taken
in parallel. This means that each micrograph is not a snapshot of a single point in time
but shows different times at each position. Further, to achieve good signal-to-noise ratios,
especially for the HAADF, long dwelling times on each pixel necessarily lead to recording
times of tens of seconds up to a minute. Therefore, STEM should only be used for slow
processes with much longer time frames than the recording time of a STEM image. Further,
there has to be little drift of the sample during acquisition which would otherwise distort the
images.
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5 TEM Sample Preparation

Before any sample can be investigated in a TEM, a suitable thin foil specimen must be pre-
pared first. The meticulous execution of this step is of paramount importance because it is,
in most cases, the limiting factor for the quality of the experimental results. As was de-
scribed in section 3.1.3 the contrast in transmission electron microscopy is strongly affected
by the thickness of the sample. To reliably interpret the results, the sample has to be thinned
to a few tens of nanometers. The main challenge lies in the fact that the sample not only
needs to be thin but also have smooth surfaces with, at most, a thin amorphous layer on top.
Further, the sample structure itself must not be affected by the preparation. This require-
ment is exacerbated for in situ TEM because even small changes in the sample can have a
strong influence on the investigated properties, and the preparation procedures required for
stimulation of a thin foil sample are generally more complicated. In the following chapter,
the different sample preparation procedures used in this work are described, starting with
conventional TEM samples and continuing with customized techniques used for the use in
in situ experiments.

5.1 Conventional Cross-section Sample Preparation

Most devices consist of heterostructures where most of the layers are buried beneath the
surface. To investigate them with TEM, a preparation technique is needed to create thin-film
specimens with an orientation perpendicular to the wafer surface and parallel to a different
zone axis of choice. The most used technique for the preparation of these so-called cross-
section samples was invented by Bravman and Sinclair [111]. The goal is to have a suffi-
ciently robust specimen to be placed into the sample holder, and that is electron transparent
in the center. The necessary steps are depicted in Figure 5.1

In the first step, 2 mm stripes have to be cut out of the sample with a wire saw [c.f. Figure
5.1(a)]. These determine the TEM viewing direction indicated here by blue arrows and
are typically chosen along low index zone axes. These are then glued face-to-face using a
two-component epoxy (Gatan G1). For stability, generally, some extra slices of the wafer
material are glued to each side. This stack is then embedded in a brass tube with a diameter
of 3 mm with an air-free filling of G1 epoxy. Figure 5.1(b) shows a sketch of the resulting
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5 TEM Sample Preparation

Figure 5.1 Steps of preparing a conventional cross-section sample for TEM investigations. (a) Cutting 2 mm
wide stripes along crystallographic directions indicated by blue arrows. (b) Embedding of a stack of sample
and dummy material in a brass tube (c) Sawing of the tube into 400 µm thick discs. (d) Planar grinding of
the discs to a thickness of 100 µm. (e) Dimple grinding of the disc. (f) Ar+ ion-milling until perforation in
the center of the specimen
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specimen structure, where the surfaces of the wafer (red film) are now in the center. Next,
the tube is cut into 400 µm thin chips, which then have to be thinned down sufficiently for
TEM investigations.

The thinning process consists of three steps, i.e., planar polishing, dimpling, and ion
milling, to produce a sample that is electron transparent in the center and sufficiently thick
at the supporting brass ring to enable safe handling. In the first step, the specimen is ground
with fine SiC abrasive paper to a thickness of about 100 µm and successively polished with
a diamond emulsion (cf. Figure 5.1). Here, the particle sizes are varied, starting with 6 µm
and going down to 250 nm size. Next, only the center of the specimen disc is thinned down
using a Gatan Dimple Grinder. Thereby, the sides remain to provide stability while the
center is thinned to less than 10 µm. The final thinning is performed by Ar+ ion-milling
using a Gatan PIPS system at a 4° incidence angle until a small hole appears at the center.
The acceleration voltage is set to 3 kV at the start and reduced stepwise to 500 V to achieve
a smooth and undamaged sample surface in the vicinity of the hole.

The conventional preparation of cross-section specimens is still widely used for planar
heterostructure samples because it has several advantages over other methods. Most impor-
tantly, it provides high-quality samples with regards to thickness and surface damage. It
also is relatively inexpensive and does not need the most expensive equipment. Further, a
wealth of experience for the preparation of many different materials is available. However,
it also comes with some downsides. Conventional preparation does not allow for the target-
ing of tiny structures that are not visible in a light microscope. Therefore, 3D objects like
nanowires, quantum dots, or device structures must be present in a sufficient density to be
present in any slice. Further, the TEM specimen is also roughly cone-shaped with a small
thickness close to the hole, which increases with distance towards it. Therefore, the exact
thickness of the sample in a specific location is a priory unknown. For the application in
in situ heating experiments, the relatively large bulk of the sample compared to the electron
transparent area is a challenge. The high thermal mass can cause a delay in the specimen
temperature compared to the heater and create a strong drift due to thermal expansion.

5.2 Focused Ion Beam Lamella Preparation

A more targeted TEM sample preparation approach is possible using the focused ion beam
(FIB) in situ lift-out technique. This technique is in detail described in [112]. A summary of
this technique and its advantages and disadvantages will be given in this chapter. Especially
the application to the preparation of samples for in situ TEM is discussed in detail.

The FIB sample preparation in this work was done with a JEOL JIB 4501 dual-beam
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5 TEM Sample Preparation

Figure 5.2 (a-g) SEM and (h-i) FIB images illustrating the focused ion beam lamella preparation. (a) Depo-
sition of a protective carbon cap above the region of interest. (b) Cutting of trenches around the target.
(c) Attachment of the micro-manipulator at last cut to free the lamella. (d) Attachment of the lamella to a
support. (e) Smooth cuts of the back and front of lamella. (f) Deposition of second tilted carbon depo. (g)
Transfer of the sample to the viewing windows of the MEMS chip. (h-i) Thinning of the sample at a 52°
angle relative to the surface normal of the lamella.
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device. It contains both a FIB and a scanning electron microscope (SEM) as well as a
micro-manipulator (Kleindiek Nanotechnik GmbH). The essential steps in the procedure of
cutting out, transferring, and thinning a lamella for in situ TEM investigations are depicted
in Figure 5.2.

First, a carbon depo is placed atop the region of interest by ion beam-assisted carbon
deposition [Fig. 5.2(a)]. This is done to protect the sample from the higher intensity FIB
used for cutting out the lamella. Afterward, trenches are cut into the sample around the depo.
A connection is left on one side, holding the lamella in place [Fig. 5.2(a)]. Then, the sample
is separated from the wafer at the bottom. Next, the micromanipulator’s sharp tungsten
needle is attached to the lamella by ion beam-assisted carbon deposition. The sample can be
cut free and moved from the wafer to a copper support grid for rotation.

Before the sample lamella can be placed on the MEMS-chip, it must be rotated by 90°.
To facilitate this step, a copper support grid attached to a larger metal cube is used. This
can be rotated by hand outside the FIB. While attached to the copper grid, some further
preparatory steps can be performed. Due to the lamella being relatively freestanding, there
is little redeposition of sputtered materials to the surfaces. Therefore, the sidewalls can be
recut with much better smoothness, as demonstrated in Figures 5.2(d-e). This is especially
important for materials like GaSb, where redeposition is a serious issue. Even though the
sidewalls of the lamella at this point are not the final specimen surfaces, both sides need
to be flat. One to have a good contact to the MEMS-chip for fast heat transport, the other
side for the deposition of a second carbon depo that will be used for the thinning process
[Fig. 5.2(f)]. As depicted in the inset in Figure 5.2(f) (sample material green, first depo
blue, and second depo orange), it is angled 52° of the surface normal, which is the direction
of ion-sputtering for the thinning to electron transparency. The so-prepared lamella is then
rotated (by rotating the block outside the chamber) and transferred to a MEMS chip using
the micro-manipulator.

Figure 5.2(g) shows the lamella placed across a window on a MEMS heating chip. It
is attached on all four corners by ion-assisted carbon deposition. For samples with high
thermal expansion coefficients or for very high investigation temperatures, fixation on only
one side of the window is possible, which reduces the bending of the sample during the
investigation at the cost of reduced stability and thermal contact. Figure 5.2(h) shows a FIB
image of the lamella in thinning direction before thinning and Figure 5.2(i) after thinning
by FIB. The electron transparent part of the lamella is now barely resolvable when viewed
edge-on in the FIB. To achieve clean and relatively undamaged surfaces, the acceleration
voltage is stepwise reduced to 5 kV during the thinning process.

The main advantage responsible for the increasing popularity of FIB sample preparation is
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Figure 5.3 SEM secondary electron images illustrating the procedure for extracting and transferring a slice of
a conventionally prepared TEM sample on to a MEMS chip for in situ heating experiments. Steps (a) to (i)
are described in the text.

the ability to precisely target small objects and make them accessible for TEM investigations.
This is especially important for the investigation of 3D nanostructures and devices. Further,
it also permits the targeted placement of the sample on MEMS-chips, which is of significant
importance for in situ TEM as described in Section 4.2.1. However, the damage caused
to the specimen by FIB is relatively high. It is therefore challenging to prepare samples
that permit high-resolution investigations, and concerns remain concerning the introduction
of artifacts, especially for the in situ investigation of sample properties or its responses to
external stimuli (see Section 4.1.2).

5.3 New Preparation Approach: Hybrid Preparation

The two previously mentioned techniques offer very distinct advantages and disadvantages.
For the investigation of planar heterostructures by TEM, the advantages of conventional
preparation in general outweigh. However, for in situ TEM heating experiments, it is
strongly desirable to have the sample on a MEMS-chip to reduce the sample drift while
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having fast and relatively precise temperature control. A hybrid approach was developed
to combine these two goals, where the quality of conventional sample preparation could be
retained while gaining the small lamella size and placement flexibility offered by FIB. Other
research groups have used similar approaches for the combination of FIB with electropol-
ished samples [113, 114] and wedge polishing [115].

First, a TEM specimen is prepared conventionally by mechanical grinding and ion-milling
as described in section 5.1. At this point, the sample can already be introduced to the TEM
to evaluate the quality and locate the most promising sample area for in situ investigations.
It is then introduced to the FIB together with an empty MEMS-chip to place the lamella
on. The steps of the FIB transfer process are depicted in Figure 5.3. At the start, a location
further away from the hole is chosen to align the stage height and imaging system to make it
possible that each position in the SEM image can be directly correlated with the equivalent
location on the sample in the FIB image. This is necessary to select the areas for FIB cuts
while only taking images via SEM. For all further steps, it is important only to use SEM
for imaging, because the sample is very thin and unprotected. A direct FIB beam, therefore,
causes immediate damage. With the help of SEM and the previously recorded TEM images,
the area of interest for cut out and transfer is selected as depicted in Figure 5.3(a). The size
of the target sample region is determined by the windows on the MEMS-chip, which offer
viewing areas of 6 µm to 10 µm in diameter. Cutting out a larger piece would only result
in a higher heating mass and consequently larger drift and thermal inertia. Thus, great care
has to be taken to select a suitable sample area despite the limited resolution of the SEM
imaging. Then, a first vertical cut is made with the focused ion beam, and SEM is used to
observe the result [see Figure 5.3(b)]. Note that the SEM image is taken with an angle of
52° relative to the FIB sputtering direction in the surface normal. This first cut can be used
as a calibration marker for any shift between the FIB and the SEM system without needing
FIB imaging. The second FIB cut can then be made at the correct distance [see Figure
5.3(c)], determining the width of the cut-out lamella. If there is some epoxy left between
the sample pieces in the targeted specimen region, a horizontal cut close to the target area is
necessary, and to avoid damage, the cut has to be made as far as possible. For a thin glue
line, this cut can be placed inside the opposite sample piece as depicted in Figure 5.3(d).
The last FIB cuts at the back are less critical and can be made wider to allow easier access
with the micro-manipulator. Only a small connection is left to hold the lamella in place
[see Figure 5.3(e)]. After rotating the stage, the SEM views along the surface normal, and
the FIB are pointed at the relatively thick back of the lamella. It can then be attached to
the micro-manipulator needle by FIB-induced carbon deposition and cut free. In contrast to
the lift-out technique described in section 5.2 no additional rotation step is needed before
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5 TEM Sample Preparation

transfer to the MEMS-chip depicted in Figure 5.3(g) and (h). Before cutting the sample free
of the micro-manipulator, some small patches of FIB-induced carbon are used to secure it in
place [see Figure 5.3(i)]. Again, the FIB-beam orientation pointing at the back of the sample
reduces the number of stray Ga-ions in the investigation target area.

The use of a hybrid preparation approach offers several advantages. Depending on the in-
vestigated material, it is possible to achieve specimen thicknesses of only a few nanometers
compared to at least several tens of nanometers for samples prepared by FIB lift out. More-
over, implantation of Ga and damage to the specimen surfaces are significantly reduced
compared to samples thinned down by FIB. However, this technique is only applicable for
samples that can be prepared by conventional polishing and Ar+-ion milling.
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6 Interdiffusion in (Al,Ga)As Heterostructure

The following chapter presents the in situ STEM investigations of the interdiffusion of Al
and Ga in an (Al,Ga)As heterostructure. After introducing the investigated sample structure,
a sample coating procedure is presented, which allows the investigation of the sample above
the sublimation temperature. This is then utilized to characterize the interfacial interdiffu-
sion in the investigated heterostructure at 800 ◦C.

6.1 Sample Description

The sample investigated in the following is a distributed Bragg reflector in the form of a
multi-layered (Al,Ga)As structure grown on a GaAs (111)B substrate with a 3° miscut into
the (21̄1̄). This structure was chosen as a case study for the application of in situ TEM for
the investigation of elemental interdiffusion due to the following properties: The combina-
tion of the Bragg mirror structure and the short-period superlattices allows the observation

Figure 6.1 (a) HAADF STEM image showing the structure of the Bragg reflector. Layer thicknesses and
compositions are indicated in white. (b) HR HAADF STEM image of the region marked with a white
dashed rectangle in (a). The thicknesses and compositions forming the short period superlattice are labeled
in white. Blue lines indicate the positions of atomic steps due to the miscut.
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of the interdiffusion process at different length scales and compositions simultaneously. Fur-
ther, most (Al,Ga)As heterostructures are grown on (001)-wafers. Therefore, the amount of
data on the diffusion across (111)-interfaces are more limited. For this application, an array
of (Al,Ga)As layers with a precisely controlled thickness and composition are needed. To
this end, alternating layers of undoped 61.3 nm Al0.80Ga0.20As and 69.6 nm Al0.12Ga0.88As
were each grown by MBE with a short period superlattice (grown by Klaus Biermann at
Paul-Drude-Institut Berlin). For the Al-rich layers this superstructure consists of alternat-
ing layers of 1.8 nm Al0.46Ga0.54As and 3.1 nm AlAs and for the Ga-rich layers of 1.0 nm
Al0.46Ga0.54As and 3.0 nm GaAs. HAADF STEM image showing the structure are depicted
in Figure 6.1. The periodicity of the Bragg reflector can be observed in Figure 6.1(a) with the
layer thicknesses of the Al-rich and the Ga-rich (Al,Ga)As indicated on the right side. Fig-
ure 6.1(b) shows a high-resolution HAADF STEM image of a magnified area at the interface
between both compositions where the short-period superlattice can be observed. Addition-
ally, steps in the thin layers resulting from the 3° miscut are indicated by blue lines. This
small tilt between the (111)-planes and the growth direction means that interface widths can
be slightly overestimated when a wide integrated line scan is used. However, this effect of
less than a monolayer is much smaller than the real chemical intermixing.

To quantitatively measure the interdiffusion behavior of the (Al,Ga)As layers, the inter-
face profiles have to be measured with a sufficient resolution to ensure that the determined
widths result from the actual sample properties rather than the experimental error. For this,
very thin samples are necessary. Therefore, all of the following specimens were prepared
using the hybrid sample preparation technique presented in chapter 5.3 to ensure the highest
possible experimental resolution and lowest specimen damage.

6.2 Free Surface Protection via Carbon coating

As described in section 2.4.1 GaAs starts to sublimate at 600 ◦C to 700 ◦C for the vacuum
conditions inside a TEM. However, in this work, the interdiffusion of (Al,Ga)As layers were
observed for temperatures of up to 1000 ◦C. The following section describes the effects this
has on TEM samples and the application of protective carbon coating to limit sublimation
during the annealing.

6.2.1 Annealing with Unprotected Sample Surfaces

The effects of high temperature on a sample with unprotected surfaces inside the TEM can be
observed in Figure 6.2. Figure 6.2(a) shows a BF STEM image of the as-prepared specimen
at room temperature. The Al- and Ga-rich layers of the sample can clearly be distinguished
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Figure 6.2 BF-STEM images of the (Al,Ga)As heterostructure (a) before annealing after (b) 15 min at 600 ◦C,
(c) an additional 10 min at 700 ◦C and (d) 1.5 min more at 800 ◦C. The formation of surface pits can be
observed as brighter spots as indicated in (b). Ga clusters are visible as small dark spots as indicated in (c).

and show a very homogeneous contrast, except for the area close to the hole at the bottom
of the image. The sample surface appears to be smooth and without much contamination, as
surface roughness generally give a strong contrast in BF STEM. When heating the sample
stepwise, no significant changes were observed up to a temperature of 550 ◦C.

After 15 min of annealing at 600 ◦C some definitive changes can be observed [see Figure
6.2(b)]. Bright patches appear all over the sample in the Ga-rich areas, associated with
pits forming in the surface due to sublimation. This is most easily notable in the thinnest
specimen region at the bottom. There, the pits penetrate the film, and some larger areas have
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formed where only a shell consisting of the surface oxide layer remains.

When the temperature was raised to 700 ◦C for 10 min this effect continued and intensi-
fied. At this temperature also some clear sublimation can be observed in the Al-rich material,
most easily visible for the thin area at the bottom. The roughly 100 ◦C difference in onset
temperature can be understood from the dependence of the sublimation point on the compo-
sition of the alloy. For a higher Al content, an increased sublimation temperature of about
1.6 ◦C/%Al is expected [56], which matches the observation very well. Additionally, small
dark spots can be observed now as indicated in Figure 6.2(c). These most likely consist of
Ga, which forms small clusters or droplets on the surface [116].

After increasing the temperature to 800 ◦C for only 1.5 min, the density and size of surface
pits significantly increase, and they seem to form regular facets. At this point, the thinnest
Ga-rich layer is completely gone. In total, this means that almost the complete sample area
is covered by one of these surface features, and even in the small spaces in between, it can
no longer be assumed that the specimen thickness remains constant. These surface effects
would dominate any investigations of compositional interdiffusion.

Figure 6.3 shows images of another sample after a different annealing process. Here, the
sample was rapidly heated to 1000 ◦C and kept there for only 1 min. Again, this leads to the
sublimation of parts of the Ga-rich films, and the substrate has nearly wholly disintegrated.
Additionally, it can be observed that the Al-rich layers have also started to sublimate close at
the interfaces to the pits inside the Ga-rich material but has no pits on the front and back of

Figure 6.3 (a) HAADF STEM image after 1 min at 1000 ◦C. Extended sublimation pits are visible as dark
regions in the Ga-rich layers. (b) Higher magnified image of the sample. Sublimation pits extending into
the Al-rich layers are visible.
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Figure 6.4 Color change of a polished brass plate for different times of coating.

the TEM sample. That means that in addition to the difference in sublimation temperature,
something prevents the fast sublimation from the surfaces of the Al-rich layers. Al-rich
alloys are generally known to oxidize relatively fast under ambient conditions [117]. The
higher temperature stability of Al-oxides could make them act as a protective film. However,
when the Ga-rich films sublimate, this exposes the clean (111)-facets of the Al-rich layers
where sublimation can occur.

6.2.2 Carbon Coating

A similar protection film is necessary for the Ga-rich layers to enable high annealing tem-
peratures without sublimation effects. For an effective coating layer, three conditions have
to be fulfilled:

1. The protective layer has to be continuous and thick enough to stop As out-diffusion

2. The protective layer has to be resistant to high temperatures

3. The protective layer has to be amorphous and have a low mass-thickness to not inter-
fere with the STEM imaging of the specimen

These conditions can all be fulfilled for carbon coating. For this, a simple coater by
Quorum Technologies (model CC7650) can be used, where a carbon fiber is placed above
the sample in a vacuum chamber and electrically heated. The thickness of the carbon film
is then adjusted by the distance between sample and fiber and the coating time. Further,
the evaporation of the fiber was performed in short intervals of 15 s with breaks of 5 min in
between to prevent heating of the sample.

To estimate the thickness of the carbon film after coating, a visual test was utilized. If a
polished plate of brass or gold is coated with carbon, the surface changes its color. Using
a table, this can be used to determine the thickness. To this end, a brass plate was placed
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Figure 6.5 Sketch of the necessary steps for the encapsulation process for hybrid sample preparation. (a) The
TEM ready specimen (depicted blue) is coated from both sides in a carbon coater. (b) A lamella is cut
out by FIB and transferred to a MEMS chip as described in chapter 5.3. (c) The cut surface is covered by
FIB-deposited carbon. (d) In the end, the sample is nearly completely covered in amorphous carbon, with
only small parts of the side facets remaining open.

next to the sample during the coating process, and the change of color can be seen in Figure
6.4. The two colors indicate a thickness of (15± 5) nm at 4 min and (40± 5) nm at 8 min
respectively [118]. This means the coating proceeded at speeds of 3 nm/min to 4 nm/min.
Film thicknesses of 15-20 nm on each side were found to be sufficient for surface protection.

In theory, the coating could be performed last with a TEM-ready sample. However, for
the use of MEMS-chips, it has to be done between conventional preparation and specimen
transfer. This is because the geometry of the MEMS-chip can cause shadowing effects
during the evaporation of carbon. Especially the contact surface between the specimen and
the SiNx membrane is not accessible at this point. While the uncoated areas would primarily
be located outside the TEM investigation area, this would still cause sample stability issues
leading to drift or even tilt of the sample when the substrate evaporates.

The developed workflow for the carbon coating of samples is sketched in Figure 6.5.
As depicted in Figure 6.5(a) whole conventional cross-section sample is coated with carbon.
Afterward, the lamella is cut out and transferred to a MEMS-chip as described in section 5.3.
Last, the sample is coated from the back and side, where the sample was cut out using FIB
deposited carbon. Figure 6.5(d) illustrates how the sample is nearly completely encapsulated
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Figure 6.6 (a) HAADF STEM image of uncoated sample after annealing at 800 ◦C for 2 min. Inset shows
thin region where the Ga-rich film is nearly completely gone. (b) HAADF STEM image of specimen with
protective carbon coating after 36 min at 800 ◦C. Only sublimation observed on the side facets as indicated
by red arrows. The blue arrow marks the location where the protective carbon on the side facets start.

after this procedure. The sample’s side facets are not covered in the thinnest region of the
specimen, where the TEM investigations are performed. This area is left out to avoid damage
to the sample from the FIB beam. However, in this area, the sample is very thin compared
to its lateral extension. Therefore, the exposed sample area is minimal, and it takes a long
time for a significant volume of material to sublimate.

The effect of 15 nm of carbon coating is demonstrated in Figure 6.6 where (a) shows a
HAADF STEM image of the same sample as Figure 6.2 after cooling back down to room
temperature. Even though the sample was at 800 ◦C for less than 2 min the Ga-rich material
has completely sublimated in the thinnest parts of the sample [see inset in Figure 6.6(a)].
Also everywhere else the pits are clearly visible.

The coated sample presented in Figure 6.6(b) shows a completely different appearance.
This sample was kept at 800 ◦C for 36 min but contrary to the unprotected sample, there
is very little sublimation observable in the observation area. This is especially apparent
when comparing the insets showing magnifications of the sample edge, which is completely
intact for the carbon-coated specimen. The effects of sublimation are visible only at the side
facets of the sample wedge, as indicated with small red arrows. There, the Ga-rich layers
have clearly started to evaporate. Especially in the substrate, the sublimation was relatively
strong due to the absence of Al. This behavior is expected because these areas are the only
parts of the (Al,Ga)As material directly exposed to the vacuum. Notably, further away from
the thin side of the wedge, the side facets remain intact, as indicated with a blue arrow. This
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Figure 6.7 Temperature profiles of the two investigated specimens.

is the point at which the FIB-deposited carbon starts. This directly proves that the carbon
film effectively works as a protection against the sublimation at high temperatures under
vacuum conditions.

In the following, the results of the interdiffusion study utilizing the encapsulated samples
are presented.

6.3 Diffusion Behavior at Temperatures up to 800 ◦C

In a first step, the effect of different annealing temperatures is investigated by stepwise in-
creasing it to 700 ◦C. The heating steps are graphically depicted in Figure 6.7(a). The tem-
perature step at 100 ◦C was used for the alignment of the STEM system to reduce the buildup
of carbon contamination under the electron beam. Annealing at 800 ◦C was performed on a
separate sample. There, STEM and sample orientation alignment was performed at 300 ◦C
and repeated at 600 ◦C to correct shifts and tilts resulting from the bulging of the MEMS
chip. Figure 6.8 shows HAADF STEM images of one interface region between Al-rich and
Ga-rich layers at the end of the annealing at (a) 400 ◦C, (b) 500 ◦C and (c) 700 ◦C. The
graph in Figure 6.8(d) shows intensity line profiles across the heterostructure in these im-
ages. There is no significant change in neither the interface width [see inset in Figure 6.8(d)]
nor in the amplitude of the contrast between the different layers. Also, the comparison of
other sample areas did not yield any significant changes in the composition profile of the
interfaces. Therefore, it can be concluded that the interdiffusion is below the detection limit
in coated thin film samples at temperatures up to 700 ◦C after 1 h, even though they lead to
sublimation in an unprotected specimen. Further, this means that alignment of the sample
orientation and STEM system can be performed at up to 700 ◦C without changing the sample
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Figure 6.8 HAADF STEM images of the specimen after annealing at (a) 400 ◦C, (b) 500 ◦C and (c) 700 ◦C. (d)
Line plots across the Al/Ga-rich interface at 400 ◦C, 500 ◦C and 700 ◦C integrated over a width of 55 nm.
The graphs are shifted for better visibility. The inset shows the perfect match of the lines in the interface
region indicated by a black dashed rectangle.

before starting an annealing experiment at higher temperatures.

When increasing the temperature to 800 ◦C clear signs of interdiffusion are observable
as illustrated in Figures 6.9(a)-(c). These show a series of HAADF STEM images of the
heterostructure at different times after reaching the target temperature. While the image
taken after only 1 min at 800 ◦C still shows a clear contrast between the different layers of
the heterostructure, the following images show a clear loss of contrast by the short period
superlattice. Especially the Ga rich layer appears as a homogeneous film. However, this is
not caused by defocusing, as higher magnification images show undisturbed atomic resolu-
tion. This also shows that the alloy remains crystalline through the annealing process. These
observations match the observations of previous studies of interdiffusion in (Al,Ga)As struc-
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Figure 6.9 HAADF STEM images of the specimen after annealing at 800 ◦C for (a) 1 min, (b) 5 min and (c)
36 min. (d) Line plots across the Al/Ga-rich interface at 1 min, 5 min and 36 min integrated over a width
of 55 nm. The graphs are offset vertically for better visibility. (e) Overlay of the line profiles in the region
indicated by a black rectangle in (d).

tures where notable intermixing could be observed at temperatures of 800 ◦C [20]. Figure
6.9(d) shows vertical profiles across the interface at 1, 5 and 36 min. Here, two changes can
be observed during the annealing process. The amplitude of the HAADF intensity oscil-
lations corresponding to the short period superlattice reduces in amplitude with time until
they are no longer visible in the Ga-rich layer. Secondly, as shown in more detail in Figure
6.9(e), the width of the interface between Ga- and Al-rich layers widens with time. In the
following, these two observations are presented in more detail and utilized for a quantitative
evaluation of the interdiffusion process.
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6.4 Diffusion between Ga-rich and Al-rich layers

To investigate the interdiffusion across the large compositional gradient at the interface be-
tween Ga- and Al-rich layers, line scans like presented in Figure 6.9(d) were extracted from
all the HAADF STEM micrographs taken during the annealing at 800 ◦C. Then, the linear
background resulting from the wedge-shaped sample geometry is subtracted. This allows
fitting the interface with an error function based on the solution to Fick’s second law in
equation 2.3.

f(x) = C · erf
(
x− x0

L

)
+ y0, (6.1)

with the error function being defined by the integral

erf
(
x− x0

L

)
=

2√
π

∫ x−x0
L

0

e−τ
2

dτ (6.2)

In this function, C represents the contrast difference between the Ga-rich and the Al-rich
region far from the interface and becomes negative for a downward slope, y0 is the back-
ground intensity, x0 is the center of the interface, and L is the diffusion width. The profile
and the fits are presented in Figure 6.10(a) for the first and last image of the series. The
profile and fit for the sample 1 min after reaching 800 ◦C are depicted in black, while those
after 36 min are red. At this point, the short period superlattice is neglected, and the layers
are considered plateaus with the average compositions of 12 % and 80 % Al content in the
III-position. For the resulting fits, the parameter for the diffusion width L can be plotted
against the time yielding Figure 6.10(b). Here, an increase of the interface width L with an-
nealing time can be observed. A big change is found at the start of annealing, which slows
down in the following. For the annealing of a single infinite interface, a square root behavior
would be expected. However, the best fit to this data, shown as a continuous red line, can not
describe the shape of the observed width development well, which starts to fast and flattens
out too strong for a square root function. This is a result of the simplification of neglecting
the short period superlattice. Especially, the superlattice layers closest to the interface (indi-
cated by blue arrows) intermix fast during the first few minutes, thereby changing the shape
at the flanks profile to no longer be fit well by the error function. Further, there is a large
compositional difference between the Ga-rich and the Al-rich side of the interface, possibly
leading to a complex behavior with a non-constant diffusion coefficient. This causes the fit
to overestimate the interface width increase at the first 5 min of annealing.

To circumvent this problem in a second approach, only the center of the profile in the
25 % to 75 % contrast region is considered. In this part of the profile, the short-period super-
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6 Interdiffusion in (Al,Ga)As Heterostructure

Figure 6.10 (a) First (black) and last (red) interface profile from annealing at 800 ◦C. Error function and linear
fits are also drawn in the respective color. (b) Plot of the diffusion widths over time as determined from the
error function fits. A square root fit of the change is drawn as red line. (c) Same profiles as in (a) but with
linear fits of the 25 %-75 % part of the interface. A square root fit of the change is drawn as red line.

lattice is not expected to make a significant difference, and also, the range of composition is
reduced. When looking at the Taylor series expansion of the error function, one finds
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6.5 Interdiffusion in the Short Period Superlattice

f(x) = y0 +mx+ C
2√
π

(
x− x0

L
− (x− x0)3

3L3
+

(x− x0)5

10L5
− . . .

)
, (6.3)

f ′(x0) = m+ C
2√
πL

. (6.4)

This means the interface width is inversely proportional to the maximum slope at the
center of the profile. Therefore, it can be easily determined by fitting the nearly linear
section of the experimental profiles. These fits then closely approximate the tangential lines
through the center of the error function. For the two profiles depicted in 6.10(a), these linear
fits are also drawn in the respective colors.

Using equation 6.4 can then be used to obtain the interface widths shown in Figure 6.10(c).
While the statistical uncertainties are larger here than in the values obtained directly from
the fit of the error functions, the shape of the profile shows less deviation from a square root
shaped interdiffusion behavior. Again, the fit and the corresponding equation are depicted in
red. Fick’s laws can be applied when simplifying and assuming a composition independent
diffusion coefficient in the observed interface region. By additionally adding a constant y0

for the interfacial width before the annealing, this yields the equation

L = 2
√
Dt+ L0. (6.5)

As shown in Figure 6.10(c) the obtained value for the diffusion coefficient is

Dinterface = (0.014± 0.002)
nm2

min
= (2.4± 0.3)× 10−18 cm

2

s

which is within the range of previously reported values for the (Al,Ga)As system [20, 52,
53]. Further, the work of Hulko et al. [20] it was shown that the introduction of additional
defects and diffusion routes, for example, through the growth of a SiO2 cap layer, can in-
crease the diffusion coefficient by two orders of magnitude [20]. Therefore, the fact that
such an increased diffusion was not observed here indicates a small amount of preparation-
induced crystal defects and diffusion of carbon into the sample. Further, the carbon coating
seems to prevent vacancies from being created at the specimen surfaces and diffusing into
the sample. A high concentration of these would strongly influence the measured diffusion
coefficient.
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6 Interdiffusion in (Al,Ga)As Heterostructure

Figure 6.11 Line profile of the short period superlattice in an (a) Al-rich and (c) Ga-rich layer after 1 min
(black) and 36 min (red). Sine fits of the respective profiles are drawn in the same color. Plot of the
amplitude of the sine fit versus time for the (b) Al-rich and (d) Ga-rich layer. The left y-axis shows the
amplitude divided by the value determined from the first image. The right y-axis shows the corresponding
Ga composition difference between the maxima and minima. The red lines show fits of equation 6.7 to the
data.

6.5 Interdiffusion in the Short Period Superlattice

As previously mentioned, not only interdiffusion between Ga- and Al-rich layers is observed
but also within the short period superlattice. At the start, the superstructure is clearly visible
as a periodic oscillation of the HAADF intensity within the Ga- and Al-rich layers. For
the Ga-rich layer the periodic is barely detectable versus the statistical noise after 5 min at
800 ◦C (see Figure 6.9). On the other hand, inside the Al-rich layer, the oscillation is still
clearly present after 36 min of annealing but has a strongly reduced amplitude.

To show this more clearly, the profiles of the two regions are depicted in Figure 6.11(a)
and (c) with black lines for the first image at 800 ◦C at red lines for the last. To get a measure
of the amplitude of the composition oscillation, the profiles are fitted with sine-functions
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6.5 Interdiffusion in the Short Period Superlattice

(again with added linear functions to compensate the intensity slope). Using these fits, it
is possible to plot the change of the difference between maxima and minima of the Ga/Al
ratio over time as depicted in Figures 6.11(b) and (d). For both films, the same trend can
be observed where the oscillation amplitude continuously reduces with time. For the Ga-
rich layer, this leads to a reduction of about 90 % within the first 10 min. At this point, the
chemical resolution limit of the HAADF STEM image is reached, where the noise outweighs
the actual composition fluctuation. The measured HAADF STEM intensity difference can
also be translated into absolute values for the difference in Ga (or Al) composition between
the minima and maxima. This is done by using the known average composition values for
the Al- and Ga-rich layers and the corresponding determined intensity amplitudes C from
equation 6.1 as reference.

An equation linking the composition amplitude and diffusion length is necessary to ap-
proximate the diffusion coefficient for the superstructure interdiffusion. Therefore, it is as-
sumed the composition at the extreme points of the superstructure is only influenced by the
interdiffusion across the two closest interfaces located at either side with a distance ∆x. In
this case, the function for the amplitude of the superstructure can be described by

fss(xmax) ≈ C ∗ erf
(

∆x

L

)
∗ −erf

(
−∆x

L

)
= C ∗ erf

(
∆x

L

)2

(6.6)

Using equation 6.5 and the fact that fss(xmax) equals the amplitude of the sine fit A leads
to

A = C ∗ erf
(

∆x

2
√
Dt+ L0

)2

(6.7)

In Figures 6.11(b) and (d) fits of equations 6.7 are drawn with red lines. They describe
the development of the measured composition amplitude well. Based on these fits values for
the diffusion coefficients in the Al-rich and the Ga-rich areas can be determined, namely

DAl−rich = 1.2± 0.3× 10−18 cm
2

s
,

DGa−rich = 2.1± 0.4× 10−17 cm
2

s
.

So there is a difference of one magnitude between the determined diffusion coefficients
of the two areas and an intermediate value for the interdiffusion in the interface region.
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6 Interdiffusion in (Al,Ga)As Heterostructure

6.6 Discussion

In the literature, several factors are mentioned which can contribute to the wide spread of dif-
fusion coefficients at the same temperature. Bracht et al. found from isotope heterostructure
studies that the diffusion coefficient of Ga in an AlxGa1-xAs matrix depended on the compo-
sition x due to higher thermal equilibrium concentrations of vacancies in GaAs compared to
AlAs [53]. This could make a difference of about one order of magnitude. Further, it makes
a difference whether the change of interface profiles is mainly dominated by diffusion of Ga
or Al, with the latter generally contributing towards a larger coefficient [53]. The determined
diffusion coefficients in this work agree well with those for (001)-oriented heterostructures
shown in ref [53] and [20], especially for the Al-rich sample area. Another contribution
that has to be kept in mind is the density and charge state of point defects, mainly vacan-
cies. These were shown to depend on the doping level and can strongly affect the measured
diffusion [20, 119]. This could explain the slightly higher than expected value of DGa−rich

(2.1 ± 0.4 × 10−17 cm2

s
compared to ≈ 1 × 10−17 cm2

s
) if there was a small influx of vacan-

cies or C-atoms from the coated surfaces. The comparability of results indicates that there
was little contribution of additional preparation-related mechanisms like surface diffusion.
Meanwhile, the low thickness of the specimen (some tens on nm in the observed area) al-
lowed the atomic resolution observation of the sample, which yielded interface widths with
a few Å resolution.

6.7 Summary

In this chapter is was demonstrated how in situ HAADF STEM can be utilized to directly
observe and quantify the interdiffusion in semiconductor heterostructures. This was per-
formed for an (Al,Ga)As nested heterostructure where the Ga- and Al-rich layers were each
realized by a short period superlattice with layers of a few nanometers. The results showed
that relevant interdiffusion started at 800 ◦C at which point a clear intermixing of the differ-
ent layers could be observed. This was expressed differently on the two length scales present
in the sample. For the short period superlattice, a reduction in compositional amplitude re-
sulted in a complete intermixing to uniform composition. An increased interface gradient
width was observed for the interdiffusion across the interface between a thicker film with
a greater compositional difference. From the micrographs diffusion coefficients between
D = 1.2±0.3×10−18 cm2

s
for Al-rich parts of the sample and D = 2.1±0.4×10−17 cm2

s
for

Ga rich layers were extracted. These values align with previous interdiffusion experiments
in the (Al,Ga)As material system. Furthermore, the big difference in the diffusion coeffi-
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6.7 Summary

cients for the Ga and Al-rich areas measured in the same specimen proves the influence of
the local alloy composition on the interdiffusion behavior.

To enable investigations of (Al,Ga)As at these temperatures above the sublimation point
for the high vacuum conditions inside the TEM, a new sample preparation routine was de-
veloped. This combined a hybrid approach of conventional thin-film polishing, argon ion
milling, and subsequent transfer via FIB with an encapsulation of the sample by carbon coat-
ing. Complementary investigations proved the effectiveness of the protective film. Without
coating, the formation of surface pits, especially in the Ga-rich region, is observed. The
preferential nature of this sublimation is particularly detrimental for the investigation of
interdiffusion phenomena because the HAADF signal can then no longer be viewed as a re-
liable measure of the composition. For the coated sample, the sublimation was limited to the
small exposed specimen surfaces at the sides. Therefore, it was shown that this is a viable
strategy for in situ TEM investigations of samples above their sublimation point.
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7 Phase Separation in Ga(Sb,Bi) Alloys

In chapter 2.4.2 the difficulty of growing III-V semiconductor alloys with a high fraction of
Bi and the tendency to segregate or form Bi-rich clusters was described. However, there is
much less research on the Ga(Sb,Bi) system compared to Ga(As,Bi). In ref [69] a Ga(Sb,Bi)
thin film sample with 6.2 % Bi has been repeatedly annealed inside the growth chamber at
450 ◦C under Sb flux, which first improved the crystal quality. However, after more than
two hours of annealing, degradation has been observed. A BF-STEM image of that sample
after three hours at 450 ◦C procedure is depicted in Figure 7.1(a). Besides a roughening
of the sample surface, also Bi-rich clusters (indicated by red arrow) could be observed as
confirmed by the EDX map depicted in Figure 7.1(b).

To investigate the phase separation process that leads to the emergence of Bi-rich clusters,
a similar thin-film sample has been investigated by in situ STEM. After describing the inves-
tigated sample, the HAADF STEM results showing Bi-rich cluster formation are presented.
Following this, the influence of the specimen surfaces on the observed cluster formation is
discussed.

Figure 7.1 (a) BF-STEM image of a GaSbBi thin film sample after annealing at 450 ◦C for three hours. (b) Bi
distribution obtained from EDX-mapping. The red arrow indicates the location of a Bi-rich cluster.
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7 Phase Separation in Ga(Sb,Bi) Alloys

7.1 Experimental Details

The sample investigated in this chapter consists of a 110 nm thick Ga(Sb,Bi) thin film with
a Bi content of ≈12 % on a GaSb(001) substrate grown by MBE at the University of Mont-
pellier [69]. The TEM specimen was prepared with a pure focused ion beam in situ lift-out
procedure instead of the hybrid preparation approach demonstrated in the previous chapter.
This has been necessary due to the vulnerability of GaSb to SEM radiation. Therefore, a
transfer of an already thin lamella caused damage because exposure to the SEM beam can-
not be avoided in this process. However, the thinning with the FIB can be performed after
transferring, thereby removing the damaged sample surface. The specimens presented in the
following are all prepared for TEM imaging along the [110]-direction. The heating of the
specimen was performed with a DENSSolutions Lightning D9+ holder. Small shifts and tilts
of the specimen during the heating required short alignment and refocusing after reaching
the target temperature, thus delaying the first image. Image acquisition during the in situ

experiments was performed by HAADF STEM as described in section 4.3.

7.2 Onset Temperature of Cluster Formation

Figure 7.2(a) shows HAADF STEM images of the lamella before annealing. Here, the
Ga(Sb,Bi) is visible as a film of 110 nm with a brighter contrast than the GaSb substrate. At
this point, it reflects a mostly homogeneous contrast except for a thin area close to the surface
which appears much brighter. As shown below, this is a region showing damage from Ga
implantation during FIB preparation. However, it can be deduced that before annealing, the
Bi is still homogeneously distributed inside most of the Ga(Sb,Bi) film.

The temperature was then increased stepwise and the sample was annealed at 100 ◦C (for
6 min), at 200 ◦C (for 7 min), at 300 ◦C (for 20 min), 350 ◦C (for 9 min) and at 400 ◦C (for
28 min). Up until 350 ◦C (see Figure 7.2(b)) there was a relatively small impact on the
specimen. While the bright area at the sample surface has disappeared, the contrast of the
Ga(Sb,Bi) layer remains relatively homogeneous. There are some diffuse bright patches vis-
ible. However, they are not limited to the Ga(Sb,Bi) film and, in many places, also cross
the interface without visible interaction. Therefore, they most likely only result from inho-
mogeneities on the surface of the TEM specimen while the film itself remained unchanged.
In contrast, after increasing the temperature to 400 ◦C, small bright spots started to appear
inside the Ga(Sb,Bi), indicating cluster formation. They all seem to have a relatively similar
size of 10 nm except for the one indicated with a red arrow, and they all show a roughly
round morphology. The seemingly larger and elongated clusters can, with a closer inves-
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7.2 Onset Temperature of Cluster Formation

Figure 7.2 HAADF STEM images of the TEM lamella at several stages of annealing. (a) Sample directly after
preparation of TEM lamella. A 110 nm of Ga(Sb,Bi) film is visible atop the GaSb substrate. The interface
is marked by white arrows. (b) After annealing at 350 ◦C the film still shows a homogeneous distribution
of Bi. (c) Bi clusters are visible after annealing at 400 ◦C.
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7 Phase Separation in Ga(Sb,Bi) Alloys

Figure 7.3 EDX maps of the sample after annealing. (a) Inverted BF STEM image of the investigated area.
Distribution of (b) Ge, (c) Sb and (d) Ga inside the film.

tigation of the contrast distribution, be identified as groups of multiple round clusters that
overlap in projection.

To determine the nature of the observed clusters, an EDX mapping of the same sample
area was performed. Figure 7.3(a) shows a BF STEM image of the mapping region with
inverted contrast for easier comparison with the previously shown HAADF STEM images.
Figures 7.3(b)-(d) show the EDX maps corresponding to Bi, Sb, and Ga, respectively. As
visible in Figure 7.3(b), there is an increased Bi signal at the locations of the bright spots in
the HAADF STEM images. Some of them are indicated with yellow/white arrows in Figure
7.3(a)/(b). This confirms that Bi(-rich) clusters have formed in the Ga(Sb,Bi) film when
heated above 400 ◦C

The single exceptionally large cluster in Figure 7.2(c) does not show up in the Bi map.
It is marked with a red arrow in 7.3(a). Instead, a strong signal in the range of the Ga
K-peak is detected at that location, as shown in Figure 7.3(d). Additionally, there is a high
concentration of Ga at the sample surface. This Ga-rich area coincides with the area of bright
contrast before the annealing in Figure 7.2(a). Therefore, it is concluded that the additional
Ga was already present in the surface region before heating and originated from the sample
preparation by FIB. Most likely, the protective carbon coating was not enough to prevent
the implantation of Ga. Bright contrast in HAADF STEM should generally correspond to a
high average atomic number Z, and Ga is the lightest atom in this material (ZGa=31, ZSb=51,
ZBi=83). Therefore, a relatively dark contrast would be expected for a Ga-rich area in the
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7.3 Time Resolved Observation of Cluster Formation

sample. However, there are also contrast contributions from crystal defects [120] which
could explain the observations. This also matches the observation that the contrast between
the surface region and the rest of the Ga(Sb,Bi) film reduces during annealing because the
defects created during implantation are cured, while the additional Ga remains.

7.3 Time Resolved Observation of Cluster Formation

In the following, the formation process of clusters is investigated in more detail with in situ

HAADF STEM. Figure 7.4(a) shows a series of HAADF STEM images taken during the
annealing experiment. The time passed since reaching 400 ◦C is noted in the label in the
bottom right of each image. In the first image, after 4 min at 400 ◦C, some clusters have
already formed, and they have the size of about 15 nm. In the following minutes, several
additional clusters emerge without the preexisting ones changing much in size. Red arrows
indicate this in two images for an exemplary cluster. The diameter of this cluster for all
images of this series is plotted in Figure 7.4(a). However, the contrast of the existing clus-
ters seems to increase, and the edges become more clearly defined. This also reflects in the
standard deviation of the HAADF intensity. Figure 7.4(b) shows how the relative deviation
(σrel) increases (the average intensity remains mostly constant) for the area indicated by a
dashed white rectangle. In order to reduce the high-frequency noise, the image was binned
by a factor of 16 before determining σrel. The graph 7.4(b) further shows that most of the in-
crease in composition fluctuations takes place till 8 min after reaching 400 ◦C. Further, a drift
of the clusters between two images is notable. There seems to be no particular directional
preference.

These results can be utilized to determine the mode of phase separation. The observations
fit the spinodal decomposition model much better than nucleation and growth [see Figure
2.2]. For the latter case, an apparent increase of the cluster diameters with time would be
expected. The slowing down of the clustering process also shows that some saturation is
reached towards the end. However, the EDX map in Figure 7.3(b) shows that there is still a
significant amount of Bi present in the matrix. Therefore, the spinodal decomposition could
limited by the volume strain resulting from increased Bi-ratios inside the clusters.

7.4 Discussion

When interpreting the results of the HAADF STEM image series, there are some experimen-
tal uncertainties that have to be considered. The most challenging of these is the relatively
weak contrast by the Bi-rich clusters. This stems from the fact that the difference in atomic
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Figure 7.4 (a) HAADF STEM showing the process of cluster formation when annealing at 400 ◦C. The time
since reaching the target temperature is shown in the bottom right of each image. (b) Black squares show
standard deviation of the HAADF intensity in the region indicated by a white rectangle. Red circles show
cluster size as indicated by the red double arrows in (a). The error bars are estimated uncertainties in
diameter determination.
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Figure 7.5 (a) BF STEM image of a thick lamella directly after preparation. (b) Sample after annealing at
400 ◦C. (c) Sketch showing the process of determination whether observed clusters are located at the
surface or inside the sample. (d) Sample after rethinning the specimen. Bi clusters are still visible.

number Z between Sb and Bi is small compared to, for example, As and Bi. Moreover, the
sample could not be thinned down to below ≈150 nm with the FIB. Therefore, it is diffi-
cult to determine the exact position and extent of the Bi-rich clusters, especially in the early
stages of phase separation and a change of the cluster size cannot completely be ruled out
for the first minutes, before they are more clearly visible. Further, to understand the process
of cluster formation, it is important to determine whether they form at the surfaces of the
specimen of the TEM specimen or inside the material. However, these surfaces are perpen-
dicular to the viewing direction, which makes this difficult to determine. An approach to
investigate this is depicted in Figure 7.5(a). First, a new sample is prepared with a relatively
high thickness of about 500 nm. This sample is then also heated inside the microscope while
being observed by STEM. After the emergence of clusters, the sample is cooled down again
and extracted from the microscope for an additional thinning process in the FIB device. This
removes all superficial clusters or droplets but retains some clusters inside the material. BF
STEM images of this are presented in Figure 7.5(b)-(d). Before annealing again, no clusters
can be observed inside the film (see Figure 7.5(b)). Again, there is only a damage layer
visible at the surface. After the heating procedure, cluster formation can be again observed
inside the Ga(Sb,Bi) film (see Figure 7.5(c)). However, due to the large sample thickness,
they are strongly blurred and only give the impression of a general inhomogeneity of the
Ga(Sb,Bi) contrast. Further, Ga-droplets can be observed inside the protective carbon layer
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at the specimen surface. Figure 7.5(d) shows the sample after the second thinning. Due to
the reduced thickness, the contrast is now much clearer and still shows Bi-clusters. The Ga-
droplets, on the other hand, are no longer present. This shows that Bi-clusters appear inside
the material and are not dependent on the surfaces introduced by TEM sample preparation.

7.5 Summary

The investigation of phase-stability-related phenomena is a field where in situ TEM can offer
valuable insights that are otherwise difficult to obtain. Here, HAADF STEM was utilized to
in situ observe the formation of clusters in a Ga(Sb,Bi) thin film with a high Bi content of
≈12 %. It was shown that the film stays in its metastable configuration up to temperatures of
350 ◦C. At 400 ◦C the emergence of Bi-rich clusters could be identified by HAADF STEM
and complementary EDX. The exact composition and lattice structure of these clusters has
not been investigated. The constant size and increasing contrast of the clusters indicate
that the formation mechanism was spinodal decomposition. Further, the phase separation
was found to reach a steady state which was most likely limited by strain. Therefore, the
phase then reaches a steady state where the energy loss from separation equals the increase
due to compressively straining the cluster. It was also investigated whether the additional
sample surfaces had a significant effect on the cluster formation. To that end, specimens
were thinned down a second time after annealing them inside the TEM. It was found that
clusters remained, proving that they also formed relatively far away from the surface.
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8 Solid Phase Epitaxy of Ge on Fe3Si

This chapter presents in situ investigations of the solid phase epitaxy (SPE) of Ge on cubic
Fe3Si to determine the influence of the interdiffusion and the epitaxial constraints thereon.
In section 2.4.3 it was described how this resulted in a metastable phase of layered FeGe2 in-
stead of pure cubic Ge for samples annealed inside the MBE chamber. In situ TEM provides
the ideal tools for the investigation of SPE. It offers the means to directly observe the evo-
lution of epitaxial growth in real space and cross-section geometry. Further, it enables the
investigation of the transition kinetics for time- and temperature-dependant processes. Es-
pecially, it will be shown in the following that in situ TEM makes it possible to observe the
development of a novel metastable intermediate phase that would be otherwise inaccessible.

First, the difference between these two phases will be described based on HAADF STEM
micrographs. Then, a thorough investigation of the sample before applying heat is presented.
The following in situ annealing experiment is analyzed in three parts: The onset of crystal-
lization, the evolution of the growth rate, and the disorder-order transition observed in the
later stages of annealing. Then, the resulting structure is investigated in more detail. Further,
a different structure resulting from rapid thermal annealing is explored and compared to the
film obtained from the slower annealing over several minutes. Last, the influence of the
experimental setup, in particular the electron beam and the hybrid sample preparation, was
evaluated. Parts of the presented results have been published in [121] and [122].

8.1 Experimental Details

The samples investigated in this chapter were grown by molecular beam epitaxy (MBE)
as described in ref [72]. They consist of a film of epitaxial cubic Fe3Si on a GaAs(001)
substrate followed by a film of amorphous Ge (a-Ge). The nominal thickness of the Fe3Si
was varied between 3 nm and 38 nm, that of a-Ge between 5 nm and 12 nm.

For the preparation of TEM specimens, the hybrid preparation approach described in
section 5.3 was chosen to enable atomic resolution and to minimize the influence of surface
damage to the crystallization process. In situ TEM investigations and nanobeam diffraction
were performed on a JEOL JEM 2100F. For STEM and EDX, a JEOL ARM 200F was
utilized. The heating of the specimen was performed with a DENSSolutions Lightning D9+
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Figure 8.1 Schematics of the temperature profile for (a) slow heating with continuous refocusing and (b) fast
heating with subsequent refocusing step. The time frames for alignment of the microscope and sample
orientation, for refocusing and with HRTEM recording near the Scherzer focus are indicated in red, yellow
and green, respectively.

holder. Schematics of the employed temperature profiles are depicted in Figure 8.1. The
main difference is the heating rate before reaching the target temperature for investigation.
The profile depicted in Figure 8.1(a) shows the example of a slow heating rate where the
sample can continuously be refocused. This was used for the investigation of the initial
crystallization. For the profile depicted in Figure 8.1(b) the heating rates are much faster,
to directly reach the target temperature. This requires a short refocusing step at the target
temperature to correct the sample drift during heating. Further, for this procedure alignment
of the microscope system can be performed at elevated temperatures which were previously
shown to not change the sample. This reduces the drift and specimen tilt when continuing
the heating to the target temperature. In either case, HRTEM recording as described in
4.3 was performed during the whole temperature ramp but only the images after refocusing
could be used for analysis (time frame indicated in green). Small shifts and tilts of the
specimen during the heating required short alignment and refocusing after reaching the target
temperature. All of the presented TEM images were recorded along the [110] zone axis
orientation.

8.2 Observed Metastable Phases of FeGe2

As will be described in more detail in section 8.4.3, a phase transformation between to
metastable phases of FeGe2 has been investigated in this work. A similar transition with
an intermediate crystallization and subsequent rearrangement into a layered phase has been
observed for the FeSi2 alloy. This material too shows epitaxial crystal structures differing
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Figure 8.2 HAADF STEM images of the (b) disordered and (c) vacancy ordered structure of FeGe2 observed
in the [110] direction. Colored dots indicate the atomic stacking order. Atomic models of the (a) disordered
and (d) ordered phase of FeGe2 observed in the [110] direction. Figure published in [122]

from the bulk phase [123–127]. In particular, the α-phase of FeSi2 is interesting as it is
comparable to the layered FeGe2 structure [128]. In bulk materials, this phase is only stable
at above 920 ◦C, but it can also be observed at room temperature (RT) when stabilized by a
Si substrate [123, 125, 126]. Further, for epitaxial systems, there exists a metastable cubic
phase with CsCl structure and an occupation of Fe sites of 50 %. When annealed, this
structure then transforms to the α- or β-phase, which are also observed in bulk materials
[123, 126]. As will be shown later in the chapter, FeGe2 forms a comparable phase with
random occupation of the Fe/vacancy sublattice. In the following, this layered phase will be
called ordered FeGe2, and the intermediate step will be called disordered FeGe2.

HAADF STEM images of both phases are depicted in Figure 8.2. The structural model of
the CsCl-like disordered FeGe2 in Figure 8.2(a) can well describe the image contrast in Fig-
ure 8.2(b). Viewed in the [110] direction, alternating atomic layers of Ge and Fe/vacancies
are visible. In contrast to this, the ordered FeGe2 phase in Figure 8.2(c) shows a clearly
visible periodically arranged dark line contrast in the vacancy layers.

8.3 Characterization of the Initial Structure

For dynamic experiments, it is essential to precisely characterize the starting conditions
to be able to recognize and classify changes resulting from applied stimuli. Figure 8.3(a)
shows a HAADF STEM image of a sample with the thinnest investigated Fe3Si film and
nominally 12 nm of a-Ge, in the following called SPE 1. The HAADF STEM imaging
mode was chosen because it offers the most reliable projection of the local crystal lattice.
In this mode, the image contrast is mainly determined by the atomic number, and the local
thickness of the sample [76, 129] enabling the discrimination of different material layers and
even the occupation of individual atomic columns. Moreover, crystalline material observed
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Figure 8.3 (a) HAADF STEM image of the sample SPE 1 before annealing.. A 10 nm thick film of amorphous
Ge is visible atop 3 nm of Fe3Si. At the interface region a thin film of disordered FeGe2 has already formed.
(b) Integrated line scan along the black arrow, including only every 2nd atomic plane. A magnified section
of the image in (a) is depicted to the left (c) EDX line scan showing the distribution of Fe and Si across the
interfaces. Figure published in [122]

along a zone axis results in a brighter contrast compared to the corresponding amorphous
material due to the channeling effect [130]. These imaging properties make it possible to
clearly distinguish the three different compositions, structures, and phases in the observed
heterostructure.

In this regard, the lower part of Figure 8.3(a) shows the GaAs wafer along the [110] zone
axis, the bright material in the center corresponds to the epitaxially aligned Fe3Si quasi sub-
strate. On top, the film of a-Ge can be recognized by the relatively dark contrast without the
appearance of periodic lattice planes or crystalline nanoclusters. The Fe3Si has the expected
thickness of 3 nm and forms a coherent and morphologically abrupt interface to the GaAs
substrate, including double atomic steps. Further, the center of the Fe3Si film reflects the
characteristic ordered DO3 structure with darker spots for Si columns and a brighter one for
the heavier Fe [131]. Towards the upper and lower interfaces, the DO3 ordering becomes
imperfect, and the crystal structure changes to the less ordered B2-type, indicating a distur-
bance in the ordering that is possibly caused by Fe interdiffusion and vacancy generation.

The a-Ge film has a thickness of 7-8 nm, due to the topmost part having intermixed with
the epoxy during sample preparation. Remarkably, a thin layer of already crystallized mate-
rial is visible at the interface to the Fe3Si. Figure 8.3(b) shows an intensity line scan across
the interface at the location of the black arrow integrated over 20 atomic columns in com-
bination with a magnified image of that area. For the integration, only every second atomic
plane is considered to get a result that resembles a line scan across a single atomic row but
with an improved signal-to-noise ratio. Here, each atom column can be clearly resolved as
a separate peak with an intensity dependent on the mass-thickness. The overall intensity
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8.3 Characterization of the Initial Structure

Figure 8.4 HRTEM images of sample (a) SPE 1 and (b) SPE 2 before annealing. The white dashed lines
indicates the interface between the Fe3Si and the Ge. In (a) some crystalline material can be observed
above that line, while (b) all the observed Ge is amorphous.

slope across the Fe3Si layer stems from thickness variations of the TEM sample, but still,
the atom columns containing Si, Fe, or a mix thereof at the interface regions can be distin-
guished (note the difference in contrast between the Si and the Fe columns in the center of
the Fe3Si). Atop the Fe3Si, there is a continuous bright atomic layer with a HAADF STEM
intensity indicative for pure Ge (contrast difference to Fe similar to that between Fe and As
on the other interface). Above that, some more faint atomic planes are visible with a spacing
of 2.5-3.5 Å. The EDX line scan in Figure 8.3(c) shows the distribution of Fe, Si, and Ge
along the heterostructure. Black dashed lines indicate the location of the original interfaces.
In comparison to Si, Fe has strongly diffused out of the Fe3Si film into both directions. Es-
pecially in the crystallized part of the Ge-film (recognizable here from the bright contrast
in the HAADF STEM to the left of the EDX line scan), there is a significant amount of Fe.
This, together with the structure of the Ge atomic columns, indicates that the observed crys-
tallized film is already in the disordered FeGe2 phase rather than the zincblende structure of
pure Ge. However, the faint HAADF signal on the locations of the Fe/vacancy sublattice
could hint at an occupation of less than the 50 % shown in Figure 8.2(a-b). Apart from that,
no Fe signal is detectable in the still completely amorphous part of the Ge. It can therefore
be assumed to be pure a-Ge still.

To investigate the early stages of the SPE process, a sample without preexisting crystal-
lized material is needed. For this reason a second specimen (SPE 2) with a Fe3Si film of
38 nm and nominally only 5 nm of Ge is studied. This sample showed no crystallization
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Figure 8.5 Snapshots of the video recording for in situ annealing at 240 °C taken at (a) 1 min, (b) 4 min, (c) 7
min, (d) 10 min after reaching the target temperature. The white arrow marks the location of the Ge/Fe3Si
interface. The growing crystalline film shows epitaxial alignment in both [001] and [11̄0] direction, as indi-
cated with blue and yellow lines. Further, the growth front of the crystalline film shows some monoatomic
steps indicated here with red lines.

inside the Ge film before annealing. However, the contamination of the topmost 2-3 nm of
the Ge film can also be observed here, leading to an effective pure Ge film thickness of only
2-3 nm. HRTEM images of the two samples are juxtaposed in Figure 8.4.

8.4 Real Time HRTEM Observation of SPE

The phase transformation process observed in this SPE experiment can be separated into
three steps. First, the nucleation initiating the crystallization of the Ge-rich film. Second,
the continued growth of this crystalline phase into the a-Ge. Last, a transformation of the
already crystalline FeGe2 into a layered structure.

8.4.1 Initial Crystallization

For the characterization of a crystallization process, the nucleation phase is critical. To
investigate this, the above-described sample SPE 2 was slowly heated to 240 °C, kept at that
temperature, and then cooled down again, each taking 10 min. During this whole procedure,
the sample was observed with HRTEM, and a video was recorded. Figure 8.5 presents a
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8.4 Real Time HRTEM Observation of SPE

Figure 8.6 Snapshots of the video recording for in situ annealing at 300 ◦C taken (a) directly after reaching
the target temperature, (b) after 10 min and (c) after 20 min. The white arrow indicates the location of the
initial a-Ge/Fe3Si interface and the red double arrows show the thickness of the crystalline layer. (d) Graph
showing the square root shaped time dependence of the growth at the location of the red double arrow.

set of snapshots from that video showing the interface region at different growth times after
reaching the target temperature. No change could be observed during the heating phase
and the first 4 minutes. After that, the growth of a thin film of crystalline material can be
observed at the interface between the Fe3Si and the a-Ge, which is marked with a white
arrow at the same position in all images. The crystallized material is observed to directly
form a continuous film as opposed to separated islands. At 7 min and more clearly after
10 min of annealing, the lattice planes of the growing crystalline film can be resolved and
show epitaxial alignment with the Fe3Si in both [11̄0] and [001] direction as indicated with
yellow and blue lines. Further, after nucleation, the film is observed to retain the smooth
surface with a large number of mono-atomic steps (indicated by red lines) at the growth
front, indicating a 2D growth mode.
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Figure 8.7 (a) BF-STEM image recorded during the EDX mapping. (b-d) Elemental EDX maps of Fe, Ge and
Si, respectively. The black dashed line between the images indicates the Fe3Si/FeGe2-interface.

8.4.2 Relationship between Crystallization and Atomic Diffusion

After the nucleation process, the crystalline phase continues to grow layer by layer. There-
fore, the thickness of the resulting film can be tracked as a function of time to obtain insight
into the kinetics of the a-c phase transition. To this end, sample SPE 2 was annealed at
300 ◦C for about 42 min. HRTEM images of this sample at different annealing times are
presented in Figure 8.6(a)-(c). At the start of the video recording at time t0 several atomic
layers of crystalline material are already present above the Fe3Si/Ge interface indicated by
a white arrow. At this point, the film thickness is already sufficient to recognize that the
structure again does not correspond to the diamond lattice expected for pure Ge. Instead, the
observed contrast resembles the pre-crystallized film observed in sample SPE 1 [c.f. Figure
8.4(a)]. This means that disordered FeGe2 directly forms upon annealing without there being
pure crystalline Ge first. In Figure 8.6(a)-(c), an increasing film thickness can be observed
as indicated by the red double arrows. When the film thickness is plotted as a function of
time [c.f. Figure 8.6(d)] there is a clear non-linear behavior, which is not expected for a pure
local rearrangement process. In fact, the observed growth rate can be fitted very well with a
square root function. This indicates that diffusion plays a major role directly in the forma-
tion of the crystal lattice (see 2.1.1). Again, this is in agreement with the observation of Fe
in the crystallized film in Figure 8.3(b). If the diffusion happened after the crystallization or
independently, a constant rate and consequently a linear increase in film thickness would be
expected. Therefore it can be deduced that the diffusion of Fe into the a-Ge film reduces the
required energy for the crystallization at the interface, which then forms disordered FeGe2.

84



8.4 Real Time HRTEM Observation of SPE

This conclusion can be confirmed by the EDX investigation of the sample SPE 1 after
the annealing experiment as depicted in Figure 8.7. The BF STEM image in Figure 8.7(a)
shows a crystalline film of disordered FeGe2 layer with a thickness of about 3 nm. Atop this,
reaching just to the edge of the image, there is still a film of a-Ge left. When looking at
the EDX maps it is remarkable that a significant amount of Fe is detected in the disordered
FeGe2 but close to no signal extends into the a-Ge film [cf. Figure 8.7(b)]. This again shows,
that there is a strong connection between the crystallization and the diffusion of Fe into the
a-Ge film. Further, the maps show that long range diffusion of Ge and Si does not seem
to play a major role in the crystallization process. Both materials are still homogeneously
distributed in their initial positions [cf. Figures 8.7(c-d)].

8.4.3 Disorder-Order Transition

When the annealing was continued at 350 ◦C, a change in the structure of the crystallized film
is observed as presented in Figure 8.8. At the start of the image series, a 2 nm thick film of
the disordered FeGe2 crystal is visible on the Fe3Si. At this point, the FeGe2 crystal contrast
is characterized by a strong (002) periodicity, as indicated by the array of white arrows.
The corresponding (002)-spot is also strongly visible in the FFT inset in the bottom right
corner. After 9 min of heating [c.f. Figure 8.8(b)] already a significant growth of the FeGe2

film is visible, showing the expected increased crystallization rate at a higher temperature.
Additionally, a strong change in the HRTEM contrast of the film can be observed. The strong
(002) periodicity disappears and after 27 min in Figure 8.8(d) is replaced by a longer 0.58 nm
contrast modulation. In Figure 8.8(f) this is indicated with an array of white arrows. An
FFT of the image at this time shows additional spots at the (001) and (001) positions. This
observation conforms with the formation of the layered structure depicted in Figure 8.2(c-
d). For the in situ experiment presented in Figure 8.8 the ordering seems to be imperfect.
The layered structure can not be observed continuously along the film but is only visible in
patches. Further, there are irregular-shaped dark contrast areas all over the crystallized film.
These indicate a bending or distortion of the lattice in those areas.

To obtain more insight into the nature of this ordering transition and the structure of the
intermediate state, it was further investigated on the sample SPE 1 which offers a thicker
a-Ge film. For this experiment the temperature was ramped up from room temperature (RT)
to 300 ◦C within 60 s, held there for 60 min and cooled down to RT again for 60 s. The
lower temperature compared to the prevous experiment was chosen to limit the sublimation
and redeposition of GaAs from the substrate which causes rough surfaces and consequently
strongly degrade the HRTEM image quality (see chapter 6). Figure 8.9 shows HRTEM
images of this annealing experiment at several different points in time after reaching the
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Figure 8.8 Snapshots of the video recording for in situ annealing at 350 ◦C. The time after reaching the target
temperature is indicated in the top right corner. The change from a (002) periodicity in image (a) towards
a (001) periodicity in image (f) is indicated by white arrows. FFTs of the films are depicted as insets in the
bottom right corner and the (00l) spots are indicated by blue arrows.
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Figure 8.9 The depicted images show snapshots of an in situ annealing experiment at 300 ◦C. (a) Image after
just reaching the target temperature, after 15 min, after 30 min, after 45 min, and after 60 min at 300 ◦C. The
yellow dashed line indicates the transformation front of the vacancy ordering, and the black arrows indicate
the periodic layers. (b) The thickness of the different layers in the center of the images is plotted against
annealing time. Models showing the atomic structure of the disordered and ordered phase are depicted next
to the respective lines in the plot. Figure published in [122]
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target temperature.

At the beginning of the in situ recordings directly after reaching 300 ◦C, a thin FeGe2

layer has already crystallized at the Ge/Fe3Si interface, while the rest of the Ge is still in the
amorphous state. This means that heterogeneous nucleation occurs whereby the crystallized
region appears as a thin, coherently grown epitaxial layer, with the crystal structure showing
no sign of the vacancy ordered FeGe2 phase.

After 15 min annealing, a large part of the Ge film has transformed to the crystalline
disordered FeGe2 phase. At the same time, in the preexisting FeGe2 film near the interface to
the Fe3Si, the occurrence of a periodic modulation in the HRTEM contrast becomes visible
[indicated by short black arrows in Figure 8.9(a)], which is characteristic for the emergence
of the vacancy ordered FeGe2 structure.

Within the next 15 min, the amorphous film has completely crystallized. The remaining
amorphous material near the surface results from the epoxy adhesive. The ordered area of
the FeGe2 layer has also slowly expanded further in a layer-by-layer-like manner. During the
next 30 min, this process continues until nearly the entire FeGe2 film is in the ordered phase.
The transformation front is marked by yellow dashed lines in Figure 8.9(a). The layer-by-
layer nature of this disorder-order transition indicates a higher in-plane than out-of-plane
transformation rate.

Figure 8.9(b) summarizes the results of the kinetics of the amorphous-crystalline (blue
triangles) as well as the disorder-order phase transformations (black squares) by plotting the
thickness of the respective newly formed phases as a function of time. In agreement with
the findings presented in Figure 8.6, the crystallization kinetics can be described by a square
root time behavior d ∝

√
Dt. After about 30 min, the amorphous phase is almost exhausted.

The graph in Figure 8.9(b) shows that the thickness of the crystalline layers starts to slightly
reduce after this point. This can be attributed to a rearrangement of the front morphology by
flattening the sample surfaces towards extended (001) terraces.

Not only the a-Ge film is transformed in this process. There is a one unit cell reduction
in thickness of the Fe3Si during the early crystallization of the a-Ge. This means that the
FeGe2 phase does not only grow into the a-Ge but also the Fe3Si quasi-substrate due to the
interdiffusion of Fe and Ge. As a consequence, an additional FeGe2 layer is formed at the
interface. The second phase transformation (i.e. the ordering), however, is not obviously
accompanied by a further Fe3Si thickness reduction. Therefore, it is concluded that no
significant persistent diffusion of Fe into the crystallized film is necessary for the transition
to the ordered structure. This fact is in agreement with the assumption that the disordered
phase already has the FeGe2 stoichiometry.

On the other hand, the kinetics of the disorder-order phase transformation shows a much
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Figure 8.10 (a) HAADF STEM image of the TEM sample after in situ annealing. The vacancy ordered
structure of FeGe2 is clearly visible. The Green and orange dots on the left side of the image indicate the
stacking of Fe and Ge. (b) Line scan across the interface at the location of the black arrow in (a) in front
of the magnified image section. A magnified image section and a ball model of the structure is depicted on
the left with green balls for Ge, orange for Fe, and blue for Si. Figure published in [122]

slower course than the crystallization, except for the start of the annealing, where the pre-
crystallized film rapidly changes to the ordered phase. This transition continues after the
crystallization process has finished until only a few atomic layers without the ordered struc-
ture remain after 60 min.

8.5 Structural Analysis after Annealing

8.5.1 Resultant Vacancy Ordered Structure

After the in situ annealing experiment, i.e., cooling down to RT, the sample has been fur-
ther analyzed using HAADF STEM as shown in Figure 8.10(a). This image shows a 3 nm
film consisting completely of ordered FeGe2. Figure 8.10(b) shows a magnified section of
the FeGe2 next to a crystal structure model to the left and an integrated line scan over the
area indicated with a black arrow in Figure 8.10(a). According to the layered tetragonal
structure of the FeGe2, there is a periodic stacking sequence along the [001] direction with
Ge-Fe-Ge triple layers followed by a vacancy layer with larger spacing, respectively. The
observed structure shows excellent agreement with the structural model on the left side of
the Figure [73]. Additionally, the clearly distinguishable peaks in the line scan can be at-
tributed to positions of Ge (Z=32), Fe (Z=26), and vacancies. This makes it possible to
compare the lattice spacings of Ge layers across vacancy layers and layers filled with Fe
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atoms. Here, we measure (0.25± 0.01) nm in the former and (0.29± 0.01) nm in the latter
case. This (0.049± 0.010) nm difference between filled and empty layers is slightly larger
than the value reported in ref [73] by a little more than the error margin. Possibly, this can be
explained by a more complete ordering of the Fe/vacancy sublattice in the present sample.

The interface between the Fe3Si and the FeGe2 is not perfectly sharp due to interdiffu-
sion, but along most of the interface, the Fe3Si is capped with Ge followed by a vacancy
layer and the ordered FeGe2 [cf. model in Figure 8.10(b)]. However, the first vacancy
layer need not necessarily be completely emptied of Fe atoms, which can lead to shifts of
half a unit cell in the stacking order (see Figure 8.12). Further, there are some locations
where the ordering of vacancies is disturbed, as depicted in Figure 8.11(a), which shows a
HAADF image that is Fourier filtered to make the vacancy ordering more directly visible.
In the central part of the image, the ordering process does not seem to have occurred. In-
stead, Fe and vacancies randomly share the sublattice as depicted in the atomic model at
the top of Figure 8.11(a). The difference between the center and the edges of the depicted
section becomes apparent when looking at the intensity line scan along the red and blue
arrow shown in Figure 8.11(a). While the blue line again shows the three distinct intensity
levels for a vacancy, Fe and Ge, the red line varies only between two intensities, i.e., Ge
and Fe/vacancy. Interestingly, these disordered sections reflect a bulging. This demonstrates
that the observed second phase transition consists of more than just a rearrangement of the
Fe and the vacancies. Also the Ge lattice transforms, from equidistant (001) planes with a
spacing of (0.28± 0.01) nm to (0.25± 0.01) nm across vacancy layers and (0.29± 0.01) nm
for Fe filled layers. This means that the spacing of two subsequent Ge-layers in the ordered
structure is 0.02 nm smaller compared to two layers of the disordered one. Due to the epi-
taxial interface’s coherent nature, an effect on the in-plane lattice spacing is not observed.
However, due to the expected larger lattice constant of the disordered crystal [73], the asso-
ciated strain could stimulate the phase transition if that reduced the mismatch towards the
Fe3Si. This would explain why the transformation starts at the interface. Further, the strain
at the interface region between the ordered and disordered region could cause a much faster
in-plane transformation rate resulting in the layer-by-layer-like transition.

8.5.2 Stacking Mismatch Boundaries

As already mentioned, there are some areas of the sample where there is Fe already in
between the first two Ge layers, while most of the film starts with an empty layer after the
first Ge. At the edge of two of those domains, this can lead to a stacking mismatch boundary
(SMB) where the ordering between vacancy and Fe layers is shifted by half a unit cell. One
example of a region with two closely spaced SMB is depicted in Figure 8.12(a). It shows a
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Figure 8.11 (a) Fourier filtered image, showing a small section of disordered FeGe2 surrounded by the layered
phase as indicated by green and orange dots. (b) The layered structure of FeGe2 observed after vacancy
ordering. (c) Intermediate structure with no ordering of Fe and vacancies. (d) Intensity line scans along the
red and blue arrows in (a). Black arrows indicate the position of Fe peaks. Figure published in [122]

91



8 Solid Phase Epitaxy of Ge on Fe3Si

Figure 8.12 (a) HAADF images of the sample after the annealing experiment presented in Figure 8.9. The
black arrows indicate the position of vacancy layers, which shift by half a unit cell at the red dashed lines,
forming antiphase boundaries. (b) Magnified image of the section marked with a black dashed line in (a).
Again, black arrows indicate vacancy layers. Additionally, the atomic order on both sides of the stacking
mismatch boundary is indicated by green and orange dots. Figure published in [122]

HAADF STEM image of the sample after annealing inside the microscope. In the image, the
position of vacancy layers is highlighted by small black arrows, and the approximate location
of the SMBs are indicated with a red dashed line. To show this in more detail, a magnified
view is depicted in Figure 8.12(b) of the area marked with a black dashed rectangle in (a).
Here, the location of vacancy layers is again indicated by black arrows. Additionally, the
stacking of Ge and Fe layers is also indicated by green and orange dots. Towards the sides
of the image, the Fe and vacancy layers can clearly be distinguished, and the iron columns
can be separately resolved. However, this is not the case in the center of the image, where
the stacking order changes from one side to the other. Contrary to the case in Figure 8.11
there is no visible bulging of the lattice. Instead, the Ge-lattice planes seem slightly smeared
out in (001) direction, but the average distance is the same as in the sections showing the
perfectly ordered contrast. This indicates that the stacking mismatch boundary is probably
inclined relative to the viewing direction, and in the center, we see a projection through both
domains.
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Figure 8.13 (a) HAADF STEM image of the sample after stopping the annealing before the vacancy ordering
was completed. (b) Fast Fourier transformation of the image in (a). The blue and red circles indicate two
sets of superstructure spots. (c) Mask for filtering of one orientation of the superstructure. (d) Image section
of the inverse Fourier transformation of the spots selected in (c) at the location indicated by a white dashed
square in (a). (e) Unfiltered HAADF STEM image of the section shown in (d).

8.5.3 Intermediate Structure

To more closely investigate the intermediate structure without vacancy disordering, an fresh
specimen of SPE 1 was annealed at 300 ◦C. However, the sample was this time cooled down
again to room temperature after 25 min before the vacancy ordering happened in most of the
film. To ensure this, the sample was observed with HRTEM during the annealing process.
This state could then be more closely investigated by HAADF STEM as depicted in Figure
8.13(a). An about 3.5 nm thick film of crystallized FeGe2 is visible atop the Fe3Si. At this
point, there is no clear separation of Fe and vacancies into separate layers. Only in the
layers closest to the quasi-substrate, there is an intensity difference demonstrating a partial
transformation to the vacancy layered phase.

As previously described in Figure 8.2, the observed image contrast can be well described
by a CsCl-like structure. However, some distortions of the lattice from this simple structure
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Figure 8.14 HAADF STEM image of a small section from Figure 8.13. Small arrows indicate the displacement
of the Ge atoms due to the superstructure. Black circles mark the increased signal at the Fe locations where
the neighboring Ge atoms are further apart.

can be observed. As shown in Figure 8.13(b), additional spots indicated by blue and red
circles are visible in a Fourier transformation of the image, which points at a superstructure.
By comparing different regions, it was found that the blue and red-marked superstructure
spots result from different grains. If only a single set is selected as indicated in Figure
8.13(c) for a Fourier filtered image, the nature of this deviation from the perfect cubic lattice
becomes more apparent. A filtered image of the region marked with a white dashed line
containing a grain of this superstructure orientation is depicted in Figure 8.13(d). Due to
not selecting the (002)-spot, there is no different intensity between the Ge and Fe/vac layers.
While clear shifts of atoms from their position in the (1̄10)- and (001)-planes are visible, the
(1̄11)-planes are perfectly straight. However, there seems to be a superstructure with three
alternating (1̄11)-planes, which are each slightly shifted relative to each other but remain
equidistant. When comparing this to the unfiltered image of the same section in Figure
8.13(e), it is apparent that this superstructure is independent of which atom is located at
each position.

In addition to shifting the (1̄11)-planes, the superstructure also reflects in the intensity of
the HAADF STEM signal at the Fe/vac lattice positions as depicted in Figure 8.14. Here,
the projected directions of the Ge lattice position shifts are indicated with blue and green
arrows. At every third Fe/vac location, the Ge on either side is shifted away, leaving a larger
space in between. As indicated by black circles, there is a stronger HAADF STEM signal at
those positions, indicating a larger concentration of Fe versus vacancies. Therefore, it can be
concluded that the observed intermediate structure is not entirely disordered on the Fe/vac
sublattice but has preferred locations for Fe.

The distribution of domains of this intermediate superstructure becomes more clear when
looking at a wide section of the film as presented in Figure 8.15(a). The domains with
superstructures along the (1̄11) and (11̄1)-planes are indicated in blue and red, respectively.
To show the lattice modulations more clearly Figure 8.15(b) shows a Fourier filtered image
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Figure 8.15 (a) HAADF STEM image of a wider sample area than in Figure 8.13. Domains of the two possible
orientations of the superstructure are indicated in red or blue, respectively. (b) Fourier filtered version of
image (a) showing the lattice distortions more clearly.
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Figure 8.16 HAADF STEM images of the ordered FeGe2 structure after SPE inside the TEM (a) and the MBE
(b). Image in (b) is adapted from the supplementary information of ref [73].

where the mask was set as in Figure 8.13(c) but for both orientations at once. Clearly, the
superstructure domains do not form continuous films. Instead, they are arranged as small
patches of ≈5 nm size. There are also some locations of the FeGe2 were no superstructure
can be observed. Possibly, there are superstructures on the (111) and (1̄1̄1)-planes in those
locations. These are not visible for a sample viewed in the [110] direction, but are expected
to be present. The vertical blurred line in the center of Figure 8.15(b) is just an artifact
resulting from splitting the image before Fourier transforming it.

8.6 Discussion

8.6.1 Evaluation of the Effect of In Situ TEM Setup

As described in chapter 4.1.2 the effect of the experimental conditions always has to be taken
into account when evaluating the results of an in situ TEM annealing experiment. Notably,
the resultant ordered FeGe2 structure obtained by the in situ TEM experiment is in excellent
agreement with the structure observed after performing the annealing in the MBE chamber
directly after deposition [73]. HAADF images of the structure resulting from SPE inside
the microscope and the MBE are juxtaposed in Figure 8.16(a) and (b), respectively. There-
fore, it can be assumed that the diffusion process during structure transformation observed
in situ was not severely influenced by the specimen preparation. Especially there seems to
be little Ga implantation, which is also confirmed by EDX analysis. Further, the additional
surfaces do not change the strain state enough to prevent the stabilization of the P4mm struc-
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Figure 8.17 HAADF STEM image showing the difference between annealing under electron beam exposure
and without. The left side of the image was illuminated during annealing, causing the full phase trans-
formation. The crystallization on the right side is not complete, and there is also no vacancy ordering
observable, while on the left side, vacancy layers are indicated by black arrows.

ture of FeGe2. Areas of the sample, which were not illuminated during annealing, were also
investigated after cooling down to evaluate the high-energy electron beam effect on the ex-
periment. A HAADF STEM image showing the edge of the illuminated area is depicted
in Figure 8.17. A clear difference between the two areas can be observed. Where no elec-
tron irradiation was present during annealing, the crystallized film is significantly thinner
(2-3 nm compared to 4-5 nm). Further, there is also a film of a-Ge left in those regions, and
no vacancy ordering can be observed. This resembles the sample state after annealing only
a few minutes under the effect of the electron beam. There are several possible ways in
which the electron beam and the sample can interact [110]. The most likely factors in this
experiment are beam heating and atomic displacement forming interstitials and vacancies.
Both can explain an increased diffusion rate and, consequently, a faster rate of both observed
phase transformations. Further, the electron beam could excite charged states in point de-
fects which would again affect the diffusion behavior. However, it can be assumed that the
crystallization process proceeded only faster due to the beam exposure but not qualitatively
different because the results closely resemble those obtained from annealing directly in the
MBE. In total, the results underline the viability of the hybrid sample preparation approach
for the high-resolution investigation of planar heterostructures.
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Figure 8.18 HRTEM images of the sample (a) before and (b) after in situ RTA at 500 ◦C. The thickness of the
amorphous film is indicated in (a) and the red circles in (b) mark the position of dislocations in crystalline
film after annealing. (c) shows the temperature profile of the RTA (d) shows a magnification of one such
dislocation.

8.6.2 Comparison with Rapid Thermal Annealing

In order to limit the interdiffusion, RTA is oftentimes used when curing out crystal defects
or when performing SPE. As the MEMS-bases heating holder enables very fast heating and
cooling rates a similar temperature profile can be obtained inside the microscope. Therefore,
to see if diffusion could be limited for shorter annealing times, in situ TEM was performed
by heating from room temperature to 500 ◦C in 9 s and then directly cooling down at the
same rate. Figure 8.18 shows TEM images of the sample before (a) and after (b) this rapid
thermal annealing process. At first glance, the film was completely crystallized after this heat
treatment and showed an epitaxial alignment to Fe3Si layer, clearly visible in the magnified
view Figure 8.18(d). Upon closer inspection of the film, an irregular array of edge-type
dislocations with an apparent Burgers vector component of 1

2
[11̄0] became visible. These

dislocations were not located directly at the interface between the two materials but were at
different film positions, thus not providing optimal relaxation of strain. However, the large
number of about one dislocation every 5 nm demonstrates a high degree of plastic relaxation
due to the large lattice mismatch accommodation process. In this regard, it is also notable
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that no layered ordering of the thin crystalline film occurred during this RTA. Therefore, it
seems that at high temperatures the diffussion of Fe and formation of a Fe-Ge crystal can
occur very rapidly. However, the ordering of vacancies still takes much longer time. As this
layered structure was determined to offer a path to reduce epitaxial strain [73], the absence
of ordering would make the introduction of dislocations necessary in a high mismatched
interface. This result emphasizes the role that epitaxial strain plays in the formation of the
metastable compounds of FeGe2.

8.7 Summary

In this work it was possible to observe, with atomic resolution, the two-step phase transfor-
mation during the solid phase epitaxy of Ge on Fe3Si. The results show how interdiffusion
and epitaxial strain can lead to the formation of novel metastable materials.

The in situ HRTEM investigations showed, that the crystallization process was initiated
directly at the Ge/Fe3Si interface and proceeded from there layer-by-layer. It could be shown
that this first crystallization directly resulted in a metastable quasi-cubic form of FeGe2 with
a large population of vacancies instead of pure Ge. The following growth was then limited
by the diffusion of Fe to the crystallization front. After the growth of about 2-3 nm of
crystal a second phase transformation could be observed. This was shown to consist of a
rearrangement of Fe and vacancies on their shared sublattice resulting in a tetragonal layered
material.

Static HAADF STEM investigations of both phases revealed that this transformation also
affected the lattice spacings of the Ge sublattice leading to smaller distances across vacancy
and larger ones for fully Fe filled layers. In sum this was demonstrated to constitute a
reduction of the out-of-plane lattice constant. Strain minimization could therefore be the
driving force for the second phase transformation. Closer HAADF STEM investigations of
the intermediate phase revealed that this also contained an additional longer range ordering
with three non-equivalent slightly shifted (1̄11)-planes. In this regard also the distribution of
Fe on the Fe/vac sublattice was found to not be completely random but with a higher amount
of Fe in the sites where the distortion field pushes away the nearest Ge atoms.

The importance of strain and interdiffusion on the outcome of the solid phase epitaxy
event could also be proven by comparing the results with a rapid thermal annealing exper-
iment. There, the limited diffusion inhibited the formation of the layered FeGe2 structure
and the strain resulted in the introduction of a large amount of dislocations.

In total, the results of the in situ TEM investigations showed excellent agreement with
the product of performing the annealing inside the MBE chamber, proving the suitability
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8 Solid Phase Epitaxy of Ge on Fe3Si

of the hybrid sample preparation thin, high quality specimens with unmodified structure
and composition. Furthermore, the time-resolved observation as well as the more detailed
investigations at controlled points of the experiment lead to a significantly increased under-
standing of the involved processes. Especially, the investigation of the intermediate steps in
the structural transition process would have been impossible to observe without the unique
tools of in situ TEM.
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9 Conclusion and Outlook

The aim of this work is the application of in situ TEM to the study of diffusion-driven
solid-solid phase transitions with high spatial resolution and in real-time. Dynamic in situ

experiments offer the unique ability to observe the time evolution of condensed matter sys-
tems in semiconductor technology at high temperatures. This can yield knowledge about
fundamental atomic-scale mechanisms of structural transitions based on diffusion processes
and how it is influenced by phase stability and interfacial strain. The presented experiments
are the interdiffusion of an (Al,Ga)As a multilayered heterostructure, the phase separation
in a Ga(Sb,Bi) thin film, and the SPE of a Ge film on Fe3Si.

To realize this, a new method of sample preparation was developed that yields specimens
with less damage to the surfaces and contamination. This allows for improved control over
the experimental parameters as there is much less potential for the changes introduced dur-
ing sample preparation to influence the reaction of the specimen to the applied stimulus. On
top of this, a simple carbon coating procedure was established as an efficient way of protect-
ing the specimen sample during the in situ experiments and negating the effect of the high
vacuum conditions inside the TEM column.

For the investigation of the interdiffusion in (Al,Ga)As there have been two major chal-
lenges. First, the sample needed to be very thin to achieve a sufficient resolution for the
determination of interface profiles. For a sample that is too thick, the limited focus depth can
cause an overestimation of the real interface width. Further, effects like double diffraction
would prevent the linear relationship between the HAADF STEM signal and the compo-
sition. Using hybrid sample preparation, it was possible to obtain ultra-thin samples with
excellent surface and crystal quality. The second requirement came from the necessity to
heat the sample to very high temperatures of at least 800 ◦C in order to observe significant
interdiffusion. However, this temperature lies above the sublimation point of AlAs and even
further above that of GaAs in the high vacuum conditions inside the TEM column. This was
shown to cause the development of pits for clean specimen surfaces. This, combined with
the redeposition of material, leads to a significant roughening of the specimen and makes the
quantitative evaluation of the HAADF signal impossible. Using a carbon coating procedure
on the TEM specimens before transfer to the MEMS chips was proven to solve this issue.
Using this customized preparation procedure, it was possible to measure the effects of an-
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nealing at up to 800 ◦C using series of HAADF STEM micrographs. The extracted diffusion
coefficients of between D = 1.2±0.3×10−18 cm2

s
and D = 2.1±0.4×10−17 cm2

s
depending

on the local composition are in agreement with literature values and show the strong effect
the Al to Ga ratio has on the velocity of interdiffusion. The values are more than an order
of magnitude higher for the sample area with an average of 88 % Ga than for those with
20 %. This shows the strong effect of the alloy composition and the different contributions
of the diffusion coefficients of Al and Ga. In total, the ability to observe the interdiffusion in
different sample regions and at different compositions simultaneously proves the value of in

situ STEM for this kind of study. Especially, this could be extended to the investigation of
more complex device structures where the diffusion is not across a simple planar interface.

In a second case study, the phase separation of a dilute Ga(Sb,Bi) alloy was investigated.
Due to the large fraction of ≈12 % Bi, the heating of the sample resulted in the formation of
Bi-rich clusters, which give a clear contrast in HAADF STEM. The information in real space
and time from the micrographs could be used to reveal the mode of this cluster formation.
Due to the constant size but increasing contrast from the visible clusters, it could be de-
duced that they are formed by spinodal decomposition. This means that the as-grown alloy
was metastable only kept from separating by the limited diffusion at room temperature but
showed uphill diffusion when heated. Further experiments, with a specimen thinning step
after annealing, also showed that the clusters formed far away from the specimen surface,
indicating that the experimental results do not stem from the additional surfaces introduced
through thin film preparation.

The final study presented in this work is the SPE of Ge on Fe3Si. In this experiment,
the influences of elemental interdiffusion, phase stability, and interfacial strain could all be
observed and resulted in the formation of a metastable layered phase of FeGe2 that has not
been observed in bulk. The different steps of the phase transformations could all be observed
using in situ HRTEM, and the detailed structure at the different states was investigated in
more detail by HAADF STEM and EDX. In the early stages of crystallization in the Ge, it
could be observed that the nucleation happened at the interface to the Fe3Si. The growth
proceeded layer-by-layer, forming a film of FeGe2 with a structure similar to CsCl but with
a high amount of vacancies in the Fe sublattice. This crystallization process was shown
to be limited by the diffusion of Fe to the growth front and that no pure crystalline Ge
was formed. After the formation of 2-3 nm of this phase, a second transformation could
be observed to start at the interface to the Fe3Si. This consisted of rearranging the Fe and
vacancies on their shared sublattice into a layered tetragonal structure. Further, HAADF
STEM investigations of both phases revealed that this also affected the Ge lattice leading
to a reduced out-of-plane lattice constant and a difference in spacing across Fe-filled and
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vacancy layers. This lattice change indicates that strain minimization could be a driving
force for this second transformation after a certain film thickness. This is also supported by
the observation of a different distortion field in the vacancy disordered FeGe2 and by the
results of rapid thermal annealing, where a complete crystallization without the formation
of a vacancy ordered structure resulted in the introduction of a large number of dislocations.
Considering the critical role of strain and interdiffusion in the SPE process, it is remarkable
that the results of the in situ-annealing closely resemble those of performing the SPE inside
the MBE chamber. This indicates that, in the present case, the experimental framework of the
in situ TEM experiment does not affect the phase transition process more than by increasing
the effective temperature by radiative heating. The observations can therefore also be applied
to describing the SPE of the as-grown sample giving much additional information about the
intermediate phases and transitions that could not have been obtained by static measurements
after ex situ annealing.

The results of this work prove that, with suitable specimen preparation, it is possible to
observe many different structural transitions in semiconductor heterostructures by in situ

TEM. For future investigations, there are three pathways to build on this work. One would
be to apply the presented methods to the atomic scale observation of 3D device structures
or more complex interfaces between very different materials. The second option would be
to use the high resolution to observe the motion of point defects like vacancies by in situ

TEM. This could give insights into phenomena like void formation by vacancy clustering
or, similarly, precipitation of dopants. Further, the investigations could be extended by using
a different stimulus like electric fields to probe their effects on charged point defects or
dislocations.
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